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Abstract
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The design and development of new multifunctional materials that exhibit a combination of high
hardness and ductility, as well as a high corrosion resistance and thermal stability, is one of the
key challenges in the field of material science. The focus of this thesis is on the development
of novel multifunctional magnetron sputtered CrNbTaTiW–C based thin films. Carbon was
selected as an alloying element to investigate if it could modify the microstructure (via grain
refinement) and improve the properties (e.g. the hardness and ductility).

TaW-rich and near-equimolar high entropy alloys in the CrNbTaTiW system were selected
as starting points for this study. The latter alloys were predicted, based on empirical design
rules, to form a single-phase solid solution. In contrast, thermodynamic calculations showed
that the films at equilibrium should be composed of a mixture of several phases at temperatures
below 1100 °C.  Experimentally, however, a single-phase bcc structure was observed for the
deposited films and it was concluded that the films were kinetically and not entropy stabilised.
A hypothesis is that the kinetics during sputtering allow a ’direct’ phase selection by tuning the
process parameters and evidence of this was found in the HfNbTiVZr alloy system.

The CrNbTaTiW–C system is, however, complex and additional studies were carried out on
the W–C and TaW–C systems. All metallic films crystallised in a bcc structure with a <110>
texture and the column width of these films varied between 25 nm and 80 nm. The films were
very hard (~ 13 GPa), which was explained by the small grain size. A single-phase bcc structure
was also obtained upon the addition of 5-10 at.% carbon for all compositions except the near-
equimolar CrNbTaTiW. X-ray diffraction indicated a unit cell expansion, which was attributed
to the formation of a supersaturated solid solution. Additional atom probe tomography (APT)
studies on selected samples confirmed the formation of such solid solutions. The supersaturated
solid solution is not thermodynamically stable and an annealing study showed that heat treatment
yielded segregation and clustering of carbon at the grain boundaries. The addition of carbon had
a grain refining effect in the W–C system and the multicomponent CrNbTaTiW–C system. In
general, the addition of carbon increased the hardness, which was mainly caused by a reduced
grain size in line with the Hall-Petch relationship. Excellent mechanical properties of carbon
supersaturated films were further confirmed in pillar tests on W–C films, which showed very
high yield strength (~ 9 GPa) and no brittle fracture. The results show that carbon can be used
as a chemical approach to control the grain size and properties of these films.

Multicomponent carbides with a B1 structure were formed at high carbon concentrations (~
40 at.%). The microstructure of these films depended strongly on the process parameters and a
higher deposition temperature was found to increase the film density and hardness. The TaW-
rich carbide exhibited a very high hardness of ~ 35 GPa and excellent corrosion resistance.
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God made the bulk; 
surfaces were invented by the devil 
-Wolfgang Pauli 
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Introduction 

The development of humankind is closely related to the development of new 
materials. Many epochs are even named after the dominating materials, such 
as the Stone Age or the Iron Age. Around 200 000 years ago during the Pleis-
tocene, human started to use tools, which then mostly consisted of stones. 
With the start of the Holocene around 10 000 years ago, a rapid growth and 
development of civilisation started. This development led to a search for new 
materials. A change from stone-based to metal-based materials took place 
around 4000 years ago and started the metal ages, which are still ongoing.  

In more recent times, a big step in the development of humankind was the 
industrial revolution starting in the 18th century. One of the key factors ena-
bling this revolution was the access to a stable energy supply; steam engines 
later followed by electricity. The demand for more energy has increased and 
is today a major challenge with problems such as air pollution and global 
warming. The limitations of natural resources such as gas and oil combined 
with environmental requirements are the driving force for the development of 
more sustainable energy sources. Two important areas in energy-related re-
search today are; (i) development of alternative energy sources (non-carbon 
emitting) such as nuclear fusion and renewable energy and (ii) increased effi-
ciency and savings of available energy sources. In both areas, the development 
of new materials plays a crucial role. 

An exciting, new energy source is fusion energy. The main advantage of 
this process over fission (nuclear) energy is that the process is inherently safe 
and that the process only requires hydrogen as fuel instead of uranium and or 
plutonium. The technical capability of building a fusion reactor has been 
shown for small-scale fusion facilities, and currently the International Ther-
monuclear Experimental Reactor (ITER) [1] is under construction. Most 
structural materials for this reactor need to be developed from scratch since 
ITER is the first of its kind. The planned date for the first plasma to become 
available is 2025 and the planned date for ITER to become fully operational 
is 2035. It is, however, clear that materials used in fusion reactors need to 
withstand extreme conditions when facing the plasma that imitates the sun [2]. 
Tungsten (W) based materials are currently the best choice for plasma facing 
components. Other alternatives are W-based materials including a new type 
of alloys called high entropy alloys (HEAs), which may exhibit excellent ra-
diation resistance. Several of the alloys studied in this thesis may have direct 
applications in such fusion-related applications.  
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Another possibility to improve our access to energy is to increase the effi-
ciency of available energy sources such as combustion engines in e.g. turbines. 
The efficiency of such a heat engine is explained by the Carnot factor, which 
is a function of the rotor inlet temperature. A higher inlet temperature means 
a higher efficiency, but it also exposes the turbine material to harsh conditions 
such as temperatures close to their melting point and highly corrosive gases. 
Nowadays, nickel and cobalt-based superalloys are used in gas turbines and 
jet engines [3,4]. There is, however, a quest for novel types of refractory alloys 
with superior ultrahigh temperature properties to reach even higher Carnot ef-
ficiencies. Here also, new materials based on, for example, the type of HEAs 
studied in this thesis may be attractive alternatives. Most efforts in the field of 
material science have focused on bulk alloys prepared by e.g. arc-melting or 
casting for applications as e.g. a high strength material or as a corrosion-re-
sistant material. However, the main mechanical or chemical interactions of a 
material with its surroundings occur on the surface. It is therefore often suffi-
cient to modify only the surface by depositing a thin film. The performance of 
turbine plates at high temperatures can, for example, be improved by deposit-
ing a thermal barrier coating [5].  

The properties of a material are strongly dependent on the microstructure. 
For example, the strength and ductility can be affected by precipitates, solid 
solution effects and the grain size. Many state-of-the art protective coatings 
are usually ceramic-based materials and suffer from the drawback of brittle 
fracture. Recent research has shown that a nanocrystalline film can exhibit an 
excellent combination of high hardness and strength and ductility [6]. One 
example is the nanocrystalline refractory MoNbTaW HEA, which possess a 
unique combination of high hardness and ductility when the grain size is re-
duced below 100 nm [7].  

A common method to grow thin films is magnetron sputtering where atoms 
from a target source are deposited on the substrate surface. In sputtering, a 
nanocrystalline microstructure can be achieved by tuning the process param-
eters or modifying the growth process using e.g. a pulsed plasma or ion-beam 
assisted deposition. This can be described as a physical approach and is widely 
used in many coating processes. An alternative method to control the micro-
structure is to use a chemical approach where certain elements, which modify 
the growth process and materials chemistry, are added to the coating. This 
thesis focuses on such a chemical approach to design new coatings with a 
combination of high hardness and ductility with a high corrosion resistance. 
The aim of this thesis has been to investigate how carbon affects the phase 
composition and microstructure in refractory alloys based on up to five metals 
deposited by magnetron sputtering. The CrNbTaTiW system with and without 
carbon has been selected as a model system. Different combinations of alloys 
in this system may have a practical use in e.g. nuclear applications or as re-
fractory coatings enabling higher Carnot efficiencies. 
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Paper I focuses on the effect of supersaturated solid solutions of carbon in 
W with a special emphasis on grain refinement. The main purpose was to 
identify the strengthening mechanisms present in these coatings. In paper II a 
binary system TaW has been investigated with and without the addition of 
small amounts of C. The main aim of this paper was to investigate the thermal 
stability of supersaturated solid solution of carbon in a binary TaW alloy and 
its effect on the mechanical properties. Paper III-V focus on the synthesis of 
multicomponent coatings in the Cr–Nb–Ta–Ti–W system and investigate how 
carbon can be used to modify phase composition and properties. The aim of 
paper VI was to investigate the possibility of a direct phase selection of re-
ported phases by tuning the substrate temperature in another multicomponent 
system, HfNbTiVZr, described as a HEA. 
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Refractory metals and alloys 

One of the aims of this thesis is to investigate the influence of carbon on mag-
netron sputtered HEA films (papers III-V). These alloys are complex and dur-
ing my thesis work it became obvious that it was necessary to reduce the num-
ber of refractory metals to two (Ta–W in paper II) and finally only W in paper 
I. A short description of the studied systems and some guidelines used for the 
selections of these alloys are summarised below. 

Refractory metals  
Refractory metals are defined as metals with a melting point above 1800 °C 
[8]. Another wider definition refers to refractory metals as group 4 to 6 metals. 
Group 4 (Ti, Zr, Hf) metals are allotropic with the hexagonal closed packed 
(hcp) α-structure stable at room temperature (RT) and the body centred cubic 
(bcc, A2) β-structure stable at higher temperatures [9,10]. The bcc structure is 
stable over the whole temperature range for group 5 and 6 metals [11]. Table 
1 summarises some properties of refractory metals. The elements in group 4-
6 have advantages and disadvantages as materials for structural components. 
For example, they all have a rather high strength at high temperatures [12] but 
group 6 metals also possess a rather high brittle-to-ductile transition tempera-
ture (BDTT) [13]. Group 5 metals fail by shear deformation while group 6 
metals fail by cleavage under <100> tension. Therefore group 5 metals are 
considered to be intrinsic ductile while group 6 metals are considered to be 
intrinsic brittle [14]. Brittle fracture is usually characterised by the fast nucle-
ation of cracks, which is followed by the formation of large catastrophic 
cracks [15]. No significant plastic deformation takes place during brittle frac-
ture. Ductile fracture is governed by dislocation movement which leads to a 
relatively slow nucleation, growth and coalescence of voids and is often asso-
ciated with necking [15]. Gumbsch et al. have reported a BDTT of ~ 100 °C 
for W [13]. Many strategies have been explored to increase the room temper-
ature ductility. A successful approach is based on modifying the grain size of 
W. Wei et al. have, for example, shown an increased ductility for nanocrys-
talline (nc) W produced by high pressure torsion with a grain size of only 40 
nm [16]. 
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Table 1. The crystal structure at room temperature (RT), the atomic radius (r) the va-
lence electron concentration (VEC), and the melting point (TM.) are adapted from 
ref. [11]. The Allen electronegativity (χAllen) is adapted from ref. [17]. 

Element structure at RT r [Å] VEC χAllen TM. 

Ti hcp 1.45 4 1.38 1660 
V bcc 1.39 5 1.53 1910 
Cr bcc 1.25 6 1.65 1857 
Zr hcp 1.59 4 1.32 1852 
Nb bcc 1.43 5 1.41 2468 
Mo bcc 1.36 6 1.47 2610 
Hf hcp 1.56 4 1.16 2233 
Ta bcc 1.43 5 1.34 3000 
W bcc 1.37 6 1.47 3410 

 
In paper I, a chemical method is presented to reduce the grain size with the 
addition of small amount of C to the W film. W was selected as a material 
based on its high temperature properties and potential use in nuclear applica-
tions. In general, many properties of W can be improved by alloying with a 
second metal. For example, Xu et al. have demonstrated that Ta–W alloys 
have a combination of excellent mechanical properties and a high radiation 
resistance [18]. Alloying with a second metal may also affect other properties. 
For example, alloying W with rhenium significantly improves the room tem-
perature ductility [12,19]. Another example is the significantly improved ther-
mal stability and the reduced grain growth obtained when nc-W is alloyed 
with ~ 15 at.% Ti [20]. A thermodynamic model which predicts alloying ele-
ments that stabilise nc-W is presented in refs. [20–23]. A solid solution of a 
transition metal into W is usually substitutional. The search for empirical 
guidelines for the formation of random substitutional solid solution phases in 
binary alloys started more than 100 years ago. These guidelines are summa-
rised as the Hume-Rothery rules which predict an extensive solid solubility of 
B in A when [24,25]: (i) A and B have an atomic radii difference < 15%, (ii) 
A and B crystallise in isomorphic crystal structures, (iii) there is a small dif-
ference in the electronegativity between A and B and (iv) A and B exhibit a 
small difference in valency. A large difference of electronegativity and va-
lency often lead to the formation of intermetallic phases. 

In paper II, the binary Ta–W system is investigated. Ta and W fulfil the 
Hume-Rothery criteria and exhibit as expected a complete miscibility with 
only a disordered solid solution with a bcc structure [26]. However, ab initio 
and CALPHAD calculations have predicted the existence of an ordered B2 
(CsCl type) phase in a wide composition range (~ 20-80 Ta at.%) at low tem-
peratures with a B2 to bcc (A2) phase transition temperature at ~ 730 °C [27]. 
In contrast, DFT calculations for a large number of bcc-like structures predict 
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that other ordered and more complex structures with >50 at.% W have the 
most stable (most negative enthalpy of formation) configurations [28]. 

High entropy alloys and related materials 
The design concept of new alloys was altered drastically in 2004, when the 
concept of alloying of several (at least five) principal elements in equimolar 
concentrations was introduced more or less simultaneously by Yeh et al. [29] 
as high entropy alloys (HEAs) and by Cantor et al. [30] as multicomponent 
alloys (MCAs). These authors investigated several alloys with five and more 
transition metals and observed solid solutions with simple bcc or ccp (cubic 
closed packed) structures without any indication of other intermetallic phases. 
Figure 1 shows schematic illustrations of a conventional alloy and a HEA.  

Figure 1: Schematic illustrations of one atomic plane of a) a conventional alloy and 
b) a HEA. Reprinted with permission of Elsevier from ref. [31].

The formation of the solid solutions was explained by a high configurational 
entropy stabilising a single disordered solid solution phase [29]. The last 15 
years of research have shown that many high entropy alloys are actually ki-
netically stabilised. For this reason, it has been proposed to use other names 
such as multicomponent alloys (MCA) or compositionally complex alloys 
(CCA).  

Miracle and Senkov have recently in an excellent review article summarised 
the thermodynamic issues related to HEAs [31]. The stability of a HEA is 
defined by the Gibbs free energy. In a system, the Gibbs free energy is mini-
mised at equilibrium. For a random solid solution (RSS) the Gibbs free energy 
of formation (ΔGRSS) is calculated from the enthalpy of mixing (ΔHRSS) and 
the entropy of mixing (ΔSRSS), at a given temperature T (in Kelvin) by: ∆ = ∆ ∆  Equation 1 

The entropy of mixing has four contributions: configurational, vibrational, 
magnetic and electronic. The configurational entropy, ΔSmix, is in many cases 
dominant and the other three contributions are therefore often neglected. For 
a random solid solution, it is defined as: ∆ = ∑  Equation 2 
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where ci is the atomic concentration of element i and R is the general gas con-
stant. ΔSmix for a binary alloy is 0.69R, and 1.61R for a quinary alloy. This 
assumption is however only valid for a random solid solution. Many material 
systems do not exhibit solubility over the complete compositional range, and 
ordered phases are observed instead of random solid solution phases. These 
ordered phases are often superstructures or intermetallic phases. The Gibbs 
free energy of formation of an ordered phase (ΔGOP) can be calculated by: ∆ = ∆ ∆  Equation 3 

An ordered phase exhibits a smaller entropy of mixing and usually a more 
negative enthalpy than a random solid solution phase. For given composition 
a random solid solution forms when ΔGRSS is smaller than ΔGOP and an or-
dered phase forms when ΔGOP is smaller (more negative) than ΔGRSS. Equa-
tion 1 and Equation 3 show that temperature is an important parameter. Since 
the mixing entropy is larger for a multicomponent system than for an ordered 
phase, random HEAs are stabilised at high temperatures. One example is the 
HfNbTiVZr system where a single-phase bcc solid solution is thermodynam-
ically stable above 800 °C, while a mixture of other phases including a C15 
Laves phase is stable below this temperature (see Figure 2). 

Figure 2: Calculated equilibrium phase fractions as a function of temperature for the 
HfNbTiVZr system. Reprint with permission from ref. [32].  

High entropy alloys are more complex than binary alloys and the simple 
Hume-Rothery rules cannot be applied to predict solid solutions. Empirical 
studies have shown, however, that single-phase HEAs with substitutional 
solid solution frequently are formed in systems fulfilling the following criteria 
[31]: 

• = ∑ ∙ 1 ̅  =  ∑ ∙ 6.6%  Equation 4 
• ∆  maximised
• ∆  10 5 Equation 5 

• Ω =  | | 1.1  Equation 6 
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In the literature, it is generally assumed, based on empirical studies, that the 
lattice distortion δ should not exceed 6.6% [33]. Higher  -values will favour 
the formation of intermetallic or amorphous phases [34]. Other empirical 
models used to predict the formation of HEAs are based on the requirement 
that a HEA should have a very low ΔHmix value (Equation 5) [35]. Based on 
empirical data, Yurchenko et at. [36] have proposed a model based on the 
lattice distortion and Allen electronegativity which allows the prediction of 
Laves phase formation in potential HEA systems. Laves phases can be formed 
as intermetallic compounds with the composition AB2 provided that the ratio 
between the radii of the A and B atoms is around 1.22. The formation of sec-
ondary Laves phases is often observed in high entropy alloys containing Zr 
and V [37–40]. Figure 3 displays the phase field map with over 50 data points 
collected from the literature. As can be seen Laves phases are formed for al-
loys with a lattice distortion >5% and a difference in the Allen electronegativ-
ity larger than 7%. 

Figure 3: Criteria for Laves phase formation according to Yurchenko et al. [36]. 
Laves phases are usually found for ΔχAllen > 7.0% and δ >5.0%. 

Most HEAs can be classified into two groups based on either several 3d metals 
such as Fe, Co and Ni or on refractory transition metals such as Ti, Mo and 
Nb [31]. The most studied alloy in the first group is the so-called Cantor alloy 
consisting of CrMnFeCoNi, which forms a ccp solid solution. Other examples 
in this group are: AlCoCrFeNiTi0.5 [41], Nb-CoCrCuFeNi [42] and FeAlCo-
CuNiV [43]. Refractory high entropy alloys based on elements in the groups 
four to six often form a bcc structure [44–46]. The most extensively studied 
refractory HEA is MoNbTaW. The ordering and phase stability of this alloy 
have been investigated by ab initio calculations [47,48] and the results predict 
the existence of an ordered B2 (CsCl type) phase. Experimental studies in-
volving bulk alloy [49] and thin film [7] have shown that MoNbTaW crystal-
lises in an bcc structure. Superior mechanical properties of nc-MoNbTaW thin 
films have been reported by Zou et al. [7]. The reported yield strength of ~ 10 
GPa is one of the highest for a metallic alloy and is explained by the nanostruc-
tured grains [6,7]. MoNbTaW thin films are also stable up to 800 °C while 
retaining their high electrical conductivities [50]. Recently, Feng et al. [51] 
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also demonstrated that that the critical grain size for solid solution hardening 
in this alloy is ~40 nm. The mechanical properties of refractory HEAs can be 
tuned by modifying the chemical composition. For example, the ductility of a 
HfTaxTiZr alloy was significantly improved when decreasing the Ta content 
from 20 at.% to below 10 at.% which led to a dual phase (bcc and hcp) micro-
structure. The dual phase microstructure enabled a combination transfor-
mation-induced ductility and work hardening [52]. The oxidation resistance 
of HEAs can be improved by adding elements such as Cr and Al, forming 
protective oxides. For example, AlCrMoTaTi shows good oxidation proper-
ties up to 1000 °C due to the formation of protective Al- and Cr-rich oxide 
layers on the surface [53]. Changing the elemental composition from the con-
ventional principal elements found in stainless steel to elements more prone 
to form stable oxides (e.g. Ta, Nb, Ti) has shown to improve the pitting cor-
rosion resistance in highly aggressive environments [54].  

In this thesis two types of multicomponent alloy systems have been studied; 
HfNbTiVZr and CrNbTaTiW. Sahlberg et al. [55] and Karlsson et al. [56] 
have shown that HfNbTiVZr exhibits superior hydrogen storage capabilities. 
Fazakas et al. [38] reported a high strength and homogenous deformation un-
der compression at room temperature. The thermal stability was also investi-
gated in ref. [38], and it was reported that this alloy formed a cubic C15 Laves 
phase during annealing at elevated temperatures. This is not unexpected using 
the plot in Figure 3 since the lattice distortion and ΔχAllen of this alloy is 5.92% 
and 8.8%, respectively and hence within the Laves phase region. Pacheco et 
al. have combined CALPHAD simulations with experiments to explain the 
thermal stability [32]. This study showed that a phase mixture of bcc, hcp and 
C15 Laves is thermodynamically stable at low and intermediate temperatures. 
The simulations also show that a bcc single-phase solid solution should be 
stable at temperatures above 850 °C. Hence, the observation of a single-phase 
HfNbTiVZr at room temperature in the bulk samples is due to kinetic con-
straints during cooling of the melt. In paper VI, magnetron sputtering of 
HfNbTiVZr was investigated with a special focus on comparing the phase for-
mation during the sputtering process to that seen with arc-melted synthesis. 

The microstructure and properties of magnetron sputtered CrNbTaTiW 
coatings were studied in paper III-V. This system was selected based on a 
study by El-Atwani et al. showing that TaW-based high entropy alloys possess 
outstandig radiation resistances and excellent mechanical properties [57]. Cr, 
Nb and Ti were selected as alloying elements since they are predicted to 
stabilise nc-W [20,22,58] and potentially contribute to a high corrosion 
resistance. As will be shown in the result and discussion section, this alloy is 
only thermodynamically stable as a solid solution at very high temperatures. 
However, based on the design criteria proposed by Yurchenko et al [36], this 
alloy should be a single-phase solid solution since the lattice distortion and 
ΔχAllen of this alloy are 4.88% and 7.41%. It is well known that the properties 
of multicomponent alloys or HEAs are strongly depedent on the composition. 
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We have therefore investigated both a near-equimolar alloy and films with a 
TaW content of ~ 80 at.%. 

Alloying of refractory metals with C 
The properties of metallic alloys can be modified by alloying with a p-element 
such as C, N or B. Carbon containing compounds are of special interest since 
carbon is used as an alloying element in steel and very hard carbide phases 
can be formed at sufficiently high carbon concentrations. The transition metals 
can be classified into two groups: late transition metals such as Fe, Co and Ni 
which are weak carbide formers and early transition metals such as Ti, Ta and 
Mo which are strong carbide formers. In general, the solubility of carbon is 
very low in all bcc metals. A well-known example is bcc iron which can dis-
solve 0.02 wt.% C at the eutectic temperature. A low solubility of C is also 
expected for W and binary TaW, studied in papers I and II. The maximum 
solubility of C in W close to the melting point is below 0.3 at.% [59] while it 
is about 2.7 at.% for Ta [60]. At lower temperatures the maximum solubility 
in W and TaW is very small (far below 0.1 at.%). The low solubility in bcc 
metals can be explained by the fact that the radius of the octahedral site is only 
0.2 times the radius of the bcc metals which is why C is significantly larger 
than the size of the octahedral site. 

It is very difficult to obtain solid solutions of C in refractory bcc metals 
above the solubility limit using conventional methods such as arc-melting, 
casting or high pressure torsion. However, magnetron sputtering occurs far 
from equilibrium and the high quenching rate on the surface limits the surface 
diffusion required to form metal carbide phases. Highly supersaturated solid 
solutions are therefore possible to synthesise. Yang et al. have, for example, 
reported the successful deposition of C supersaturated W thin films with ~6 
at.% C [61]. In paper I, high degrees of supersaturations of C into W were 
investigated in more detail. Solid solutions of carbon in binary alloys or high 
entropy alloys are more complex. Here, the different metals may exhibit dif-
ferent affinities for carbon. This may lead to segregation effects as demon-
strated in paper IV.  
 
The influence of p-elements on refractory metals has been widely studied both 
for bulk materials and thin films. Scheiber et al. have investigated the influ-
ence of interstitial atoms on the cohesion energy of the grain boundaries (GBs) 
by DFT simulations [62,63]. The results show that B and C enhance the GB 
cohesion of Mo and W while N and O have a detrimental influence [63]. The 
theoretical results for Mo are supported by experimental studies by Leitner et 
al. [64]. Li et al. have observed that the addition of interstitial carbon atoms to 
a steel like HEA enabled joint twinning and transformation induced plasticity 
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[65]. The effect of alloying with small amounts of carbon was also investi-
gated for strong carbide formers such as the Mo0.5NbHf0.5ZrTiC0.1 alloy [66]. 
The results show that alloying with small amounts of carbon increased the 
compressive strength due to the formation of metal carbide particles. The in-
fluence of GB impurities on the fracture properties was also studied for 
NbMoTaW and the results show that the GB impurities have a negative effect 
on the fracture properties [67].  

At high carbon contents, metal carbides can be formed. Transition metal car-
bides often combine very high hardness and E-modulus values with extreme 
high melting points. These carbides also combine a good electrical conductiv-
ity with a low coefficient of friction and a high wear resistance. In the W and 
binary TaW system, WC and (TaW)C are expected to form. WC and TaC 
belong to the class of ultra-high temperature ceramics. They are also often 
used in cemented carbide cutting tools. TaC thin films are superhard [68] and 
possess a high temperature stability [69]. A few studies have been carried out 
on multicomponent carbides [70–72]. At a first glance one would like to call 
these alloys high entropy carbides. However, since the majority of group 4-6 
transition metals form carbides with a cubic B1 structure it is likely that they 
exhibit an extensive mutual solubility also without the additional effect of high 
entropy of mixing. For this reason, we will, in the following, use the name 
multicomponent carbides. A review of bulk and thin film studies of multicom-
ponent carbides was recently published by Jansson and Lewin [73]. For ex-
ample, Braic et al. have synthesised a (TiZrNbHfTa)C phase by reactive mag-
netron sputtering [74]. They report that this alloy crystallises in a cubic B1 
structure and that the alloy possesses superior properties compared to binary 
transition metal carbides. Gorban’ et al. reported super-hardness (48 GPa) for 
(TiZrHfVNbTa)C thin films [75].  
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Material strengthening mechanisms 

An important part of this thesis and the results in paper I-V are focussed on 
the relationship between the microstructure and mechanical properties. The 
strength of a metallic material is defined as the “resistance to plastic defor-
mation upon an external applied load” [15]. The theoretical strength of a ma-
terial can be estimated by a periodic crystal potential and by the force needed 
for displacements beyond half of the lattice parameter. The observed strength 
of materials is often only one thousandth of the theoretical strength. This can 
be explained by the presence of dislocations in metals and other defects in 
ceramics. Dislocations govern the plastic deformation in crystalline materials 
and movement of dislocations in polycrystalline materials can be prevented 
by defects (zero to three dimensional) in the crystal structure. The hardness 
and strength of the magnetron sputtered coatings in papers I-V are dependent 
on the chemical composition and the effect of alloying. A short summary of 
the strengthening mechanisms and their importance in this work is therefore 
given below. 

Figure 4: Schematic illustration of (a) solid solution strengthening, (b) Taylor 
strengthening, (c) grain refinement strengthening and (d) precipitation strengthening. 
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Solid solution strengthening  
The addition of solute atoms to a material can have a significant influence on 
the strength of the material. This strengthening mechanism is based on zero 
dimensional crystalline defects (point defects), and the solute atoms are either 
substitutional atoms or atoms located at the interstitial sites. The solute atoms 
introduce a long-range strain field into the lattice, which hinders dislocation 
movement. An additional effect is the pinning of dislocations, which lowers 
their mobility. Interstitial atoms usually introduce larger strain fields and have 
therefore a larger influence than substitutional atoms on the strength of the 
material. Solid solution strengthening can be partly explained by the Fleischer 
relation, where the strength is proportional to the square root of the alloying 
element concentration [76] according to:  = + .· · √     Equation 7 

where G is the shear modulus while c denotes the concentration of the solute 
element. This relationship can, however, not estimate the strengthening effect 
for solute concentrations above the solubility limit.  

Figure 4 (a) illustrates the influence of solute atoms on the strength of a 
material.  

The W films in paper I are supersaturated with respect to carbon. A certain 
solid solution hardening is therefore expected. Carbon has, however, a low 
solubility in W and the solid solution hardening is estimated to be in the range 
of few hundred MPa. Hu et al. have carried out DFT calculations to predict 
which alloying elements induce solid solution hardening in W and the results 
show Nb, Ta and Ti but not Cr should induce solid solution hardening in W. 
There is, however, currently no general model for solid solution hardening 
available for high entropy alloys [31]. Bracq et al. have systematically studied 
24 different compositions within the Co–Cr–Fe–Mn–Ni system and found that 
the quaternary CoCrMnNi and (CoCrFeMn)40Ni60 are harder than the equimo-
lar CoCrFeMnNi alloy [77]. The influence of the metallic composition on the 
hardness of the films is therefore systematically studied in papers III-V.  

Taylor strengthening 
Thin films deposited by magnetron sputtering contain a high number of intrin-
sic defects such as dislocations (line defects). The defects in magnetron sput-
tered films are caused by the ion bombardment. The dislocation density for W 
thin films can reach up to 109/cm2 [78]. Xu et al. have recently demonstrated 
that the dislocation density in magnetron sputtered TiN thin films can be mod-
ified by changing the applied bias voltage and that the dislocation density can 
be as high as in highly deformed steel [79]. Long-range interactions between 
the dislocations make dislocation movement more difficult. The hardness can 
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be estimated by the Taylor relation where the strength is proportional to the 
square root of the dislocation density according to:  = + · G · b ·     Equation 8 

where G is the shear modulus, b the Burgers vector and ρ the dislocation den-
sity. The relation between the strength and the dislocation density is displayed 
in Figure 4 (b). The films studied in papers I-VI are expected to have a contri-
bution from Taylor hardening. No quantitative analysis of the dislocation den-
sity was carried out within the framework of this thesis and the dislocation 
density is therefore assumed to be ~ 109/cm2 which has been reported for mag-
netron sputtered W films [78]. Ma et al. have recently shown that such a high 
dislocation density adds ~ 0.1 GPa to the overall hardness of W thin films.  

Grain refinement strengthening 
Grain refinement hardening is based on the presence of grain boundaries (area 
defects) with an orientation mismatch in polycrystalline materials. The main 
reason for this is that the glide planes cannot pass directly through separate 
grains since they do not have the same orientation. Therefore, additional en-
ergy is required to move the dislocations through the grain boundaries. Nano-
crystalline materials have more grain boundaries that lead to a higher hard-
ness. The highest hardness is achieved for a critical grain size (dc) in the range 
of tenths of nanometres. The critical grain size is depends on the cohesive 
energy of the grain boundaries and the bond strength. For some materials, 
grain refinement strengthening also leads to an increased ductility in addition 
to an increased strength [80]. An inversed effect (softening) is observed for 
grain sizes below dc as is displayed in Figure 4 (c). Grain refinement strength-
ening can be approximated using the Hall-Petch relationship [81] as: = + · 1/√     Equation 9 

Grain refinement is one of the most effective methods to increase the strength 
and hardness of magnetron sputtered thin films. For example, the reported 
hardness values for nanocrystalline W films range between 10 and 15 GPa 
[61,82,83]. In most cases grain refinement can be obtained by tuning process 
parameters such as the substrate bias and substrate temperature. However, it 
is also possible to use pulsed plasma [84] or ion beam assisted deposition pro-
cesses, which are physical methods, to decrease the grain size [7]. In the pre-
sent thesis, we will focus on a chemical method to reduce the grain size by 
adding carbon. The grain refinement can be explained by the fact that carbon 
has a very low solubility in bcc metals and carbon will therefore segregate to 
the surfaces of the growing grains. An increased carbon concentration at the 
grain surfaces will than act as re-nucleation sites which will reduce the grain 
size.  
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Precipitation strengthening 
Many high entropy alloys and magnetron sputtered materials often crystallise 
as supersaturated and/or metastable phases. These phases are kinetically sta-
bilised and heat treatment will hence lead to the formation of additional 
phases, which in the initial stage are small precipitates. The precipitates can 
act as an additional barrier for the dislocation movement. The evolution of 
strength during isothermal conditions is depicted in Figure 4 (d). The strength 
of the material increases upon the formation of precipitates but decreases after 
a certain time of annealing. This decrease is caused by the grain growth at a 
later stage of the annealing. In pure metals, precipitation hardening can be 
obtained if the metal exists in two phases at different temperatures. The bcc 
phase of pure W is, however, stable within the whole temperature range and 
precipitation hardening can therefore not be expected. The addition of C can 
lead to the formation of carbide nanoparticles embedded in the W matrix. 
(Ta,W) alloys can be hardened if elemental segregation on the nanoscale oc-
curs. The precipitation strengthening behaviour in HEAs is more complex. 
The formation of Ni3Al-type ordered nanoprecipitates increases the strength 
of HEAs [85]. It is important to mention that a decreased strength can be ob-
tained if brittle phases are formed. One example is the HfNbTiVZr system 
where thermodynamics predicts Laves phase formation as seen in Figure 2. 
Laves phases are brittle [86] and are therefore undesired in a material. 

The strength-hardness relation  
The Tabor relation enables a conversion from strength to hardness (H ~3σy). 
Figure 5 shows the four contributions to the total hardness of a material (Htotal).  

Figure 5: Influence of defects and particles on the hardness of a material. 

H0 is often assumed to be the hardness a coarse grained material with a low 
defect density. The hardness of a material can be calculated as: =  + 3 · √ + 3 · · · · · + 3 · · · √  Equation 10
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where k is the Hall-Petch coefficient, d the grain size, M the Taylor factor, α 
the obstacle strength, G the shear modulus, b the Burgers vector, ρ the dislo-
cation density and c the concentration of the solute element.  

For magnetron sputtered films, the different mechanisms may contribute to 
the strength simultaneously. All strengthening mechanism described above 
are hence expected to contribute to the overall hardness of the films discussed 
in this thesis. Grain refinement hardening is, based on the description above, 
expected to have the largest contribution to the hardness of the films. The po-
tential influence of precipitation hardening upon heat treatment is studied in 
paper II. One interesting aspect is that heat treatment can also lead to grain 
coarsening which would have a negative effect on the hardness. The system-
atic composition variation in papers III-V will give insights into solid solution 
hardening in HEAs.  
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Methods 

All thin films studied in this thesis were synthesised by direct current magne-
tron sputtering (DCMS) and were characterised by electrochemical methods, 
elastic recoil detection analysis (ERDA), nanoindentation, transmission elec-
tron microscopy (TEM), scanning electron microscopy (SEM), X-ray photo-
electron spectroscopy (XPS), atom probe tomography (APT), focused ion 
beam (FIB) and X-ray diffraction (XRD). The following chapter will give a 
brief overview of the methods used in this thesis. 

 

Magnetron sputtering 
Magnetron sputtering is a physical vapour deposition method used to deposit 
thin films via a transport of atoms from a target to the surface of a growing 
film. The process can be separated into three steps: 

• phase conversion of the target material from solid into vapour; 
• transfer of vapour from the source to the substrate; 
• vapour condensation, nucleation and film growth on the substrate. 
 

A basic sputtering system is equipped with two electrodes (anode and cathode) 
placed in an ultra-high vacuum chamber. A (inert) working gas (usually Ar) 
is introduced into the chamber and is ionised by collisions with the primary 
electrons. The sputtering process is then initiated by generating a high-voltage 
low-current glow discharge. Secondary electrons, which act as primary elec-
trons in the plasma are released during the ionisation process, and a chain re-
action is triggered by the increased collision probability. The positively 
charged working gas ions are accelerated towards the target material by ap-
plying a negative voltage to the target and by bombarding the target material. 
Target material (atoms or atomic clusters) is ejected through momentum trans-
fer (inelastic scattering), and mass transport in the gas phase takes place. Sub-
sequently, the target material condenses at the substrate surface forming a thin 
film. Direct current magnetron sputtering (DCMS) is used in the framework 
of this thesis.  

In the DCMS process, a direct current potential in the magnitude of hun-
dreds of volts is introduced between the grounded chamber walls and the neg-
atively charged target. The major drawback of this technique is the limitation 
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to conductive materials, since sputtering of insulators leads to charged inter-
faces on the target surface, which act as a barrier for the arriving ions. This 
can result in undesirable arc ignition and a complete breakdown of the process 
[87,88]. 

In the framework of this thesis two different lab scale UHV (base pressure 
< 3·10-7 Pa) deposition system have been used. A sputtering system equipped 
with four two-inch targets was used for papers II-VI. The system was 
equipped with a pre-alloyed Ti/Cr (1:1), a segmented Ta/W (1:1), a Nb, and a 
C target for papers II-V. A segmented Nb/Zr (1:1), an Hf, a Ti and a V target 
were used for paper VI. The deposition rate in this system was limited to ~ 
200 nm/h partly due to the size of the targets. A UHV system, equipped with 
one three-inch W target and one three-inch C target, was therefore used for 
paper I, where thick films for the pillar tests were required. The deposition 
rate in this system was ~ 600 nm/h. All films in paper I to IV were deposited 
on Al2O3 substrates. The substrate temperature was 300 °C in papers I-IV and 
the influence of substrate temperature was studied in papers V and VI.  

Elastic recoil detection analysis (ERDA) 
An accurate analysis of the film compositions is important. In papers I-V, 
ERDA was used to determine the composition of some reference samples and 
to calibrate the XPS sensitivity factors. ERDA is an ion beam based measuring 
technique, which is an excellent method for the determination of the chemical 
compositions of thin films. The main advantage of ERDA over other analysis 
methods is that ERDA does not require sensitivity factors. This technique em-
ploys high-mass, high-energy ions, such as iodine (36 MeV 127I+8), bombard-
ing the target material, causing an elastic recoil of its nuclei. The recoiled at-
oms are then measured by a time of flight energy (ToF-E) detector system. 
The time of flight of the recoiled atoms is detected by a gas detector while a 
solid state detector determines the energy of the ejected species. One main 
upside of ERDA is the excellent mass resolution (> 0.1 at. %) and the capa-
bility of quantifying light elements such as B, N, O and C [89]. ERDA was 
used to determine the composition of some reference samples and to calibrate 
the XPS sensitivity factors. 

X-ray diffraction 
X-ray diffraction is the most common method used to analyse the crystal struc-
ture of materials. This technique is based on coherent scattering of electro-
magnetic radiation (X-rays) by the periodic structure of atoms in the crystal. 
The wavelength of X-rays with energies between 3 and 9 keV corresponds to 
the bonding length in crystals, which typically are 1.5 – 4 Å. The ability to 
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scatter depends on the atomic number, and the scattered electromagnetic 
waves can either interfere constructively or destructively. Constructive inter-
ference can only occur when Bragg's law is fulfilled [90]. 

Two different optic geometries were used to obtain information about the 
crystal structure of the deposited films. In the locked couple setup, the angle 
of the incoming X-rays (θ) is the same as the angle of the detected outgoing 
X-rays (θ), and therefore, the setup is often called a θ/2θ scan. Only X-rays 
scattering on crystal planes parallel to the surface and fulfilling the Bragg’s 
law can be detected in this setup. Thus, information about the preferential 
grain orientation with respect to the substrate surface can be obtained in addi-
tion to the phase analysis. Grazing incidence X-ray diffraction (GIXRD) was 
developed for an in depth analysis of thin films. The main difference between 
the GIXRD and θ/2θ setups is the angle of the incoming beam, which is held 
constant at a small, grazing angle (often between 0.5 and 2.5°), and only the 
detector moves with an angle of 2θ. The main advantage is that this method is 
more surface sensitive showing stronger intensity from the film and less signal 
from the substrate. Another advantage is that all lattice planes (and not only 
the parallel ones) contribute to the diffractogram, since the scattering vector 
does not have a constant direction.  

The peak width is an important parameter when evaluating the film crys-
tallinity. A wide peak in the diffractogram indicates the presence of small 
grains or stresses and is defined by a high full width half maximum value. In 
contrast, a coarse grained material gives rise to sharp peaks in the diffracto-
gram, which results in a low full width half maximum value. The grain size of 
a material can be quantified using Scherrer’s equation [90].  

A Siemens D5000, a Bruker D8 and a Philips MRD X'Pert diffractometer 
employing Cu Kα radiation with a wavelength of 1.5406 Å were used for all 
measurements discussed in this thesis.  

Electron microscopy 
Scanning electron microscopy is used in this thesis for investigating the sam-
ple morphology (cross-section and top-view). A higher spatial resolution can 
be achieved in a SEM by using a focused electron beam instead of white light. 
An electron source (thermionic emitter, Schottky emitter or field emission 
gun) emits a beam of electrons, which is then accelerated by electric coils 
(typically between 2 and 20 kV) and subsequently focused by magnetic lenses 
on the sample surface. The electron gun and the samples are positioned in a 
vacuum chamber to avoid interaction with air. The electron beam interacts 
with the electronic structure of the specimen, where the electrons scatter either 
elastically or inelastically. These scattering events lead to the reflection of pri-
mary electrons (backscattered electrons, BSE), secondary electrons (SE) and 
electromagnetic radiation [91]. 
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Imaging with atomic resolution can be achieved with transmission electron 
microscopy. An electron beam is transmitted through the specimen in this 
technique and therefore, the sample needs to be electron transparent (specimen 
thickness < 100 nm). A TEM image is formed by the interaction of the trans-
mitted electron beam with the specimen. The spatial resolution at the atomic 
scale is a result of the short electron wavelength at high acceleration voltages 
(100-300 kV). The electron beam is operated parallel in conventional TEM. 
TEM images can be obtained in two different modes. The electrons from the 
direct beam (scattered from light elements and not dense regions) are observed 
during bright field (BF) imaging, whereas dark field images are formed by 
selecting only a diffracted beam (scattered from heavy elements and highly 
crystalline regions). In addition to the imaging mode, TEM can also be used 
for electron diffraction studies. 

Another method to operate the TEM is the so-called STEM mode (scanning 
transmission electron microscopy), where the electron beam is focused to a 
small probe and scanned over the specimen. A high angle annular dark field 
detector (HAADF), which collects incoherently scattered electrons, can be 
used in the STEM mode to allow the recording of high-resolution images with 
a pronounced Z-contrast. This means that the contrast is directly related to the 
atomic mass.  

SEM and TEM can be used in combination with energy dispersive X-ray 
spectroscopy (EDS) where characteristic X-rays are detected allowing ele-
mental identifications [92]. 

The transmission electron microscopy investigations in paper I-V were car-
ried out using a FEI Titan Themis TEM operated at 200 kV. A SuperX EDS 
system was used for the elemental mapping. Micro Probe STEM was carried 
out in addition to conventional TEM. A FEI Tecnai F20 TEM (200 kV) was 
used in paper VI. 

Focused ion beam  
A FIB-SEM (dual beam system) is the standard instrument to produce TEM 
specimens and micro pillars. The main difference between the FIB and the 
SEM is that the FIB uses ions and the SEM electrons for imaging. These ions 
can be used for sputter etching of the material at the nanoscale. A FEI Strata 
DB235 (using Ga ions) FIB-SEM was used for the preparation of the TEM 
specimens in papers I-V and the micropillar specimens in paper I. A two-step 
process was used to prepare the pillars. The coarse milling was carried out 
with 10 kV and 3 nA while fine polishing was carried out with 100 pA.  
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X-ray photoelectron spectroscopy  
X-ray photoelectron spectroscopy is a surface sensitive technique based on the 
photoelectric effect. A photoelectron is generated when a material is illumi-
nated by radiation (X-rays) with an energy higher than the work function com-
bined with the binding energy. The kinetic energy of the emitted electron is 
related to the binding energy, photon energy and the work function. This rela-
tion makes it possible to calculate the binding energy of the emitted photo-
electrons. Each element has a specific electronic structure. The chemical com-
position can hence be determined from the XPS spectra when knowing the 
area proportionality and the sensitivity factors. The binding energy is not 
solely depending on the orbital from which the photoelectron is emitted, but 
is also influenced by the local chemical environment leading to a chemical 
shift. Thus it is possible to determine the bonding states of a certain element 
[93]. 

For XPS analysis a PHI Quantum 2000 or an Ulvac-PHI Quantera II was 
used to determine the chemical bonding environment in the films. Both em-
ploy monochromatic Al Kα (1487 eV) radiation and a 45° photoelectron take-
off angle. 

Atom probe tomography 
Atom probe tomography is an analytical tool that enables 3D reconstruction 
of the atom distribution in a material. A pulsed high electric field evaporates 
and ionises the surface atoms at the APT tip. The ions are detected one by one 
by a time-of-flight mass spectrometer and the position of the atom is measured 
using a two-dimensional detector. The Pearson correlation coefficient µ rep-
resents a measure of randomness and is obtained according to ref. [94]. 

APT experiments were performed using a local electrode atom probe 
(LEAP) 4000X HR in paper II and a 3000X HR in paper IV. The base tem-
perature in both studies was below 60 K. The field evaporation was in both 
studies controlled by a pulsed laser.  

Nanoindentation and micropillar compression  
Nanoindentation is used in the framework of this thesis to determine the me-
chanical properties (e.g. hardness and elastic modulus) of the thin films. An 
indenter (diamond or boron nitride tip) is forced into the tested material under 
well-defined load (force) conditions. Depending on the material properties and 
the test conditions, the indentation depth is in the range of a few nm up to 
several µm. Therefore, nanoindentation can be considered as a nearly non-
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destructive test. The hardness (H) and the elastic modulus (E) are derived from 
the load-displacement curve as described by Oliver and Pharr [95].  

The mechanical properties of the deposited thin films were measured using 
a CSM Instruments Ultra Nano Hardness Tester (UNHT) equipped with a di-
amond Berkovich tip. The hardness and the elastic modulus were determined 
based on at least 10 load-displacement curves per sample. 

An Alemnis SEM Indenter (Alemnis AG, Thun, Switzerland) with a dia-
mond flat punch tip was used for the in-situ compression tests. The load-dis-
placement data was recorded at a constant strain rate of 10-3 s-1 using the dis-
placement mode.  

Potentiodynamic polarisation measurements 
The electrochemical properties (i.e. corrosion resistances) of the thin films 
were determined using potentiodynamic polarisation measurements. These 
electrochemical experiments were performed in a 1.0 M HCl aqueous electro-
lyte. The setup contained the sample as the working electrode, a saturated 
Ag/AgCl reference electrode and a Pt wire as the counter electrode. The 
probed area was set to 0.196 cm2 and all potentials were given with respect to 
the Ag/AgCl reference electrode. The experimental plan was as followed: 

1. The open circuit potential was measured for one hour. 
2. The samples were polarised using a potential of -1.5 V for five 

minutes to reduce the surface oxides. 
3. Polarisation curves were recorded between -0.2 V and +1.5 V at a 

scan rate of 1 mV/s. 
 

The passivation potential (Epass), the passive current density (jpassive) and the 
corrosion potential (Ecorr) were then determined from the polarization curves. 
A hyper-duplex stainless steel (SAF 3207 HD, Sandvik AB) was used as a 
reference material. 
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Results and discussion 

The results have been divided into two sub-sections. The first section focuses 
on the synthesis and characterisation of the film studied in this thesis. The 
second section correlates the material composition and microstructure to the 
material properties. The focus of the material properties section is on the me-
chanical properties.  

Chemical composition 
The chemical compositions of the as-deposited films studied in paper I-V are 
summarised in Table 2. It is important to note that several films were made 
for each composition to make sure that the results were reproducible. In most 
cases, the chemical composition was determined with ERDA. This technique 
allows an accurate analysis of light elements, such as C, in a heavy matrix, 
such as W. The W-rich region of the binary W–C system was studied in paper 
I. The pure tungsten film is labelled W, while the films with 5 at.% C and 10 
at.% C are labelled W5 and W10, respectively. The Ta–W alloys in paper II 
are named (Ta,W) and (Ta,W):C, while the TaW-rich CrNbTaTiW alloys with 
and without carbon are denoted TaW and TaW(C), respectively. The near-
equilibrium CrNbTaTiW alloys with and without carbon are denoted NE and 
NE(C), respectively. An iterative approach was used to determine the compo-
sition of the films in papers III to V. Selected samples were analysed by ERDA 
and TEM EDS and the results were used to determine the relative sensitivity 
factors for the XPS analyses of all samples. In paper V, the formation of car-
bidic films was investigated. The compositions of these phases are also listed 
in Table 2. Here NEC denotes a near-equilibrium carbidic film. TaWC repre-
sents TaW-rich compositions, while Nb denotes a Nb-rich multicomponent 
carbide film. The suffix 300 and 600 denote the substrate temperatures. The 
somewhat confusing labelling of the samples in Table 2 is due to the fact that 
the studies in papers I and II were carried out after those in papers III-V.  
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Table 2: Sample name, composition, structure and used characterisation techniques 
in papers I-V. The oxygen impurities in all films were < 2 at.%.  

sample 
composition (at.%) 

structure characterisation technique 
Cr Nb Ta Ti W C 

W - - - - 100 - bcc ERDA 
(Ta,W) -  55  45 - bcc ERDA, APT, TEM EDS 
TaW 3 12 41 3 41 - bcc ERDA, TEM EDS, XPS 
NE 26 19 16 21 18 - bcc ERDA, TEM EDS, XPS 
W5 - - - - 95 5 bcc ERDA 

W10 - - - - 90 10 bcc ERDA 
(Ta,W):C - - 52 - 43 5 bcc APT, TEM EDS 
TaW(C) 4 11 36 4 37 8 bcc ERDA, TEM EDS, XPS 
NE(C) 27 16 15 16 19 8 - ERDA, TEM EDS, XPS 

NEC600 12 9 14 12 14 36 NaCl ERDA, TEM EDS, XPS 
NEC300 13 8 13 13 13 40 NaCl ERDA, TEM EDS, XPS 

TaWC600 4 5 26 4 25 33 NaCl ERDA, TEM EDS, XPS 
TaWC300 4 6 24 4 24 38 NaCl ERDA, TEM EDS, XPS 

Nb300 4 51 2 3 4 36  NaCl ERDA, TEM EDS, XPS 

 

Magnetron sputtering of one metal: The W–C system 
An important part of this thesis is to study multicomponent films containing 
carbon. It became obvious, however, that more fundamental studies with only 
one or two metals were required to explain some phenomena seen in the com-
plex CrNbTaTiW system. The influence of C on the synthesis and microstruc-
ture of magnetron sputtered W thin films was therefore studied in paper I. 
Three samples with pure W, 5 at.% C (W5) and 10 at.% C (W10) were depos-
ited at 300 °C. The SEM top-view images of the three samples are presented 
in Figure 6 and it is evident that C indeed has a strong influence on the grain 
size and surface morphology. The elongated grains of the pure W film are ~40 
nm wide and ~200 nm long. The angles between the grains appear to be 120° 
but no quantitative analysis was carried out. A significant change of surface 
morphology is observed upon the addition of 5 at.% C and the grains appear 
to grow with more random orientations with respect to each other. The grains 
also exhibit less regular shapes and a detailed analysis revealed the presence 
of fine lamellas with a width of ~15 nm (see the inset in Figure 6 b). Even 
smaller and more randomly orientated grains are observed for the W10 film 
which makes grain size estimation difficult.  
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Figure 6: SEM top-views of a) W, b) W5 and c) W10. The inset in b) depicts a 
100x100 nm2 zoom in of the W5 film showing the fine lamellar microstructure 
within the larger features. (from paper I).  

The θ/2θ and GI scans of the as-deposited samples are presented in Figure 7. 
All peaks in the diffraction patterns can be indexed to a cubic bcc phase and 
no indications of additional carbide phases are observed. The θ/2θ scans only 
show (hh0) peaks due to a strong preferred <110> growth orientation. This is 
a very common growth direction for bcc films since the {110} surfaces are the 
most dense-packed in this structure. The grain size was estimated from the GI 
scans by Scherrer’s equation to be ~75 nm and ~15 nm in the W and W10 
films, respectively. The unit cell parameters were determined from the posi-
tion of the (110) peak in the θ/2θ scans to ensure that only the bulk of the film 
contributes to the determination. The lattice parameter of the W film was 3.17 
Å, which is in excellent agreement with ref. [26]. The peaks of the carbon-
containing films are shifted towards smaller 2θ-angles indicating a unit cell 
expansion. The largest unit cell parameter a = 3.19 Å was found for the W10 
film. Pauleau et al. studied the influence of carbon on the lattice parameter of 
magnetron sputtered W films and found a lattice expansion of ~1% for 10 at.% 
carbon in W [96]. 

Figure 7: θ/2θ and GI and diffraction patterns for the W, W5 and W10 films. The 
peak positions for the bcc W phase [26] are marked with green triangles.  



36 

A more detailed analysis of the GI XRD patterns revealed that the (200) peak 
of the carbon containing films exhibits a shoulder that cannot be explained by 
the bcc phase. The peaks can be fitted to a body centred tetragonal (bct) struc-
ture with the space group (I4/mmm) suggesting a distortion of the bcc struc-
ture (see the supplementary information of paper I for details). The tetragonal 
distortion in the carbon-containing films can be explained by an initial step of 
a Bain distortion used to describe the martensitic transformation in the Fe–C 
system [97]. In Fe–C, the tetragonal distortion is dependent on the symmetry 
of the octahedral sites that are occupied and it is possible that a similar mech-
anism is present in the W–C system. The distortion can be induced by a high 
carbon content in the structure favouring a non-symmetrical lattice expansion 
or by other stresses present in the W5 and W10 films. The lattice expansion 
of our films is ~0.65% suggesting that C is in solid solution and recent DFT 
calculations suggest that C then occupies the octahedral sites of the bcc W 
structure [98]. Complementary studies with APT are needed to completely 
confirm that C is only present in a solid solution. However, the large unit cell 
expansion and the absence of carbides in the diffractograms support the con-
clusion that C mainly forms a supersaturated solid solution (XPS is not possi-
ble to use due to an overlap between C1s and W 4d). Magnetron sputtering of 
highly supersaturated W films has also been shown by Yang et al. [61] and 
can be explained by the high quenching rates of the incoming atoms on the 
surface reducing the diffusion required to form a carbide phase. The growth 
of a highly supersaturated W film can also explain the grain-refining effect. 
The solubility of C in W is far below 0.1 at.% and it is therefore expected that 
some C segregates to the surfaces of the growing grains. The C enriched grain 
surfaces will then act as re-nucleation sites, which will induce grain refine-
ment.  

The TEM bright field (BF) image of the W film is displayed in Figure 8 b). 
The film exhibits columns with a width below 130 nm. The SAED pattern of 
the film, shown in Figure 8 a), integrates over multiple columnar grains. The 
reflections are sharp, indicating a rigid and strict orientation relationship be-
tween the differently in-plane oriented columns. The SAED pattern also con-
firmed the preferred <110> out-of-plane orientation. In total six different zone 
axes indexed with the bcc W structure could be identified: [001], [110], [111], 
[112], [113] and [331]. Simulated SAED patterns are colour coded and over-
laid to aid the identification.  

To further identify the column orientation, centred Dark Field (DF) micro-
graphs were recorded, see Figure 8 e – h). The reflections used for the DF 
imaging are marked in the SAED and the DF images are coloured according 
to the introduced colour code (the DF image of [331] has not been recorded). 
Figure 8 c) is the sum of all DF images. The orientations causing the brightest 
reflections in SAED ([110], [113] and [112]) also dominate in the DF image, 
in contrast to the columns stemming from the weaker reflections ([111] and 
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[001]). The most common angles between these planes are 55-65° and 115-
125°, and are thus consistent with the grain relations observed in the top-view 
SEM image in Figure 6. Some columns, but not all, maintain the same orien-
tation throughout the whole film. It is likely that this applies to all columns, 
since the sample has not been thinned perfectly parallel to the growth direction 
leading to truncated columns. The grain width measured from the DF images 
is below 130 nm which is in the same range as the grain size determined by 
Scherrer’s equation.  

The W5 film also exhibits a columnar microstructure with the columns ex-
tending throughout the films. The columns are however narrower with an ap-
proximate column width below 80 nm. The SAED pattern and the DF images 
revealed that the columns follow a strict orientation relationship similar to that 
seen for the W film (see Fig. 4 paper I).  

Figure 8: TEM analysis of the W film. The crystal-orientations are colour-coded: 
[001] = red; [111] = blue; [110] = purple; [113] = green; [112] = turquoise. a) SAED
pattern with an overlay of simulated spot diffraction patterns. b) Bright Field TEM
image showing columnar growth of the film. c) Combination of dark field TEM im-
ages showing columns orientation. d – h) Coloured dark field images of the present
column orientations using the Bragg-reflections as indicated in a). The film was ~
4.5 µm thick and the deposition rate was ~ 600 nm/h. (from paper I).

The SAED of the W10 film in Figure 9 confirms the bcc structure observed 
with XRD. The annular dark field (ADF) STEM image (Figure 9) of the W10 
films exhibits a different cross-section morphology than the W and W5 films. 
The film consists of small grains (column width below 20 nm) that are elon-
gated parallel to the growth direction and aligned so that the cross-section ap-
pears to be columnar. The SAED pattern in Figure 9 shows that most of the 
grains exhibit a preferred <110> out-of-plane orientation. The in-plane orien-
tation of these grains is, however, random and a DF TEM analysis was there-
fore not possible. The loss of columnar growth and the formation of equiaxed 
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grains upon the addition of a p-element to group 6 metals has previously been 
observed by Greczynski et al. [99] and Yang et al. [61]. The microstructure of 
the W10 is an intermediate step between columnar and equiaxed grains. 

Figure 9: TEM analysis of W10 film. a) Polycrystalline SAED ring pattern. The in-
set depicts a rotational average of ring intensity (green) and simulated ring intensity 
(red) using the W structure. b) ADF STEM image showing columnar growth of the 
film. The film was ~ 4.5 µm thick and the deposition rate was ~ 600 nm/h. (from pa-
per I).  

In summary, the results show that C has a strong grain-refining effect during 
magnetron sputtering of W and that the films are highly supersaturated with 
respect to carbon. This has, as will be shown below, a strong influence on the 
mechanical properties.  

Magnetron sputtering of two metals: The Ta–W–C 
system 
Ternary Ta–W–C films were studied in paper II. This material system was 
chosen to expand the understanding of the influence of carbon to a more 
complex material system and should hence serve as a base for the TaW-rich 
high entropy alloy in paper III. Furthermore, the results in paper I, suggests a 
supersaturated solid solution of C in W far above the maximum solubility 
given by the phase diagram. In paper II, the high solubility of C in sputtered 
refractory bcc metal films was studied and confirmed by APT. Upon annealing 
the supersaturated films should according to thermodynamics form carbides. 
An annealing study was therefore carried out to investigate the potential 
formation of such precipitates. 

The chemical compositions of the (Ta,W) and the (Ta,W):C films are pre-
sented in Table 2. The annealed films are labelled with the suffix 900 to denote 
the annealing temperature. The θ/2θ and GI diffraction patterns of the as-de-
posited and the annealed films are presented in Figure 10. All peaks of the as-
deposited (Ta,W) film match a cubic bcc structure and the bcc structure is 
retained upon the addition of ~5 at.% carbon. No ordered or carbide phases 
can be observed in the diffractograms. Ta and W are, however, situated next 



39

to each other in the periodic table and they cannot be separated by lab-scale 
X-ray diffractometers. Therefore, additional neutron diffraction studies are re-
quired to rule out the presence of ordered structures. Only (110) peaks were
observed in the θ/2θ scan due to a strong <110> texture. The lattice parameter
of the films were determined, as in paper I, from the θ/2θ scans, and the lattice
parameters of the as-deposited (Ta,W) and (Ta,W):C films were determined
to a = 3.24 Å and a = 3.28 Å respectively. DFT calculations predict a lattice
parameter of 3.24 Å for Ta50W50 [100]. The observed unit cell expansion is
comparable with the unit cell expansion seen in paper I suggesting that C is
present in a solid solution. No secondary phase was observed after the an-
nealing step.

Figure 10: θ/2θ and GI scans for the (Ta,W) and the (Ta,W):C films prior to and af-
ter annealing. The green triangles mark the peak positions for the bcc phase. 

The surface morphologies of all films were investigated with SEM and it was 
found that all films exhibited similar morphologies. The typically observed 
microstructure is shown in Figure 11. The grains were elongated (~12 nm wide 
and ~ 50 nm long) and seemed to follow strict in-plane orientations similar to 
the grains in the pure W film in paper I. The grains were, however, signifi-
cantly smaller and the strict in-plane orientations were maintained upon the 
addition of carbon. The smaller grains of the (Ta,W) (~50 nm long) film in 
paper II compared to those in the W film (~ 200 nm long) in paper I were most 
likely a result of the different process parameters (different deposition cham-
bers).  
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Figure 11: SEM top-view images of the (Ta,W):C900 film. The red lines in the 
lower part of the figure indicate common angular orientations between the grains. 

The STEM bright-field cross-sections of the (Ta,W) and the (Ta,W):C films 
prior to and after annealing are presented in paper II. A columnar-like struc-
ture was observed for all films and the columns extended from the substrate 
to the top surface. The wave-like contrast variations in the cross-section indi-
cate that the films possessed a high dislocation density. The TEM cross-sec-
tions showed no indications of grain refinement upon the addition of carbon 
confirming the SEM top-view observations. It can also be seen that the heat 
treatment did not induce any grain coarsening. The column width of all for 
films was ~ 25 nm. 

The annealed samples were analysed in more detail since they exhibit the 
most interesting mechanical properties (see the mechanical property section). 
The SAED pattern and the nano-beam diffraction (NBD) patterns of the 
(Ta,W)900 and (Ta,W):C900 confirmed the single-phase bcc structure. The 
NBD patterns of the films revealed that both films exhibited strict in-plane 
orientations (see paper II) and that the films were not fibre textured with rota-
tional freedom in-plane. This is in agreement with the SEM top-view images 
in Figure 11. The in-plane orientation relationship is shown in more detail in 
Figure 17. 

Figure 12 depicts a HAADF STEM image of a GB of the (Ta,W)900 film. 
The red coloured grain on the left has a [001] ZA and the blue coloured grain 
on the right is determined a [111] ZA that share a common (110) plane. Figure 
12 (b) shows that the GBs are coherent without defects. An EDS line scan and 
a map across a GB are shown in Figure 12 (d) and (e). The EDS maps confirm 
that W segregated to the GB and the line scan shows ~ 2 at% higher W con-
centration in the GB. In total five GBs were measured, and all showed either 
no elemental segregation, or a W enrichment. The GB segregation energies of 
Ta and W have been calculated by Murdoch et al. [22] and they predict a ten-
dency for Ta to segregate to the GBs, which is in contrast with our experi-
mental findings. The results suggest that a solely enthalpy-based approach is 
not sufficient to explain the W segregations to the GBs. The W GB segregation 
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can act as a barrier against grain coarsening [22] and is a possible explanation 
for the absence of grain coarsening. 

Figure 12: (a) HAADF STEM of the (Ta,W)900 film, (b) zoom in on the GB, (c) 
HAADF STEM image of EDS area, (d) EDS maps, and (e) EDS line scan. The ar-
row in (a) indicates the growth direction, which is valid for all parts of the figure. 
(from paper II). 

A HAADF STEM image of the (Ta,W):C900 film is shown in Figure 13. An 
in-depth analysis of Figure 13 (a) shows that the GB structure of the 
(Ta,W):C900 is more complex than that of the (Ta,W)900 film. The images 
in Figure 13 (b)-(d) were extracted from Figure 13 (a) and Fourier filtered 
using the spatial frequency correlated with the 1-10 lattice planes. An anti-
phase boundary is shown in Figure 13 (a) while Figure 13 (c) and (d) show 
dislocations. Figure 13 (e) depicts a coherent GB between the [110] and [113] 
orientation. As can be seen, the GB in the (Ta,W):C900 films has anti-phase 
boundaries and dislocations. Consequently, we can conclude that the GB 
structure is more complex in the carbon containing films and these defects 
originate presumably from C GB segregations. 
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Figure 13: (a) HAADF STEM of the (Ta,W):C900 film, (b) anti-phase boundary, (c) 
& (d) dislocations and (e) coherent GB. The arrow in (a) indicates the growth direc-
tion and is valid for all parts of the figure. (from paper II). 

A major aim of paper II is to investigate the distribution of C in the (Ta,W):C 
film prior to and after annealing. Figure 14 presents the local chemical com-
position distribution of the as-deposited and annealed (Ta,W):C films, respec-
tively. Ta, W and C appear to be evenly distributed in the (Ta,W):C film (see 
Figure 14 (a)). No indications of carbon clustering or carbides are observed 
and the Pearson correlation coefficient is  0.05. It can therefore be concluded 
that the 5 at.% C form a supersaturated solid solution. A different result is 
observed for the (Ta,W):C900 film where C-rich clusters form upon the heat 
treatment. These C-rich clusters are seen as isoconcentration surfaces with ≥ 
12 at.% C in Figure 14 (b) and the frequency distribution analysis in Figure 
14 (C) shows that the measured C distribution (red markers) deviates from the 
random binomial distribution (red line). The proximity histogram of the C-
rich region in Figure 14 (b) is presented Figure 14 (d) and shows a local C 
increase from 5 up to 18 at.%. Formation of C clusters leads to an increase in 
µC to 0.39 while µW and µTa stay at ~ 0.05. The C segregation to presumably 
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the GBs can be explained by the fact that the GBs are defect-rich, and the GBs 
are therefore energetically favourable positions for C [101].  

Figure 14: Local chemical composition of (Ta,W):C films at the nanometre scale. a) 
Reconstruction of the Ta, W and C atomic positions for the as-deposited thin film 
and b) after annealing at 900 °C. The C-rich regions are indicated by isoconcentra-
tion surfaces with ≥ 12 at.% (red regions). c) Frequency distribution analysis for the 
900 °C annealed thin film where the measured distribution of Ta, W and C (scatter 
plot) is compared to a random, binomial distribution (line plot). The Pearson correla-
tion coefficients are represented by μ values. d) Proximity histogram for the 900°C 
annealed thin film for regions with ≥ 12 at.% C as indicated by the isoconcentration 
surfaces in b). (from paper II). 

In summary, the results show that C is evenly distributed within the grains 
confirming the formation of a supersaturated solid solution. These results also 
suggest that the films in paper I indeed formed supersaturated solid solutions. 
The addition of C in paper II has, in contrast to paper I, not had a significant 
grain refining effect. Combined TEM and APT studies show more complex 
GB structures as well as carbon clustering after annealing and it will be shown 
below that this has a strong effect on the mechanical properties.  

Magnetron sputtering of five metals: The CrNbTaTiW–
C system 
The high entropy CrNbTaTiW–C system was studied in papers III and IV. 
Two different compositions were studied. The TaW-rich region of the CrN-
bTaTiW–C system was selected (paper III) based on the work by El-Atwani 
et al. [57] which showed that TaW-based high entropy alloys possess a unique 
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combination of radiation resistance and high hardness. The TaW-rich multi-
component films labelled TaW and TaW(C) are very similar to the films in 
paper II but contain small amounts of Cr, Nb and Ti. The near-equimolar re-
gions of the CrNbTaTiW–C labelled NE and NE(C) were studied to investi-
gate the influence of C on the microstructure and properties of thin films with 
equimolar compositions following the original HEA concept.  

The formation of a single-phase solid solution for the TaW film is predicted 
by the design criteria by Yurchenko et al. [36]. The NE film is on the border-
line between the single-phase and the Laves phase region shown in Figure 3 
with a lattice distortion and ΔχAllen of 4.88% and 7.41%, respectively. How-
ever, unpublished CALPHAD simulations (see Figure 15) from our research 
group suggest a more complex behaviour, where the TaW film only forms a 
single-phase solid solution at temperatures above 1100 °C. Below this tem-
perature, a small amount (~ 10%) of µ and hcp phases are formed. This means 
that the addition of 18 at.% of Cr, Nb and Ti in total changes the equilibrium 
conditions and that a driving force for pushing out some elements exists at 
lower temperatures. In contrast, the simulations for the NE film show that no 
region exists where the single-phase HEA alloy is thermodynamically stable. 
Here a mixture of bcc, Laves phases (C14 and C15) and other phases are 
formed below 1600 °C. Furthermore, as can be seen the NE alloy starts to melt 
at much lower temperatures than the TaW alloy. This is due to higher concen-
trations of metals with lower melting points than Ta and W.  

Figure 15: Calculated equilibrium phase fractions as a function of the temperature 
for the (a) TaW film and (b) NE film (unpublished results). 

The GI and θ/2θ diffraction patterns of the TaW, TaW(C), NE and NE(C) 
films are presented in Figure 16. The carbon content is 8 at.% in the TaW(C) 
and NE(C) films. Both TaW and NE crystallise in a bcc structure with a pro-
nounced <110> texture. The lattice parameters of the TaW and NE films were 
determined to 3.24 Å and 3.15 Å, respectively, which is in good agreement 
with the lattice parameter calculated by Vegard’s law using the parameters 
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from Table 1. It is important to note that the lattice parameter of Ti was ad-
justed to CN 8. Consequently, the TaW and NEs film form a single-phase solid 
solution although thermodynamics predict a phase mixture. 

The carbon containing TaW(C) film also crystallises in the bcc structure 
and the lattice parameter was determined to 3.28 Å. No indication of carbides 
can be observed in the diffractogram and the C1s XPS spectrum shows no 
indication of the formation of C-C bonds in e.g. amorphous carbon (see Sup-
plementary Fig. S1 paper III, which shows only one peak at ~ 282 eV, char-
acteristic for C in a C-Me environment). The expansion of the unit cell by 
about 1.2% suggests that this film, in analogy with the (Ta, W):C film, is a 
supersaturated solid solution of C. An APT study is, however, required to fully 
confirm this conclusion. 

The diffraction patterns of the NE(C) film show a very broad hump, which 
is characteristic for XRD amorphous materials (the sharp intensities in the 
θ/2θ diffraction pattern stem from the Lα1 and Kβ lines of the Al2O3 (006) and 
(0012) peaks). Takeuchi et al. have proposed that an alloy should become 
amorphous if it consists of three or more elements which have large atomic 
radii differences [102]. The NE(C) film exhibits the largest atomic radii dif-
ference which can explain the formation of a non-crystalline structure. 

Figure 16: GI and θ/2θ scans of the TaW, NE, TaW(C) and NE(C) films. The sharp 
peak 2θ = 41.68° corresponds to the (006) Al2O3 peak. The green triangles mark the 
peak positions of the bcc phase. (from paper III). 

BF STEM cross-sections of the TaW and the TaW(C) films show that these 
films exhibit a columnar structure with columns extending throughout the 
film. The column widths of the TaW film is ~ 35 nm, which is ~ 10 nm wider 
than for the (Ta,W) film in paper II. The addition of C leads to a significant 
grain refinement and the column width of the TaW(C) is around ~ 10 nm. The 
SAED and NBD patterns of the TaW and TaW(C) which are presented in pa-
per III confirm that these films crystallise in a bcc structure. NBD also reveals 
the presence of the [111] and [001] ZA as distinct in-plane orientations. An 
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atomistic model of the [111] and [001] ZA is presented in Figure 17. The sec-
ond <111> ZA was added since they cannot be distinguished in the TEM 
cross-section. Figure 17 b) shows a STEM HAADF image of a coherent GB 
that shares a common (-101) lattice plane. The atomistic top-view model is 
presented in Figure 17 c). The combination of the experimental and atomistic 
model shows that the [010] directions of differently oriented columns exhibit 
angles of either 125.26° or 109.47°. These angles are commonly observed in 
the SEM top-view images of the films in papers II and III.  

Figure 17: a) atomistic model of the TaW film cross-section b) HR-STEM of one 
grain boundary. c) atomistic model of the film top-view extrapolated from the film 
cross-section. d) SEM top-view of TaW with the crystallographic orientation of 
three zone axes pointed out by the arrows. (from paper III). 

Cross-section HAADF STEM images of the NE and the NE(C) films are pre-
sented in paper IV. The NE film exhibits a columnar structure and the NE(C) 
film has a featureless cross-section and no crystalline regions are observed in 
agreement with the XRD results. The EDS maps of the NE film show that Ti 
is segregated to the GBs, and the maps of Nb, Ta and W show a clear depletion 
of those elements in the GBs (see Figure 18). The Cr map shows no clear trend 
but it appears as if Cr is also enriched in the GBs. The APT 3D reconstruction 
of the NE film confirms the Ti segregation. The 1D composition profiles 
across the isoconcentration surface show that the relative depletion of Cr is 
lower than for the other metals. The GBs are therefore considered to be Ti-Cr 
enriched and the most likely explanation for that is the strong tendency to from 
Cr-Ti bonds [35].  



47

Figure 18: STEM HAADF and EDS maps of the NE films showing a strong Ti en-
richment in the column boundaries. (from paper IV). 

The results of paper II show that C is randomly distributed in the crystalline 
(Ta,W):C film. A completely different behaviour was observed in the amor-
phous NE(C) with a near-equimolar composition of the five elements. In this 
case APT showed the formation of carbon-rich clusters (Figure 19). 

Figure 19: (a) 3D reconstruction of the NE(C) film with the sub-volume marked by 
the cube. (b) 2D atom maps without (left) and with (right) the C isoconcentration 
surfaces. (from paper IV). 

The Ti-rich plates in Figure 19, however, were only observed in one out of 
nine tips. The carbon-rich features are very small (1-2 nm) and can have a 
composition of up to 24 at.% C (see paper IV). Most likely these clusters are 
carbidic but it was not possible to determine their structure. It should be noted 
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that many transition metals form carbides with about 20 at.% C (chromium 
can for example form Cr23C6).  

In summary, it is possible to deposit multicomponent CrNbTaTiW films 
with a single-phase bcc structure at 300 °C. Thermodynamic data in Figure 
15, however, shows that such a solid solution is metastable at low tempera-
tures. It is likely that the deposition temperatures used in papers III and IV 
were too low to give sufficient surface diffusion rates to allow for the for-
mation of the equilibrium phases for the NE, TaW, TaW(C) films and a crys-
talline phase for the NE(C) film. As is demonstrated in paper VI, however, 
magnetron sputtering may be more effective to form equilibrium phases in 
HEA systems than conventional bulk techniques such as arc-melting or cast-
ing. Furthermore, the EDS and APT results clearly show that significant ele-
ment segregations take place in the NE and NE(C) film.  

The results in paper II show that C is randomly distributed in the (Ta,W):C, 
in contrast to the C nanoclusters formed in the NE(C) films. One possible ex-
planation for this is that the NE(C) film contains stronger carbide formers such 
as Ti compared to the (Ta,W):C film [103].  

Magnetron sputtering of multicomponent carbides 
The results in paper III-IV have shown that metallic single-phase CrN-
bTaTiW–C films can be synthesised and a series of interesting phenomena 
including elemental segregration on the nanoscale were observed. It is 
therefore of interest to expand the HEA concept of this material system to 
multicomponent ceramics. The structural evolution upon a variation of the 
substrate temperature and metallic composition of CrNbTaTiW carbides was 
studied in paper V.  

The carbon content in these films was below 50 at.% to minimise the for-
mation of free carbon (non-carbidic carbon), which is frequently observed in 
magnetron sputtered thin films. The chemical environment in the films was 
analysed with XPS and a broad peak at ~282.5 eV was observed in the C1s 
spectrum (see paper V). This peak can be attributed to a C-Me chemical envi-
ronment. In addition, the C1s peak exhibited a weak peak at around 285 eV 
which corresponds to a C-C chemical environment. The relative amount of 
free carbon was quantified by peak fitting and it was estimated that 4-9% of 
all the C atoms in the films were present as free carbon presumably at the grain 
boundaries. The presence of free carbon in the films is in agreement with pre-
vious studies on magnetron sputtered sub-stoichiometric TM-C films [104]. 

Three different metal compositions were studied (see Table 2 on page 34); 
a Nb-rich film labelled Nb, a TaW-rich film called TaWC and a near-equimo-
lar film named NEC. Note that the relative metal concentrations for the TaWC 
and NEC films were similar to the relative concentrations in the TaW(C) and 
NE(C) films in papers III and IV. Deposition experiments were carried out at 
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room temperature (RT), 300 °C, 450 °C and 600 °C. The deposition tempera-
ture is given as a suffix in the sample name.  
The Nb-rich film crystallised in a B1 (NaCl) structure which is typical for 
transition metal carbides and showed a strong <111> texture (see paper V). 
The Nb-rich film, however, exhibited poor mechanical properties (see the sec-
tion on mechanical properties below) and was not studied in detail. Figure 20 
shows θ/2θ scans for the NEC and TaWC films deposited at different temper-
atures. At room temperature (RT) the diffractograms only exhibit weak peaks 
suggesting poor crystallinity. At higher temperatures all peaks can be assigned 
to a carbide with a B1 structure. The NEC series crystallised with a strong 
<111> texture at all temperatures (see Figure 20). Additional Rietveld refine-
ments were performed for the GI scans and the B1 phase yielded an acceptable
fit for all NEC films.

Also the TaWC300 films showed a clear <111> texture which, however, 
changed to a <100> texture at 450 °C and 600 °C. The preferred growth ori-
entation of ceramic films (carbides and nitrides) depends strongly on the sub-
strate temperature [105,106] and the polarity of the surfaces. The (111) sur-
faces of carbides with a B1 structure are polar and exhibit a higher surface 
energy than the (100) surfaces [107]. There is, however, a lack of reliable sur-
face mobility data for multicomponent systems and additional studies are 
therefore required to explain the change in texture at higher temperatures for 
the TaWC films. A detailed evaluation of the diffraction data for the 
TaWC600 film suggested the presence of a tetragonal distorted and a cubic 
phase. A similar distortion has been observed for multicomponent nitride coat-
ings [108] and can be explained by the initial Bain distortion step. Several 
factors can contribute to such a distortion. Also note that the W10 film in paper 
I exhibits a tetragonal distortion. The mechanism behind these distortions is 
currently unclear but possible explanations include a stress induced distortion 
or ordering of the constituents.  

Figure 20: Normalised θ/2θ scans of the NEC and TaWC series. The red triangles 
mark the peak positions of a B1 (NaCl-type) phase with a lattice parameter of 4.32 
Å. The Al2O3 (006) sapphire peak is covered by a vertical bar. (from paper V). 
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SEM top-view images of the NEC300 and the Nb films exhibit tetrahedron 
like features on the top surface. These features are ~100 nm in size for the 
NEC films and ~50 nm for the Nb film (Figure 21). The surface morphology 
of the films does not appear to be densely packed. Johansson et al. have ob-
served a similar surface microstructure for multicomponent nitride thin films 
and attributed this microstructure to the limited surface diffusion of the ad-
atoms during the film growth [108]. The TaWC300 film possesses a smoother 
surface with less tetrahedron-like features indicating a denser microstructure. 
The increase of the substrate temperature to 600 °C led to smoother surfaces 
with a denser packed surface morphology, attributed to the increased surface 
mobility of the ad-atoms. This can be explained by a transition from zone 1 
(porous, tapered crystallites separated by voids) to zone T (densely packed 
fibrous grains) in the structure zone model of Anders [109]. 

Figure 21: SEM top-view images of the NEC, TaWC and Nb films deposited at 300 
°C and 600 °C. (from paper V). 

The STEM BF cross-sections of the NEC and TaWC films deposited at 300 
°C and 600 °C are shown in paper V. Both films deposited at 300 °C exhibit 
an under-dense columnar structure extending from the substrate to the film 
surface. The column width at the substrate film interface is around ~ 10 nm 
and increases to ~ 50 nm at around 100 nm from the substrate film interface. 
The SAED patterns confirm the B1 structure. A distinctly different nanostruc-
ture is observed for the films deposited at 600 °C. The films exhibit a fully 
dense polycrystalline structure and the SAED patterns also confirm the B1 
structure. Von Fieandt et al. have recently studied the influence of the process 



51

parameters on multicomponent alloys and found that the densest structures are 
obtained at a high substrate temperature and/or a high bias [106]. 

TEM EDS elemental maps and a line scan of the NEC300 sample are pre-
sented in Figure 22. The Cr map clearly shows that Cr is segregated to the 
GBs ~ 10 at.% Cr within the grains compared to ~ 20 at.% at the GBs. The 
concentration of the other elements in the GBs decreases by around 2 at.%. A 
similar behaviour was observed for the NEC600 films. Cr is the only element 
in the films that does not form a stable B1carbide but tends to form more com-
plex carbides (e.g. Cr7C3 and Cr23C6) [104]. It can therefore be energetically 
favourable to push Cr out of the grains into the GBs which reduces the total 
energy of the system. It is important to note that the TaWC films also were 
analysed by TEM EDS and that no elemental segregation was observed for 
those films. 

Figure 22: STEM EDS maps and line scan of the NEC300 film. (from paper V). 
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In summary the results of paper V show that single-phase multicomponent 
carbides can be synthesised. The microstructure of the films is strongly de-
pendent on the composition and the process parameters. A general trend is that 
denser films are achieved at higher substrate temperatures. The TaWC600 
film exhibits a tetragonal distortion whereas the NEC films show Cr segrega-
tion to the GBs. This segregation can be explained based on the stability for 
the metals to form B1 carbides. Both phenomena can influence the mechanical 
properties significantly. 

Magnetron sputtering of HfNbTiVZr alloys 
The CALPHAD simulations for the CrNbTaTiW system in Figure 15 show 
that for equimolar films a single-phase solid solution is not thermodynami-
cally stable. On the other hand, films with single-phase bcc structure are de-
posited by magnetron sputtering at 300 °C as shown in papers III and IV. This 
suggests that the films are stabilised by kinetics and that the HEA concept 
based on a thermodynamic model with a high entropy of mixing is not valid 
for this system. In fact, this seems to be true for many “HEAs” including the 
well-known Cantor alloy CrCoFeMnNi, which forms intermetallic phases af-
ter long annealing times (500 days at 700 °C) [110], as well as the HfNbTiVZr 
system shown in Figure 2. 

Many HEA alloys have been identified based on XRD analyses of samples 
solidified from the melt. If the diffractograms show a single-phase solid solu-
tion, the alloy has been classified as a HEA sometimes without annealing stud-
ies. However, kinetic limitations in the solidification process may give a phase 
composition far from equilibrium. This can be understood by looking at Fig-
ure 2 showing the phase fraction as function of temperature in the HfNbTiVZr 
system. When the melt is cooled, the first phase to form is the bcc solid solu-
tion (i.e. the HEA). As the temperature is reduced, a driving force exists to 
transform this phase into a multiphase system including a Laves phase. This, 
however, requires a substantial diffusion in the solid state, a process which is 
known to be slow at reduced temperatures. Due to the fast cooling, the HEA 
phase will be frozen and the XRD analyses at room temperature will show a 
metastable system (single-phase bcc solid solution). A completely different 
situation will prevail during magnetron sputtering. Here, film growth will oc-
cur by adsorbed species diffusing on the surface, a much faster process than 
bulk diffusion. As a consequence, it is possible that magnetron sputtering 
gives a phase composition much closer to the equilibrium than solidification 
from a melt. No experiments have yet been carried out to deposit CrNbTaTiW 
films at higher temperatures than 300 °C to test this hypothesis. In paper VI, 
however, three different substrate temperatures (RT, 275 °C and 450 °C) were 
used to investigate the phase formation for the sputtered HfNbTiVZr films.  
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The θ/2θ diffraction patterns in Figure 23 show that the phase composition 
depends strongly on the substrate temperature. For the film deposited at RT, a 
diffuse hump is observed and the film is therefore considered as X-ray amor-
phous. A single-phase bcc structure, with a lattice parameter of 3.42 Å, is ob-
served for the film deposited at 275 °C. The observed lattice parameter is in 
good agreement with the ab-initio calculated value in ref. [38] but deviates 
significantly from the experimental value reported in ref. [38]. The larger lat-
tice parameter in our study can be either be caused by stresses in the thin film 
or by the slightly higher Zr and Hf contents and the lower V content. The θ/2θ 
diffraction pattern also revealed that the film deposited at 275 °C crystallised 
with a <110> texture. The diffraction pattern of the films deposited at 450 °C 
showed the presence of more than one phase. The bcc phase is still formed but 
now with a <100> texture. The diffractogram also shows additional peaks, 
which can be matched to a cubic C15 Laves phase or a hexagonal C14 Laves 
phase. The unit cell of the bcc phase is determined to 3.39 Å. The decrease of 
the lattice parameter of the bcc phase can be explained by a change in the 
chemical composition of the bcc phase due to the formation of a Laves phase. 

Figure 23: Normalised θ/2θ diffraction patterns of the HfNbTiVZr thin films as a 
function of the substrate temperature. ( from paper VI). 

Additional pole figure measurements (not shown) were carried out to identify 
the secondary phase. The (422) peak (2θ = 64.4°) of the C15 Laves was used 
in the pole figure measurements. The planar angle between the (422) and (220) 
planes of the C15 Laves phase is 30° which is close to the measured angle in 
the pole figure measurements. The results confirm that the secondary phase 
on the Si substrate is the C15 Laves phase.  

Experiments at 450 °C were also carried out with Al2O3 as a substrate. For 
the film deposited on the Al2O3 substrate the bcc phase has a <110> texture 
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but the pole figure measurements showed that the secondary phase is not cu-
bic. Another pole figure measured at 2θ = 68° indicates that the secondary 
phase is hexagonal. The peak positions can originate from either an hcp phase 
or a C14 Laves phase but they cannot be unambiguously separated. The un-
changed lattice parameter of the bcc phase however suggests that the second-
ary phase consists of large and small elements (see Table 1). It is therefore 
most likely that the secondary phase is the C14 Laves phase (with a composi-
tion (Hf,Nb)V2 [111]). The main difference between the two Laves phases is 
the stacking sequence which is AB for the C14 Laves phase and ABC for the 
C15 Laves phase.  

The micro/nanostructure of the HfNbTiVZr films was investigated in detail 
by TEM (not shown). The amorphous film exhibits a featureless cross-section 
and only diffuse rings are observed in the SAED pattern, confirming the amor-
phous structure. The film deposited at 275 °C exhibits a columnar microstruc-
ture with dense grain boundaries. The SAED pattern confirmed the bcc struc-
ture in agreement with the XRD results. The SAED pattern of the film depos-
ited on Si with Tsub= 450 °C, acquired close to the film/substrate interface, 
exhibits diffraction spots on two separate rings which correspond to the bcc 
(110) and the C15 Laves (220) peaks. The SAED pattern collected in the 
“bulk” of the film corroborates the presence of both phases. 

 
In summary, paper VI supports the hypothesis that magnetron sputtering al-
lows a “direct” phase selection for the HfNbTiVZr alloy closer to equilibrium 
than synthesis from the melt. Arc-melted HfNbTiVZr are typically single-
phase and Laves phases are formed only after annealing above 600 °C [32,38], 
while our study shows Laves phase formation during film growth already at 
450 °C. This observation supports the hypothesis that magnetron sputtering 
can give other phases than solidification from the melt due to surface diffusion 
during grain growth, as this is significantly faster than bulk diffusion. Further 
studies, however, are needed to test this hypothesis.  

Mechanical properties 
The main aim of this thesis is to study the influence of metallic and non-me-
tallic alloying with C on the microstructure, which will in turn influences the 
mechanical properties of the studied materials. The mechanical properties of 
all films in papers I-V were investigated by nanoindentation. Although the 
films described in paper I were synthesised in a different deposition chamber 
than the films described in paper II-V, general trends can be observed. Table 
3 gives an overview of the mechanical properties discussed in papers I-V. 
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Table 3: Sample name, composition, hardness (H) and reduced E-modulus (Er). # 

grain size determined by XRD and * column width determined by TEM. The error 
bars are found in respective paper. 

sample 
composition (at.%) hardness 

(GPa) Er (GPa) 
column width/ 

Cr Nb Ta Ti W C column width 
(nm) 

W - - - - 100 - 11.5 383 ~75# 
W5 - - - - 95 5 19.6 354 ~22# 
W10 - - - - 90 10 24.1 352 ~15# 

          

(Ta,W) -  55  45 - 12.1 292 ~25* 
(Ta,W):C - - 52 - 43 5 16.8 292 ~25* 

(Ta,W)900 -  55  45 - 13.1 292 ~25* 
(Ta,W):C900 - - 52 - 43 5 19.1 292 ~25* 

          

TaW 3 12 41 3 41 - 14.7 321 ~ 35* 
TaW(C) 4 11 36 4 37 8 19.1 322 ~ 10* 

NE 26 19 16 21 18 - 13.3 185 ~ 45* 
NE(C) 27 16 15 16 19 8 14.9 210 amorphous 

          

NEC600 12 9 14 12 14 36 26.5 330 N.A. 
NEC300 13 8 13 13 13 40 15.7 287 ~20* 

TaWC600 4 5 26 4 25 33 35.5 350 N.A. 
TaWC300 4 6 24 4 24 38 26.8 390 ~20* 

Nb300 4 51 2 3 4 36 11.7 376 N.A.  

 
The pure tungsten film in paper I can be considered as a reference since it is a 
pure metal film. The hardness of the W film is 11.5 GPa, which is around three 
times harder than single crystalline W and coarse-grained W bulk samples 
[112]. Hardness values above 10 GPa have previously been reported for W 
thin films [82,113] and several hardening mechanisms can contribute to these 
high hardness values. The dislocation density of our films was not quantita-
tively analysed but it is know that magnetron sputtered W films often possess 
a high dislocation density of around 109/cm2 [78]. The influence of disloca-
tions on the hardness can by estimated by the Taylor relationship and a recent 
study by Ma et al. [82] has shown that a high dislocation only contributes ~ 
0.1 GPa to the overall hardness of W thin films. Ma et al. [82] attributed the 
high hardness of the W thin films to the nanocrystalline structure [82]. This is 
in agreement with other studies that have shown that bcc metals possess very 
high Hall-Petch constants that result in a high hardening potential upon grain 
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refinement [114–116]. The high hardness of the W film in our study is there-
fore attributed to the small grain size. One focus of this thesis is to determine 
the influence of carbon on the hardness of the films. Figure 24 gives an over-
view of our data and the available literature hardness data on p-element super-
saturated W solid solutions. It can be seen that our films exhibit a linear grain 
size hardness relationship, suggesting that grain refinement hardening contrib-
utes significantly to the high hardness of the carbon containing films. Figure 
24 also shows that the carbon containing films are significantly harder than 
pure W films with comparable grain size. The W10 film with a grain size of 
~15 nm is for example almost 10 GPa harder than a pure W film with a grain 
size of ~15 nm. This suggest that C can have additional effects on the hardness 
including solid solution hardening and potential grain boundary segregation 
or nanoscale carbide formation. C segregation to the GBs is known to increase 
the yield strength of ferritic steels [117]. 

Figure 24: Hardness vs. the inverse square root of the grain size (d-1/2) plot. The full 
symbols mark the pure metallic materials whereas the open symbols mark the p-ele-
ment alloyed material. Green symbols are data from the present study while blue 
symbols denote literature reference [61,82–84,112,118]. 

The hardness of the (Ta,W) film with a column width of ~25 nm in paper II is 
12.1 GPa, which is in excellent agreement with the reported values for binary 
Ta-W films by Wang et al. [119]. The high hardness of the (Ta,W) films in 
paper II can be attributed to the nanocrystalline microstructure. The addition 
of C increased the hardness to 16.8 GPa for the (Ta,W):C film and several 
factor can contribute to this increase. Firstly, paper I and Figure 24 show that 
C has a solid solution hardening effect. Secondly, even though the TEM cross-
section analysis did not show a grain refining effect upon the addition of car-
bon, it cannot be ruled out that a small decrease in the column width (within 
the error margins) increases the hardness due to high Hall-Petch coefficients 
in these materials. However, in contrast to paper I it can be excluded that C 
nanoclusters contribute to the increased hardness since no such clusters were 
observed in the as-deposited films with APT. 
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The age hardening potential of supersaturated solid solutions was also stud-
ied in paper II. The (Ta,W)900 film is as hard as the (Ta,W) film and the un-
changed hardness is attributed to the absence of grain coarsening. An increase 
in hardness of 2.3 GPa is observed for the heat-treated (Ta,W):C900 film. APT 
results have shown that the (Ta,W):C900 exhibits C-rich clusters in the GBs. 
These clusters can block the dislocation movement across the GBs and can 
therefore contribute significantly to the increased hardness. 

The hardness values of the TaW and the NE films were determined to 14.7 
and 13.3 GPa respectively. An interesting observation here is that the TaW 
film (column width ~35 nm) is harder than the (Ta,W) film (~ 25 nm) as this 
indicates an additional solid solution hardening effect, which is commonly 
expected for HEAs. There is, however, as mentioned in the material strength-
ening section no model available to estimate the solid solution hardening con-
tribution in HEAs. The results also show that the TaW film is harder than the 
NE film which can be explained by the smaller grain size. Additionally, the 
results show that the metallic (Ti) GB segregations do not have a significant 
influence on the hardness. The addition of carbon led to a grain refinement for 
the TaW(C) film which increased the hardness to 19.1 GPa. The amorphous 
NE(C) is around ~ 1 GPa harder than the NE film which is attributed to the 
formation of carbon-rich clusters (carbides) at the nanoscale (see paper IV). 

The W–C films exhibit the highest hardness (> 20 GPa) and additional mi-
cropillar compression tests were therefore carried out with the W and W10 
films to determine the strength of these films (paper I). The flow stress was 
evaluated at ~8% strain and determined to ~3.75 GPa for the W film. A sig-
nificantly higher flow stress of ~ 9.1 GPa was measured for the W10 film. 
This is among the highest reported flow stresses for metallic thin films. For 
examples, Zou et al. have previously reported such high flow stresses for nc-
NbMoTaW thin films with a column width of ~70 nm [6,7]. The high flow 
stress in the W10 film can be attributed to the nanocrystalline microstructure. 
The pillars of the W and the W10 films exhibit cracks along the GBs. The 
cracking along column boundaries is commonly observed for highly textured 
refractory metal films at such high strain values since the column boundaries 
themselves are high angle grain boundaries with limited shared slip planes. 
Less cracks are observed for the W10 film compared to the W film and the 
cracks are also shorter. The shorter cracks can be attributed to the fact that the 
columns in the W10 film do not extend through the whole film thickness. The 
intergranular fracture can therefore not propagate that easily along the column 
boundaries. Consequently, the pillar tests confirm our hypothesis that carbon 
induced grain refinement increases the strength and ductility in the W–C sys-
tem. 
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Figure 25: Representative stress-strain curves of the W (red dashed line) and W10 
(blue solid line) films. (from paper I). 

Figure 26: SEM images of typical deformed micropillar from (a) W and (b) W10 pil-
lars. Arrows pointing to clear cracks in the deformed W micropillar. (from paper I). 

The crack resistance of the Ta, TaW(C) and TaW(C) films was tested by in-
denting the material with a Berkovich tip to a pre-set depth of 500 nm. SEM 
top-view images of the indents are shown in Figure 27. Major pile-ups along 
the edges but no cracks are observed for the TaW film. The TaW(C) film ex-
hibits no indication or pile-ups after the indentation. In contrast the indent into 
the TaWC film resulted in several radial cracks starting at the corners of the 
indent. This is expected for ceramic materials since they are usually brittle. 
The indentation experiments showed that the TaW(C) film possesses a unique 
combination of ceramic hardness and metallic toughness. The results of the 
TaW(C) film further emphasise that the addition of carbon increases the 
strength of the TaW-rich HEA in a similar way as for the W–C system. 
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Figure 27: SEM top view images of a) TaW, b) TaW(C) and c) TaWC. A close up 
on the indentation corners are given in d) TaW, e) TaW(C) and f) TaWC. (from pa-
per III). 

A large spread in the hardness values was observed for the carbidic films in 
paper V and the lowest values were found for the Nb-rich film (~12 GPa) and 
the NEC300 film (~16 GPa). Transition metal carbides are generally much 
harder than refractory metals but the NEC300 and Nb-rich films show values 
similar to the pure W film in paper I and the TaW film in paper III. The hard-
ness, however, increased with increased substrate temperatures for both the 
TaWC and NEC series. This is attributed to the denser microstructure obtained 
at higher substrate temperatures. The films of the TaWC series are ~10 GPa 
harder than the NEC films deposited at the same substrate temperature. This 
can be caused by several factors such as chemical composition, stresses, mi-
crostructure (grain size, texture and elemental segregation) and inherent ma-
terial properties (bond strength). The NEC films exhibit Cr GB segregations 
which should increase the hardness. An opposite trend is, however, observed 
indicating that the GB segregations do not lead to a higher hardness. The dom-
inating slip planes in carbides can strongly influence the hardness but it is not 
possible to determine them for our multicomponent carbides. The highest 
hardness for the TaWC600 film can partly be explained by the non-cubic dis-
tortion. 
 
In summary the results show that grain refining, induced by the addition of 
carbon, is a very effective method to increase the hardness and that this effect 
is best seen in the W–C system. Micropillar compression tests of the W–C 
films revealed increased ductility upon the addition of C. The results also 
show that other strengthening mechanisms such as precipitation hardening and 
solid solution hardening contribute to the high hardness of the films discussed 
in this thesis. The hardness of the multicomponent carbides is strongly 
dependent on the microstructure and the highest hardness was found for the 
TaWC film which exhibited a tetragonal distortion.  
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Corrosion properties of the carbide thin films 
Some applications of the materials studied in this thesis require not only good 
mechanical properties but also excellent corrosion resistance. Carbon is 
known to increase the corrosion resistance of refractory metal thin films [120]. 
Therefore, the corrosion properties of the multicomponent carbides were stud-
ied in paper V. Corrosion resistance tests were carried out in a 1.0 M HCl and 
a commercially available hyper-duplex stainless steel (i.e. SAF 3207 HD) was 
used as reference material. The obtained potentiodynamic polarisation curves 
of the multicomponent carbides and the reference sample are presented in Fig-
ure 28a). The corrosion potentials were found to be 0.69 V, 0.83 V and 0.96 
V for the Nb, NEC and the TaWC samples, respectively. A significantly lower 
corrosion potential of 0.34 V was found for the reference hyper-duplex steel. 
A passive region was only observed for the Nb film between 0.9 and 1.1 V 
and the passive current density was ~ 0.1 mA/cm2. A steady current increase 
from the corrosion potential up to 1.5 V was observed for the TaWC film. The 
NEC film also showed a steady current increase up to 1.4 V which was fol-
lowed by a strong current increase between 1.4 and 1.5 V. No pits were ob-
served in the post corrosion surface analysis and it is therefore likely that the 
current increase was caused by the transpassive corrosion of Cr. The highest 
corrosion resistance was observed for the TaWC film and this is further em-
phasised by the SEM top-view images in Figure 28 b) and c) which show that 
the surface was completely unaffected by the corrosion tests.  

Figure 28: Corrosion behaviour of the NEC, TaWC and Nb films. a) Potentiody-
namic polarisation curves for the carbide films and a hyper-duplex stainless refer-
ence steel. SEM top-view images of the surface morphology before and after the 
corrosion measurements (b and c) for the TaWC300 film. (from paper V). 

The results in paper V, show that multicomponent carbides also can have ex-
cellent corrosion properties. A discussion of the influence of the composition 
on the corrosion properties, which is outside the scope of this thesis, is ongo-
ing.  
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Conclusions and outlook 

This thesis is focused on developing novel magnetron sputtered CrNbTaTiW–
C based thin films with multifunctional properties. Carbon was chosen as al-
loying element to explore if it could modify the microstructure and properties 
of these complex alloys. In particular, the carbon-induced refinement of the 
grain size was investigated as a chemical approach to improve the mechanical 
properties including the ductility. Furthermore, it is known that the presence 
of carbon in refractory transition metals can improve e.g. the corrosion prop-
erties [120]. Consequently, multicomponent refractory transition metal thin 
films have the potential to combine excellent mechanical properties (high 
hardness and ductility) with a high corrosion resistance. 

The thesis work started with the synthesis of TaW-rich and near-equimolar 
high entropy alloys in the CrNbTaTiW system (papers III and IV). Based on 
empirical design rules, these alloys should form single-phase solid solutions 
with a bcc structure stabilised by a high entropy of mixing (HEAs). However, 
CALPHAD simulations predict that the films in fact should comprise a mix-
ture of several phases at temperatures below 1100 °C. The deposited films 
were indeed single-phase solid solutions and it was therefore concluded that 
they are kinetically stabilised and therefore not formally a HEA from a ther-
modynamic point of view. In fact, many alloys claimed in the literature to be 
HEAs and prepared from a melt may be kinetically stabilised due to slow dif-
fusion in the solid state. Magnetron sputtering may offer a unique possibility 
to control the phase composition since the growth occurs through diffusion of 
adsorbed species on the surface. Evidence supporting this hypothesis was pre-
sented in paper VI where the HfNbTiVZr alloy system was investigated using 
higher deposition temperatures.  

The CrNbTaTiW–C system is complex involving five metals. Separate 
studies of the W–C and TaW–C system were therefore carried out in papers I 
and II. The addition of carbon gave rise to a grain refining effect in the W–C 
system and the multicomponent CrNbTaTiW–C system. No effect on the 
grain size was, however, observed in the TaW–C system. This suggest that C 
cannot be used as a grain-refining element in all alloys systems. It is still un-
clear why this is the case.  

All three metal alloy systems in papers I-IV showed some common fea-
tures with respect to the microstructure. They typically exhibited a columnar 
growth with <110> texture (the most dense packed plane in bcc) and specific 
in-plane orientations. This gave rise to a characteristic surface morphology 
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with elongated grains in specific orientations. Furthermore, the addition of 5-
10 at.% carbon, which is far above the maximum solubility limit, expanded 
the unit cell of the bcc alloys without formation of carbides. The APT analysis 
of (Ta,W):C films in paper II clearly show that this is due to a supersaturated 
solid solution with carbon in the interstitial sites. APT is an expensive and 
time consuming technique and was hence not applied to all systems. It is pro-
posed that supersaturated refractory metal transition films with a bcc structure 
can be easily synthesised by magnetron sputtering. An exception to this, how-
ever seems to be the near-equimolar NE(C) film. Here, the addition of carbon 
caused an amorphisation and the APT results showed carbon-clustering. It is 
not clear why some multicomponent systems tend to form amorphous films 
and more detailed studies on this are therefore needed. A supersaturated solid 
solution is not thermodynamically stable and an annealing study in paper II 
confirmed that high-temperature treatments caused segregation and clustering 
of carbon in the grain boundaries.  

The carbon-free films in papers I-IV were very hard compared to coarse-
grained alloys. This was explained by the microstructure with nanosized col-
umns. In general, the addition of carbon increased the hardness. This was 
partly caused by the reduced grain size in line with the Hall-Petch relationship 
but a solid solution strengthening combined with GB segregation was also 
required to explain the highest hardness values. Nanoindentation experiments 
in paper III indicated that carbon supersaturated multicomponent films in ad-
dition to a high hardness also exhibit a much higher crack resistance. Pillar 
tests in paper I confirmed that this is indeed the case also for W–C films. The 
potential to produce thin films combining ceramic hardness with high ductility 
is thrilling and opens up for many potential applications. Further studies, how-
ever, are required to clarify the mechanisms behind this behaviour. 

Finally, magnetron sputtering of carbide films with a B1 structure was in-
vestigated in the CrNbTaTiW–C system. The individual metals can all form 
carbides with the B1(NaCl) structure which are likely to have very high mis-
cibilities among each other. They are therefore named multicomponent car-
bides and not high entropy carbides (HEC). The results in paper V show that 
they can be produced by magnetron sputtering with a nanocolumnar growth 
and a clear <111> texture. A higher deposition temperature increases the film 
density and also the hardness. The TaW-rich films in paper V exhibited a hard-
ness value above 35 GPa, which partly could be due to a tetragonal distortion. 
A corrosion study confirmed that the TaW-rich multicomponent carbide film 
also has excellent corrosion properties. A more detailed TEM study on the 
NEC film, however shows that the segregation of some atoms (e.g. Cr) can 
occur during growth. Such segregation effects are probably common and 
should have significant impact on the mechanical properties as well as corro-
sion resistance. No design rules to predict the segregation in these complex 
carbides exist yet.  
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The results in the thesis give rise to multiple new questions. In the future it 
would be interesting to: 

• Clarify the difference in kinetic effects between magnetron sput-
tering and growth from the melt for HEAs and other multicompo-
nent materials. 

• Study the mechanisms involved in grain refinement by C and clar-
ify why this is not observed in some alloys systems. 

• Use theoretical modelling (e.g. DFT calculations) to gain a deeper 
understanding on how supersaturated carbon affects the mechani-
cal properties of refractory bcc alloys. 

• Find general rules for the segregation of elements in multicompo-
nent alloys and carbides via a combination of experimental studies 
and DFT calculations. 

• Design a multicomponent alloy or carbide with extreme hardness, 
very high ductility and superior corrosion resistance.  

• Carry out in-situ TEM irradiation studies on the TaW-rich HEA to 
determine the radiation hardness of this material since they can be 
a promising candidate for fusion applications. (planned study at 
University of Huddersfield Autumn 2020). 
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Sammanfattning på svenska 

En stor del av forskningen och utvecklingen inom det materialvetenskapliga 
området har varit fokuserad på framtagningen av nya mer hållfasta eller kor-
rosionsresistenta legeringar. Dessa material har oftast tillverkats med konvent-
ionella tekniker såsom gjutning eller smältning. Majoriteten av ett materials 
interaktioner med omgivningen sker på dess yta, varför det oftast är tillräckligt 
att modifiera ytan med en skyddande beläggning för att förbättra materialets 
egenskaper markant. I många fall är det tillräckligt att använda en beläggning 
så tunn som 1 till 2 µm (vilket motsvarar ungefär 2% av tjockleken för ett 
mänskligt hårstrå) för att kunna öka livslängden på ett skärverktyg med upp 
till hundra gånger, eller för att skydda turbinblad i flygplansmotorer från ter-
misk utmattning. 

En vanlig metod för att belägga tunna filmer på olika material är ka-
todförstoftning, mer känd som sputtring, där man bombarderar det materialet 
man önskar deponera på sitt substrat med argonjoner (Ar+). Detta resulterar i 
att materialet förångas och sedan kondenserar på substratytan för att bilda be-
läggningen. Genom att ändra processparametrarna i sputtringen kan man på-
verka flera materialparametrar, till exempel materialets sammansättning, 
kornstorlek eller spänningstillstånd. Som framgår av denna avhandling kan 
man på detta sätt erhålla mycket fördelaktiga materialegenskaper såsom ex-
trem hårdhet eller höga korrosionsmotstånd. Det finns flera andra metoder 
som också kan användas för att deponera tunna beläggningar, till exempel ke-
misk ångfasdeponering, även kallad CVD, där man utnyttjar reaktiva gaser för 
att bilda beläggningen. Gemensamt för dessa tekniker är att de kräver ett va-
kuumsystem för att inte de sputtrade atomerna eller de reaktiva gaserna skall 
interagera med molekylerna i luften.  

Att analysera tunna beläggningar kan vara mycket utmanande, bland annat 
för att det finns väldigt lite material att analysera, därför krävs ytkänsliga och 
högupplösande analystekniker. I den här avhandlingen har i huvudsak tre olika 
analystekniker använts vid analysen av beläggningarna: elektronmikroskopi, 
röntgendiffraktion och nanoindentering. Ett elektronmikroskop använder 
elektroner som ljuskälla, vilket möjliggör avbildning av material med atomär 
upplösning. För att studera kristallstrukturen hos de bildade beläggningarna 
har röntgendiffraktion använts, där röntgenstrålar interagerar med materialet 
och ger olika mönster beroende på hur atomerna är ordnade. För att studera 
beläggningarnas mekaniska egenskaper har främst nanoindentering använts. 
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Genom att mäta vilken belastning som krävs för att deformera beläggningen 
med en diamantspets kan man bestämma hur hårt materialet är. 

Alla beläggningar i den här avhandlingen är producerade med mag-
netronsputtring, där man använder kraftiga magneter för att få ett tätare plasma 
av sputtrade atomer och på så vis få en högre beläggningshastighet och tätare 
beläggningar. De beläggningar som har undersökts är baserade på ett design-
koncept för nya material som introducerades år 2004 och som kallas högentro-
pilegeringar (HEAs). De är fasta lösningar av fem eller fler element som ter-
modynamiskt stabiliseras av en blandingsentropi. Under rätt förutsättningar 
kommer entropibidraget att vara så stort att det bildas en fast lösning (HEA) 
istället för en blandning av intermetalliska faser. HEAs har visat sig ha unika 
egenskaper i bulkform och det finns därför ett stort intresse av att också stu-
dera dem som tunna ytskikt. De legeringssystem som studerats i avhandlingen 
är baserade på CrNbTaTiW samt HfNbTiVZr systemen. Dessa har även lege-
rats med kol (C) för att undersöka om man på så vis kan modifiera material-
egenskaperna för dessa komplexa legeringar ytterligare. De egenskaper som 
främst undersökts är hårdhet och duktilitet. I tidigare studier har det visats att 
korrosionsmotståndet kan förbättras markant när kol adderas till legeringar av 
värmebeständiga övergångsmetaller. 

CrNbTaTiW borde enligt empiriska kriterier i litteraturen kunna bilda en 
HEA. Termodynamiska beräkningar visar dock att så inte är fallet. De sputt-
rade skikten är dock en fast lösning enligt HEA-konceptet vilket visar att de 
är stabiliserade av kinetik och inte av termodynamik. Genom studera ett lik-
nande system, HfNbTiVZr, kan man visa att ytdiffusion under själva sputt-
ringsprocessen sannolikt gör att ytbeläggningar kan ge upphov till helt andra 
fassammansättningar än de som erhålls för bulka material efter att en smälta 
fått stelna. 

Cr-Nb-Ta-Ti-W-C systemet är mycket komplext och ger många möjlig-
heter, varför flera enklare sub-system har studerats. I frånvaron av kol uppvi-
sade alla de undersökta systemen flera gemensamma egenskaper, exempelvis 
samma kristallstruktur (kubisk rymdcentrering) och samma mikrostruktur. 
Beläggningarna var också mycket hårda, vilket kan förklaras av att de har en 
väldigt liten kornstorlek, vilket vanligtvis ökar ett materials hårdhet. Den 
rymdcentrerade kubiska strukturen bevarades även vid legering med kol (upp 
till 10 atom %) vilket resulterade i en övermättad fast lösning. Detta betyder 
att kolatomerna tvingas in på platser i kristallen där de inte ”vill” vara. Kol-
tillsatsen resulterade även i en mindre kornstorlek, vilket i sin tur ökade be-
läggningarnas hårdhet. 

Ett viktigt resultat i avhandlingen är att tillsats av kol kan användas för att 
styra kornstorleken och därmed även de mekaniska egenskaperna. Studier av 
flera legeringssystem i avhandlingen visar också att övermättnad av kol kan 
leda till att kolkluster bildas som ytterligare ökar hårdheten. Ett generellt pro-
blem när man designar nya hårdmaterial är att dessa också är spröda. I av-
handlingen har duktiliteten, dvs. förmågan att deformeras utan sprickbildning, 
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studerats. Resultaten visar att tillsatsen av övermättat kol kraftigt ökar materi-
alens duktilitet. Om höga kolhalter tillsätts bildas skikt av metallkarbid. I av-
handlingen har (CrNbTaTiW)C legeringar med olika sammansättningar stu-
derats. Mycket hårda skikt har framställts som dessutom för vissa samman-
sättningar uppvisar extremt höga korrosionsmotstånd. 

Sammanfattningsvis kan man dra slutsatsen att ytbeläggningar av multi-
komponentlegeringar av värmebeständiga övergångsmetaller har mycket in-
tressanta kombinationer av utmärkta mekaniska egenskaper så som hög hård-
het och duktilitet, samt höga korrosionsmotstånd och att dessa egenskaper kan 
förbättras genom tillsats av kol.  
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