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Design of new materials with complex geometries is an important part of new innovative
solutions for technical applications. With the use of additive manufacturing (AM), the design
possibilities are endless and geometries that are impossible to manufacture by conventional
techniques are available. However, the number of alloys commercially available is limited and
extensive research is needed to establish new materials with unique properties. An important
group of materials is ferritic stainless steels which have a body centered cubic crystal structure.
They are often used for their high strength, corrosion resistance or electrical properties at high
temperatures. However, they are often less ductile than austenitic stainless steels and issues with
cracking may arise during thermal cycling in the L-PBF process.

In this thesis, two AM techniques, laser powder bed fusion (L-PBF) and binder
jetting were used to produce components of two different ferritic stainless steels and
of the AlCoCrFeNi high-entropy alloy (HEA). The main objective was to investigate
the microstructural development, phase stabilities and mechanical properties in relation to
conventional manufacturing routes. Furthermore, thermodynamic calculations were used to
explain the phase stabilities and solidification.

L-PBF enables manufacturing of the ferritic stainless steels SS441 and SS446 with excellent
mechanical properties. It was shown that solid particles may form in the melt and act as
heterogeneous nucleation points, resulting in effective grain refinement for SS441. Other
secondary phases can form during the thermal cycling in the L-PBF process, enhancing the
mechanical properties. An example is the formation of austenite in SS446. Furthermore, the
formation of solid particles and segregated microstructure during solidification was predicted
by thermodynamic calculations.

The AlCoCrFeNi alloy could be produced with an intriguing hierarchical microstructure and
excellent mechanical properties using binder jetting and post-treatments. The microstructure
of the final component can also be controlled by pre-annealing of the feedstock powder.
Thermodynamic calculations were used to design the phase composition of the alloy. A
characteristic single-phase solid solution is only observed at very high temperatures close to
the melting point. Hence, the AlCoCrFeNi alloy is not a thermodynamically true HEA, but is
stabilized due to kinetic effects during manufacturing.
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1 Introduction 

Materials have been an important part of humankind since ancient times and 
the search for new materials has been ongoing for several thousand years [1]. 
Different materials played such a big role in the development of society that 
several historical ages have been named after the material that was most com-
mon during these times, e.g., the Stone Age, the Bronze Age, and the Iron 
Age. Ever since the Bronze Age, alloys have traditionally been designed using 
one or two principal elements with minor alloying elements, such as for the 
Fe-based steels or Ni-based superalloys [2, 3]. An important group of Fe-
based alloys that has been widely used for about 100 years is the stainless 
steels. Stainless steels were developed from ferrochromium alloys in the early 
20th century and consist of at least 10.5 wt.% Cr to achieve the good corrosion 
properties that have made them very popular for various applications [4]. 
Since the commercialization of stainless steels in the early 1900s, they have 
found use in many different areas including kitchenware, construction, and 
aerospace applications. There are large varieties of stainless steels, classified 
into four main categories: austenitic, ferritic, martensitic, and duplex stainless 
steels. All of these types exhibit different properties due to the different crys-
talline structures and microstructures, and many grades have a high corrosion 
resistance due to the high Cr content, making them suitable for applications in 
exposed environments. Ferrite (body centered cubic, bcc) is the thermody-
namically stable phase of Fe at room temperature and alloying elements such 
as Cr, Si, Al, Nb and Ti can be utilized to further stabilize the bcc structure. If 
alloying elements such as Ni, C or N are used in sufficient amounts, the aus-
tenitic (cubic close packed, ccp) phase is stabilized. Martensite is a metastable 
phase that forms from cooling the austenitic phase rapidly from high temper-
atures, forming a supersaturated solid solution of C in Fe with a tetragonal 
structure. Lastly, duplex stainless steels have a microstructure that consist of 
both the ferritic and austenitic phase in approximately equal amounts, which 
brings a good combination of the properties from the ferrite and austenite [5]. 
The phase composition can be predicted with knowledge of the composition 
(amount of ferrite and austenite stabilizers, described in Cr- and Ni equiva-
lents) using a Schaeffler diagram. Additionally, several carbide rich micro-
structures can form and be utilized to modify the properties of the stainless 
steel. The metallurgy of stainless steels is very mature, but further research is 
constantly undergoing in order to further enhance the properties for targeted 
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applications. In this thesis I have studied two types of ferritic stainless steels, 
grade SS441 and SS446. 

The alloying strategy involving a principal element in combination with 
several alloying elements to obtain different microstructures and properties 
has been sufficient for a long time. However, increasing demands on materials 
in harsh environments, on sustainability, efficiency and lifetime require new 
and groundbreaking approaches. One such example is the discovery of stable 
solid solution phases in alloys containing several principal elements such as 
high-entropy alloys, HEAs (also known as multi-principal element alloys, 
MPEAs, or complex concentrated alloys, CCAs), which have acquired wide 
interest from researchers since their discovery in 2004 [6, 7]. An illustration 
of the atom distribution in the lattice of a HEA compared to the conventional 
alloying strategy can be seen in Figure 1.1. The details of high-entropy alloys 
are described in a later section. 

 
Figure 1.1. Illustration of a conventional alloy with solute atoms restricted to a 
defined lattice position (a) and a high-entropy alloy where the atoms are displaced 
from the average lattice position (b). The figure is adapted from ref. [8]. 

HEAs have received excessive attention as they possess many attractive prop-
erties depending on the elemental composition, such as high strength and duc-
tility in a wide temperature range, high hardness, and excellent wear resistance 
[9-14]. Furthermore, HEAs have shown promising corrosion resistances as 
well as hydrogen storage capabilities [15-21]. HEAs changed the approach to 
alloy development drastically, as several principal elements (at least five) are 
used to form a simple solid solution phase with body centered cubic (bcc), 
face centered cubic (fcc) or hexagonal symmetry. Many HEAs only exhibit a 
stable solid solution at high temperatures, and other intermetallic phases are 
stable at intermediate temperatures. This can be utilized to strengthen the alloy 
by precipitation hardening, but formation of brittle phases such as the sigma 
phase can have detrimental effects on the material properties. As different 
phases may form when varying the temperature, the cooling rate will play an 
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important role in design of the microstructures, similar to the formation of the 
metastable martensitic structure in stainless steels. 

Historically, casting has been the most important method to produce alloy 
components. An alternative method is additive manufacturing (AM), com-
monly known as 3D-printing. AM of metallic materials has recently gained 
momentum as a manufacturing method, since it makes it possible to achieve 
very complex geometries of components without extended machining (or even 
designs which are not possible to machine) [22-24]. Several different AM 
techniques are used today, e.g., laser powder bed fusion (L-PBF), selective 
electron beam melting (SEBM) and binder jetting. These techniques are pow-
der-bed methods, where a powder is melted using a laser or electron beam in 
L-PBF and SEBM, while a binder and a sintering step is used in binder jetting. 
L-PBF is a technique with many similarities to welding, but with the addition 
of multiple layers (see details in chapter 4.1), whereby many of the difficulties 
are mutual. Within welding, ferritic stainless steels are known to be suscepti-
ble to hot cracking, as grain growth or carbides may form in the grain bound-
aries, causing embrittlement of the material [25]. The unique thermal treat-
ment during the L-PBF process involves rapid heating and cooling, including 
remelting of previously melted layers. The repeated heating introduces steep 
temperature gradients and thermal cycling in the material, resulting in residual 
stresses or phase transformations and introduce defects such as component 
distortion, cracking or delamination, which may be detrimental for the pro-
duced component [26, 27]. In ferritic stainless steels, the high Cr-content in 
the alloy increases the ductile/brittle transition temperature (the temperature 
below which the alloy becomes brittle) and the risk of forming brittle second-
ary phases which may be troublesome during AM [28, 29]. Additionally, sta-
bilizing elements such as Ti and Nb may increase the risk of hot cracking 
during manufacturing [30]. Pre-heating the material, on the other hand, may 
be utilized to make ferritic alloys less susceptible to cracking due to control of 
the residual stresses and are likely to be beneficial within powder bed AM 
[31]. 

Aim of the thesis 
The aim of this thesis is to evaluate the printability and properties of some 
selected ferritic materials, including the stainless steels type SS441 and SS446 
as well as the AlCoCrFeNi high-entropy alloy. The two stainless steels, SS446 
and SS441, utilize Fe as the principal element, while the HEA consist of an 
equiatomic amount of the alloying elements. The behavior during AM is ex-
pected to be less complex for the stainless steels, as less phase transformations 
to thermodynamically stable phases is expected during the thermal cycling. 
Potential problems with these ferritic alloys includes cracking due to thermal 
cycling, loss of elements or severe segregation in the microstructure and for-
mation of brittle secondary phases [29]. In order to evaluate the mechanical 
properties and understand the material behavior during mechanical load it is 
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important to understand the crystal structure, phase composition and micro-
structure of the material. Therefore, a large part of the work in this thesis is 
dedicated to microstructural characterization and the importance of post-treat-
ments to modify the microstructure of the final component. Furthermore, ther-
modynamic modelling is utilized to increase understanding of phase for-
mation, nucleation and stability during printing and following heat treatments 
and how this can be employed to design materials for specific applications. 

The present work aims to answer the following research questions: 
R1. Can additive manufacturing be a feasible route to produce high-

quality components of high Cr ferritic stainless steels with high 
density and no cracks, using SS441 and SS446 as demonstrator al-
loys? 
• How does the different chemical compositions influence the 

printability of these ferritic alloys in laser powder bed fusion? 
• How does the mechanical properties of SS441 and SS446 re-

late to those of components produced by conventional meth-
ods? 

R2. Can the material properties be enhanced by use of solid solution 
hardened high-entropy alloys with a ferritic structure? 
• Can AlCoCrFeNi be produced by L-PBF with high densities 

and no cracks? 
• Is the cooling rate high enough to limit the kinetics and pro-

duce single-phase HEAs? 
R3. How does thermal treatment effect the microstructure and phase 

composition of these ferritic alloys and corresponding mechanical 
properties? 
• What secondary phases are thermodynamically stable, and 

how do they influence the mechanical properties? 
R4. How does L-PBF and binder jetting compare to produce compo-

nents of AlCoCrFeNi? 
• Can design of feedstock powder be utilized to modify the 

properties of the final components? 
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2 The materials 

The alloys selected in this thesis are based on the ferritic (bcc, Im3m) structure. 
The two stainless steel types studied in papers I-III are SS441 and SS446, 
which are high Cr content steels with different alloying elements. The third 
alloy, used in papers IV-VI, is a high-entropy alloy consisting of Al, Co, Cr, 
Fe, and Ni in equimolar concentrations. These alloys crystallize with a cubic 
symmetry, which has two atomic positions (0 0 0) and (½ ½ ½) shown in 
Figure 2.1a. In a bcc solid solution, the atoms are randomly distributed on both 
lattice positions. If the atoms are preferentially occupying one of the lattice 
positions, a superstructure (B2, CsCl-type, Pm3m) will form, as shown in 
Figure 2.1b. 

 
Figure 2.1. a) illustrates the crystallographic structure of ferrite, with fully random 
distribution of the atoms on the lattice positions. b) illustrates the B2 structure, with 
preferential occupation of the atoms on the two lattice positions. The red and blue 
colors represent different atoms. 

2.1 Ferritic stainless steels 
Ferritic stainless steels contain a low amount of C in combination with a high 
Cr content (at least 10.5% to make a stainless steel) and ferrite stabilizing el-
ements, resulting in a stable α-Fe phase with a bcc structure [5]. The Fe-Cr 
and Fe-C phase diagrams can be seen in Figure 2.2. From the Fe-Cr phase 
diagram in Figure 2.2a, it is apparent that a higher Cr content is required in 
order to avoid formation of the austenitic (γ) phase with a face centered cubic 
symmetry (fcc, Fm3m) at elevated temperatures. However, at high Cr contents 
there is a miscibility gap in the phase diagram, where a single-phase ferrite 
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configuration is not stable. At around equiatomic composition, a tetragonal 
phase known as the sigma (σ) phase can form. This phase is rich in Cr and can 
form in a temperature range of around 600-1000 °C, giving rise to a brittle 
behavior and is therefore referred to as sigma embrittlement [32]. For certain 
compositions and at temperatures lower than 500 °C, embrittlement can occur 
due to separation of the ferrite phase into a Cr-rich α´ phase and a Fe-rich α 
phase, known as spinodal decomposition (see chapter 3.2). This is a well-
known phenomenon in stainless steels with high Cr-content and the rate of the 
decomposition is highest at 475 °C, hence it is commonly referred to as the 
475 °C embrittlement [33]. Both the sigma- and 475 °C embrittlement limits 
the temperature range at which the stainless steel may be used while maintain-
ing the mechanical properties and corrosion resistance. A closer look at the 
Fe-C phase diagram reveals that the ferritic phase can only dissolve a low 
amount of C (up to 0.025 wt.% at around 1300 °C) before carbide phases are 
formed. Additionally, the region of stable austenitic phase is greatly enhanced 
with addition of C in the alloy as it is a strong austenite stabilizer. In addition 
to Cr and C, which are important for the formation of microstructures in stain-
less steels, minor amount of other alloying elements such as Ni, Mo, Nb, Ti, 
or Al are commonly used to modify the properties of the alloy. As mentioned 
in the introduction, these are used to stabilize the ferritic or austenitic structure 
but also to enhance the strength by solid solution or formation of secondary 
phases resulting in precipitation hardening [5]. 

 
Figure 2.2. Calculated phase diagrams by Thermo-Calc of a) Fe-Cr and b) Fe-C. 

Solid solution hardening is an effect of adding a minor amount of an alloying 
element, which can be dissolved in the matrix and reduce dislocation move-
ments. Solid solution can occur either by interstitial addition of the elements 
in voids in the crystal structure, which is common when using lighter elements 
such as N or C. Solid solutions can also be obtained by substituting atoms in 
the crystal structure with an alloying element, such as Nb or Mn. This can be 
utilized to increase the strength of the alloy, as the solute will obstruct dislo-
cation movements. A noticeable difference between the two types of solid so-
lutions is the thermal stability and the willingness to form secondary phases. 
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The interstitially dissolved C or N atoms will easily move through the struc-
ture by diffusion already at relatively low temperatures, enabling formation of 
carbides or nitrides. Meanwhile, the substitutional solid solution requires for-
mation of vacancies before movement of the atoms in the crystal structure is 
possible and will therefore exhibit a higher activation energy for diffusion, 
which is important for formation of intermetallic phases [5].  

Ferritic stainless steels generally have a higher yield strength than austen-
itic stainless steels but are less ductile. This is illustrated Table 2.1 where the 
mechanical properties of some ferritic stainless steels are compared with two 
of the most well-known austenitic stainless steels AISI (American Iron and 
Steel Institute) 304 and 316 [5, 34]. In addition, ferritic stainless steels are less 
prone to stress corrosion cracking (SCC) and have a good resistance to local-
ized corrosion in seawater [28]. Uhlig et al. [35] suggested that the interstitial 
C and N are primarily responsible for the SCC, as they diffuse to grain bound-
aries or dislocations when a stress is applied, forming carbides and depleting 
the ferrite of Cr and stimulating crack propagation. Some common applica-
tions of ferritic stainless steels include high-temperature electronic conduction 
(heating elements for furnaces) or tubes for the oil and gas industry. Addition-
ally, due to the low Ni content ferritic stainless steels are generally cheaper to 
produce and therefore often used for economic reasons [34]. 

Table 2.1. Cr content, alloying elements, yield strength (σy) and fracture elongation 
(εf) for some common stainless steel grades, including SS441 and SS446 used in pa-
pers I-III. 
Steel grade  Structure Cr [wt.%] Alloying elements σy [MPa] εf [%] 
304 [36] Austenite >18 Ni 195 45 
316L [36] Austenite 16-18 Ni, Mo 190 40 
409 [5] Ferrite 10.5-12.5 Ti 240 25 
430 [36] Ferrite 16-18  270 20 
441 (paper I) Ferrite ~18 Ti, Nb 314 34 
446 [5] Ferrite 23-26  345 25 

Ferritic stainless steels, as well as other stainless steels, are commonly used 
due to their excellent corrosion resistances. The high Cr content is mainly re-
sponsible for this phenomenon and is thereby needed in the stainless steel. As 
the solubility of C and N is low in the ferritic phase, stainless steels containing 
a large amount of these elements are prone to sensitization (precipitation of 
Cr carbides or nitrides in the grain boundaries) which is detrimental for the 
properties of the steel [5]. Other alloying elements such as Nb or Ti (used for 
SS441 in paper I and II) are utilized to form stable carbides or nitrides, keeping 
the Cr in the matrix and mitigate the effect of sensitization on the alloy [28]. 

The composition of the two types of ferritic stainless steels used in paper I-
III are shown in Table 2.2. The SS441 steel used in paper I and II contains 
18.8 wt.% Cr, while the SS446 steel used in paper III contains 25.73 wt.% Cr. 
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As described earlier, Cr is the main alloying element used to enhance the cor-
rosion resistance, with higher Cr contents being beneficial [34]. There is, how-
ever, a risk of sigma phase formation at elevated temperatures with high Cr 
contents (see the phase diagram in Figure 2.2a), which significantly influences 
the mechanical properties [32]. Furthermore, the formation of solid phases 
such as TiN in the melt can influence the nucleation rate and the final grain 
size [37]. 

Table 2.2. Chemical composition of the important elements in wt.% of the two fer-
ritic stainless steels used in paper I-III. 
Alloy Fe C Si Mn Cr Ni Ti Al Nb N O 
SS441 Bal. 0.02 0.9 0.8 18.8 0.2 0.3 0.02 0.8 0.08 0.045 
SS446 Bal. 0.082 0.15 0.18 25.73 0.05 <0.01 <0.004 <0.01 0.22 0.022 

2.2 High-entropy alloys 
Since the discovery of HEAs in 2004 a vast number of alloys have been in-
vestigated. The term HEA has been generally accepted in the field, but many 
researchers prefer to use the terms MPEAs (multi-principal element alloys) or 
CCAs (complex concentrated alloys). Usually, the term HEA is applied to al-
loys that exhibit a single-phase solid solution due to a high configurational 
entropy, whereas MPEA or CCA only describe alloys with many elements, 
without any implications regarding the present phases or entropy. One of the 
most studied HEAs is the CoCrFeMnNi, known as the Cantor alloy from the 
discovery by Cantor et al. in 2004 [7]. This alloy has promising mechanical 
properties, with a high strength and ductility at cryogenic temperatures [10]. 
In addition to the Cantor alloy, many HEAs with Al have been subjects for 
investigation due to the decreased weight and tunable microstructure with Al 
content, as varying phases are thermodynamically stable. As an example, the 
(CoCrFeNi)Al4Ti2 alloy was developed by He et al. [38], where precipitation 
of a Ni3Al (γ´, L12 type structure) increases the strength of the alloy, greatly 
superseding the properties of the stainless steels presented in Table 2.1. Fur-
thermore, the addition of Cr and Al is assumed to be beneficial for the corro-
sion resistance, as protective oxides could form and retard further degradation 
of the alloy. The AlCoCrFeNi system is one of the most widely studied HEAs 
in the literature [18, 39-43]. Most of the studies have been carried out on arc-
melted or cast alloys and it is well known that these crystallize in bcc and B2 
(Figure 2.1) structures. Furthermore, it has been shown that the crystal struc-
ture is highly dependent on the Al content, where the Al0-0.3CoCrFeNi and 
Al0.9-1.2CoCrFeNi alloys crystallize in face centered cubic (fcc) and bcc + B2 
phases, respectively. A mixture of these phases is observed in the composition 
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region between around 7 to 18 at.% Al. The phase composition is also depend-
ent on the temperature, as the fcc, sigma, bcc and B2 phases are stable in dif-
ferent temperature regions [42]. 

Table 2.3. Summary of the tensile properties for some well-studied HEAs, mainly 
based on the 3d transition elements. 

In the original definition of HEAs, five or more elements in equiatomic ratios 
are used. This gives a high configurational entropy of mixing, stabilizing a 
solid solution phase. Generally, any given system will attempt to minimize the 
Gibbs free energy of formation (ΔG), by forming the most stable phases at 
any given temperature. For a solid solution, the Gibbs free energy of formation 
(ΔGSS) is obtained from the mixing enthalpy (ΔHSS) and mixing entropy 
(ΔSSS), at a given temperature (T), in the system as: 

 ∆GSS = ∆HSS - T∆SSS 2.1 

Furthermore, for an ideal solid solution, assuming that the mixing entropy is 
the only contribution, it can be given by: 

 ∆SSS = -R cnlncn 2.2 

where R is the gas constant and cn denotes the atomic concentration of element 
n. The entropy of mixing for a solid solution is dependent on the number of 
elements and their molar fractions. ΔSSS is 1.61R for a five-component alloy 
at equiatomic concentrations assuming a random solid solution and is often 
used as a criterion for high-entropy alloys. When the mixing entropy is large, 
a stable solid solution may form due to the decrease in ΔGmix. Even though the 
entropy of mixing is large, intermetallic phases are often observed in many 
HEA systems. This is an effect of low Gibbs free energy for the intermetallic 
phase, which can be written as: 

 ∆GIM = ∆HIM - T∆SIM 2.3 

In order to obtain a single-phase solid solution, the Gibbs free energy of for-
mation for the solid solution (ΔGSS), has to be lower than for the competing 

HEA Manufacturing method σy (MPa) εf (%) 
CoCrFeNi [8] Cast 300 42 
CoCrFeMnNi [8] Cast 362 51 
AlCoCrFeNi [44] Cast 395 1 
AlCoCrFeNi [45] SEBM 769  1.2 
(CoCrFeNi)94Al4Ti2 [38] Cast 645 39 
HfNbTiZr [46] Cast 879 14.9 
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intermetallic phases. For example, if ΔGSS > ΔGIM at the equimolar composi-
tion, an intermetallic phase will be stable at equilibrium. If, on the other hand, 
ΔGSS < ΔGIM, the solid solution phase is more stable than the intermetallic 
phase and thus a single phase HEA may form. 

The enthalpy for a solid solution (HSS) is similar to the enthalpy for an in-
termetallic phase (HIM) consisting of the same elements. Hence, the entropy 
plays an important role when it comes to which phase is formed due to the 
minimization of the Gibbs free energy. The enthalpy of formation depends on 
the bonding enthalpy between two elements and the number of these bonds in 
the structure. Generally, when HSS is negative, it is likely that the values for 
HIM are also more negative, and the formation of enthalpy stabilized interme-
tallic phases can be observed. It is therefore necessary that ΔH is small (close 
to zero) in order to obtain an entropy stabilized solid solution. Furthermore, 
larger negative values of ΔH promote the formation of bulk metallic glasses 
[47-50].  

The intermetallic phases that can form in an alloy consisting of multiple 
principal elements typically show long-range chemical ordering on different 
sub-lattices in the structure. A common intermetallic phase is shown in Figure 
2.3a, where the A atom is occupying the A sub-lattice and the C atom the C 
sub-lattice. In such a crystal, the configurational entropy is very low and can 
be approximated to zero [8, 51], resulting in an enthalpy dependent Gibbs free 
energy for the intermetallic phase (ΔGIM). In HEAs there are usually more 
elements than sub-lattices, hence each sub-lattice will be occupied by two or 
more atoms. There are many possible configurations of the occupancies on 
different sub-lattices of intermetallic phases in HEAs, but one example is 
shown in Figure 2.3b, where atoms A and B sits on the A sub-lattice and atoms 
C, D and E sits on the C sub-lattice. This configuration will increase the en-
tropy and promote the formation of an intermetallic phase, as ΔGIM is lowered. 
In contrast, if an HEA phase is stable, all elements are distributed randomly 
on all lattice positions in the crystal structure provided that the solid solution 
is ideal (see Figure 2.3c). 

Some general guidelines have been developed to describe the formation of 
solid solution phases in HEAs. Many of these guidelines are extensions of the 
Hume-Rothery rules and states that [47, 52]: 
 

I. The lattice distortion, δ, should be less than 6.6 %. 
II. Ω (the ratio between TΔS and ΔH) should be larger than 1.1.  
III. The enthalpy of mixing should generally be between -20 and 5 

kJ/mol. 
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Figure 2.3. Crystal structures with a) ordering of A and C on the sub-lattices, b) 
disordered configuration of A and B atoms on the A sub-lattice and C, D and E on the 
C sub-lattice and c) HEA phase with complete disordering on the A and C sub-lattices. 

Originally, the Hume-Rothery rules were designed for binary or ternary alloys, 
but they have since then also been used as a starting point to describe quasi-
crystals [53] or HEAs [50, 54, 55]. Moreover, the valence electron concentra-
tion (VEC) has been shown to be important for the formation of bcc or fcc 
phases, where bcc phases are stable at lower VEC and fcc phases at higher 
VEC [56, 57]. Also, the difference in Allen electronegativity has been inves-
tigated as a criteria for the formation of intermetallic Laves phases in HEAs 
[58]. 

An important parameter in the HEA literature is the δ-parameter, defined 
as: 

 

δ= ci 1 - ri

r ̅ 2
N

i=1

 2.4 

where ri and r̅ are the radius of atom i and the average radii, respectively. The 
concentration of atom i is given by ci. It has been assumed that large δ-values 
induce a lattice distortion which destabilizes the HEA (see rule I above). The 
lattice distortions lead to a structure with local deviations from a perfect bcc 
or fcc lattice (see Figure 1.1), giving rise to a range of interstitial site sizes. 
This will affect the local order and therefore also the entropy of the alloy. It 
was recently reported by Casillas-Trujillo et al. [59] that the δ-parameter, 
which is commonly used to describe the lattice distortion in HEAs, is not suf-
ficiently describing the chemical nature of the alloy. By ab initio simulations 
using density functional theory in combination with X-ray photoelectron spec-
troscopy and transmission electron microscopy (TEM), it was shown that 
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there is a significant charge transfer between the elements in the alloy. For 
example, in HfNbTiVZr, the charge transfer significantly alters the estimated 
δ-value from around 5.7 % to around 2 % by applying the charge-transfer 
model compared to the radii from assuming a hard sphere model. This suggest 
that many properties of HEAs linked to the δ-parameter, may in fact be an 
effect of chemical bonding within the solid solution.  

In many HEAs, the single-phase configuration is only stable at very high 
temperatures, where the entropy contribution dominates the Gibbs free en-
ergy. Figure 2.4 shows a phase diagram of the HfNbTiVZr alloy, where a sin-
gle-phase bcc solid solution is expected at high temperatures. At lower tem-
peratures, however, a mixture of many different phases is expected at equilib-
rium. Hence, the kinetics (i.e., the cooling rate) is anticipated to be important 
for the formation of single-phase HEAs. As will be shown in paper IV-VI, the 
different cooling rates of the AM processes and the atomization have a great 
impact on the phase composition and microstructure of the AlCoCrFeNi alloy.  

 
Figure 2.4. Phase fraction diagram of the HfNbTiVZr HEA, showing that multiple 
phases are stable at different temperatures. Adapted from ref. [60]. 
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3 Phase transformations 

As shown in the phase diagrams in Figure 2.2, phases with different crystalline 
structures are stable at specific temperatures and compositions in many steels 
and high temperature alloys. In addition to this, alloying elements can induce 
formation of secondary phases by phase transformations during heat treat-
ments. Formation of secondary phases are important in metallurgy, as they 
can be utilized to modify the properties of the alloy by forming a different 
structure with unique properties, or by formation of precipitates in the matrix. 
In addition to liquid-solid phase transformations there are two transformations 
that can occur in solid-state: diffusional or diffusion-less transformations. The 
common phenomenon is that a crystal structure transforms into another one, 
either by diffusion of atoms or by movement of atoms on a length-scale 
smaller than one interatomic distance. The diffusion-less transformations are 
important in e.g., TRIP steels (transformation induced plasticity). However, 
the majority of the phase transformations that occur in solid state involve dif-
fusion of thermally activated atoms. The diffusional phase transformations 
take place as the temperature of the solid changes, inducing a transition to a 
more stable configuration by e.g.: (i) precipitation or (ii) ordering reactions. 
These phase transformations are important for the properties of the material. 
Precipitation based transformations can be used to increase the strength of e.g., 
Ni-based superalloys [2] or precipitation hardened stainless steels [61]. 

3.1 Nucleation 
Both in solidification and solid-state phase transformations, formation of a 
nucleus that grows into a new phase is important to initiate the phase transfor-
mation. The nucleation will be discussed from a perspective of the classical 
nucleation theory [62]. It is important to note that there are limitations to this 
theory, as some crucial assumptions are made which will be discussed further 
in the following sections. 

3.1.1 Solidification of alloys from the melt 
Solidification of a melt into a solid phase can occur when the temperature is 
below the melting point (Tm). This can occur either by homogeneous or heter-
ogeneous nucleation. Homogeneous nucleation occurs when a nuclei forms 
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within the liquid, while heterogeneous nucleation is when a nuclei forms on a 
solid surface. The driving force to form the solid phase is the difference in 
Gibbs free energy (ΔG) between the liquid and the solid. If ΔG is negative, 
the system will obtain a lower energy state by solidification and the solid-state 
phase forms. Considering a homogeneous nucleation, the radius dependent 
Gibbs free energy (ΔGr) is given by: 

 ∆Gr = 
4
3 πr3∆Gv + 4πr2γ 3.1 

where ΔGV is the free energy change due to formation of the solid from the 
liquid, and γ is the interfacial energy between the solid and the liquid. The first 
term in eq. 3.1 is the driving force for nucleation and the second term the en-
ergy loss due to formation of an interface. Furthermore, from eq. 3.1 it is evi-
dent that there is a critical radius (rc) where the driving force supersede the 
counteracting interfacial energy, illustrated in Figure 3.1. At a small radius, 
r<rc, the interfacial energy (∝ r2) is dominant, and the nucleus will dissolve to 
minimize the free energy, whereas growth of a larger nucleus is promoted 
when r>rc. 

 
Figure 3.1. Change in Gibbs free energy due to formation of a nucleus. 

In reality, homogeneous nucleation is rarely observed since it is more favora-
ble to form a nuclei on surfaces and other nucleation agents in a heterogeneous 
nucleation process [62]. This process has a lower energy barrier, hence neces-
sitating less undercooling to initiate the phase transformation. If the number 
of nucleation sites increases, a smaller grain size of the solid is expected. In 
paper I, the influence of O on the microstructure of the steel is discussed. It 
has been shown for ferritic stainless steels that the addition of inoculants (par-
ticles to act as nucleation sites in the melt) such as TiN or TiO promote solid-
ification and formation of a fine-grained microstructure [63, 64]. This can be 
realized from the phase diagrams of SS441 from paper I in Figure 3.2, where 
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phases with high melting points such as TiN and corundum are expected to 
form from the liquid phase and act as nucleation sites for the ferrite.  

 
Figure 3.2. Phase fraction diagrams for the ferritic stainless steel SS441 without and 
with O present are shown in a) and b), respectively. Adapted from paper I. 

3.1.2 Solid-state phase transformations 
In order to initiate a solid-state phase transformation of a given phase into 
another thermodynamically stable phase, a formation of a stable nucleus sim-
ilar to the liquid-solid phase transformation is necessary. The change in Gibbs 
free energy as a nucleus is formed in a solid-solid phase transformation is 
similar to eq. 3.1, apart from addition of an additional term for the misfit en-
ergy ΔGS, and is given by: 

 ∆Gr = 
4
3 πr3(∆GV + ∆GS) + 4πr2γ 3.2 

In contrast to nucleation from a liquid phase, the interfacial energy (γ) varies 
to a great extent between coherent and incoherent nucleation in solid-solid 
phase transformations. Therefore, eq. 3.2 is a simplified description but is used 
for the discussion. The ΔGS arises as there is an energy barrier for the newly 
formed phase to fit into the defined volume originally occupied by the matrix 
phase. With the addition of the strain energy, the free energy at the critical 
radius can be expressed as: 

 
∆Gc = 

16πγ3

3(∆GV + ∆GS)2 3.3 

From equation 3.3 it is evident that the interfacial energy has a large impact 
on the free energy for nuclei with a critical radius. The interfacial energy var-
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ies greatly between different crystal structures and directions in solid materi-
als, where incoherent and coherent interfaces exhibit large and small interfa-
cial energies, respectively. As a consequence, direct nucleation with incoher-
ent surfaces is difficult due to the large Gibbs free energy at the critical nucleus 
size, and nucleation will instead occur at defects such as grain boundaries, 
dislocations, stacking faults etc. [62].  

3.1.3 Limitations of the classical nucleation theory 
In the classical nucleation theory used to describe phase transformations in the 
previous section, it is assumed that the initial nucleus possess the same prop-
erties as the final product [65]. This is an approximation that can be utilized 
to describe how a nucleus forms and the general driving force for phase trans-
formations. However, the phase transformations are more intricate, as the 
composition is likely to change from initial nucleation until reaching the final 
particle size, accompanied by a varying free energy of the nucleus. It has been 
suggested by Peng et al. [66] that the mechanism for nucleation consist of a 
two-step process, where the first step is formation of a high density liquid-like 
nucleus. Upon further growth of the nucleus, it will become ordered and ap-
pend the final crystal structure of the newly formed phase. The reason for the 
initial formation of a liquid-like nucleus is the lower interfacial energy com-
pared to the incoherent solid-solid interfaces. This multi-step nucleation pro-
cess can be realized by considering Ostwald’s rule, where a transition is ena-
bled by formation of intermediate states requiring a lower activation energy. 
This type of two-step nucleation has, for example, been identified by com-
bined TEM and APT analyses for G-phase formation in a ferritic stainless steel 
by Matsukawa et al. [67]. They explain that solute clusters form and grow into 
a critical size, followed by a structural change into the intermetallic G-phase 
containing Ni, Si and Mn. The structural transition is further explained to be 
initiated by a chemical change in the initial clusters. They conclude that the 
nucleation requires a combination of a critical cluster size (as explained by the 
classical nucleation theory) and a critical composition. Furthermore, King et 
al. [68] suggested that there is an intermediate structure during precipitation 
of the G-Phase from the ferrite.  

In addition to the disregarded chemical fluctuation of the nucleus and the 
final phase, no change in interfacial energy between the nucleus and surround-
ing matrix is considered. It can be realized that a very small cluster (consisting 
of only a few atoms) will not have the same interfacial energies as a larger 
particle, in addition to the change due to a multi-step mechanism. Hence, the 
classical nucleation theory is seldom used to describe clusters of a very small 
size (single or a few unit cells) [65]. 
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3.2 Spinodal decomposition 
In addition to nucleation and growth of phases, clustering of atoms into re-
gions with different compositions but similar crystal structures as the matrix 
phase can occur, α→α + α´. This is due to minimization of the free energy in 
a miscibility gap (such as the one for the Fe-Cr binary system shown in Figure 
2.2), where it is energetically favorable to form two different phases with dif-
ferent compositions. Consider a phase with composition X0 that decomposes 
into two phases with composition X0+ΔX and X0-ΔX. The change in Gibbs 
free energy can then be expressed as: 

 
∆G = 1

2
d2G
dX2 (∆X)2 3.4 

If the second derivative of the Gibbs free energy is negative, the system will 
lower the net free energy by separation into two phases with different chemical 
compositions. Figure 3.3a illustrates a miscibility gap for a binary alloy, where 
the two-phase configuration is favorable over a single-phase solid solution. 
The Gibbs free energy as a function of mole fraction (X) of element B is shown 
in Figure 3.3b. The two red circles denote the compositions where the second 
derivatives of the Gibbs free energy are zero, which are known as the spinodal 
points or spinodes. Within the miscibility gap, the one phase configuration is 
not stable and the system will undergo a decomposition to minimize the free 
energy. In fact, within the chemical spinodal, the one-phase configuration is 
unstable and small fluctuations in chemical composition will lower the Gibbs 
free energy (where the second derivative is negative). Hence, one of the ele-
ments can diffuse from low to high concentration, called uphill diffusion, in 
order to minimize the energy of the system.  

This phase separation into B-rich and A-rich areas is known as spinodal 
decomposition. In contrast to nucleation, the only activation energy required 
for this type of phase separation is that of diffusion. This explains that the 
process of spinodal decomposition takes place as soon as diffusion is possible 
and proceeds until the equilibrium compositions are reached. If the composi-
tion is outside of the chemical spinodal, the solid solution is metastable, and 
small composition variations will increase the Gibbs free energy. Hence, for-
mation of a nucleus is needed to obtain a phase separation and the lowest pos-
sible Gibbs free energy of the system [62].  
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Figure 3.3. Alloys within the miscibility gap (a) are either metastable (outside the 
chemical spinodal) or unstable (inside the chemical spinodal), which can be seen from 
the Gibbs free energy curve (b). c) microstructure of a spinodally decomposed 
AlCoCrFeMn0.08Ni alloy. 

Alloys that exhibit spinodal decomposition show an inhomogeneous micro-
structure on a characteristic length scale. A typical interconnected network as 
shown in Figure 3.3c is observed. The AlCoCrFeMn0.08Ni alloy shown in Fig-
ure 3.3 separates into a combination of bcc and B2 phases, which have similar 
crystalline structures and are ordered coherently but with varying elemental 
composition. If the decomposition occurs in a coherent fashion, a strain com-
ponent is introduced in the change of the free energy according to 

 ∆Gs = η2(∆X)2E´Vm 3.5 

where η relates to the unit cell change with composition, ΔX the total compo-
sitional difference, E´ to the elastic modulus and Vm is the molar volume. The 
strain stabilizes the solid solution and largely impacts when spinodal decom-
position occurs, if the atomic size difference is large. 

Spinodal decomposition is observed in many alloy systems, including 
HEAs and steels. In paper V, spinodal decomposition is seen for the AlCo-
CrFeNi alloy. It is also a well-known phenomenon in binary Fe-Cr alloys and 
Cr-rich steels, as clustering into Cr-rich and Fe-rich domains is observed to 
minimize the Gibbs free energy of the system [69-71]. Spinodal decomposi-
tion in ferritic stainless steels causes hardening, but also embrittlement of the 
alloy [28]. Furthermore, it has been shown that other elements, such as Co and 
Ni, affect the decomposition. It has been suggested that the change in decom-
position rate could be due to a change of the position of the miscibility gap in 
the ternary alloy, or by different diffusion coefficients than in the binary alloy 
[72].  
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3.3 Mechanical properties 
Knowledge about different phase compositions and microstructures of alloys 
is of great importance in materials science, as the mechanical properties of a 
material are directly related to the microstructure (i.e., crystal structure, phase 
composition, grain size etc.). An external load can induce atom movement and 
deformation of the material, which is either elastic (reversible deformation if 
the external load is removed) or plastic (irreversible deformation). The 
strength of a material is given by its ability to withstand plastic deformation. 
In reality, the theoretically estimated strength is higher than the experimen-
tally observed strength due to imperfections in the crystals (i.e. dislocations) 
[73]. As the material is exposed to an external load, the dislocations will start 
to move, which defines the plastic deformation in metals. The dislocation 
movement is easier along close packed atom planes, giving rise to different 
ductility and strength of ccp, bcc and hcp materials. The number of slip sys-
tems (combinations of slip planes and directions given by the closest atom 
distance) relates to how easily dislocation movement is activated, and the 
number of slip systems are 12, 48 and 3 for the ccp, bcc and hcp crystal struc-
tures, respectively. As the slip planes in the ccp crystal are close packed, dis-
location movement occurs easily, and the material exhibits a more ductile be-
havior compared to a bcc crystal. Furthermore, the number of slip systems 
promotes dislocation movements to a higher grade compared to a hcp crystal, 
which shows a highly anisotropic behavior [73].  

In order to enhance the mechanical properties of an alloy, the movement of 
dislocations needs to be controlled. As obstacles for dislocation movements 
are introduced, the yield strength of the material will increase. There are dif-
ferent ways to strengthen the material, including deformation hardening, grain 
size hardening, solid solution hardening or particle strengthening These can 
be designed through addition of alloying elements, or by the manufacturing 
process. In addition to the phase composition, the cooling rate will influence 
the microstructure of the alloy, as a smaller grain size is expected at higher 
cooling rates. For high temperature applications, the strength can decay due 
to annealing (i.e., recovery of dislocations, grain growth or dissolution of pre-
cipitates). Figure 3.4 shows stress-strain curves of the SS441 ferritic stainless 
steel from paper I. The yield strength is commonly determined from the inter-
section of the stress-strain curve with a straight line with the same slope as the 
elastic region (at low strain values), starting from a strain value of 0.2 %. The 
elongation (strain) at fracture is related to the materials ductility, where more 
ductile materials are able to be heavily deformed plastically before fracture. 
Thus, a brittle material will reach fracture without (or with low) plastic defor-
mation [73].  
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Figure 3.4. Tensile stress-strain curves of the SS441 alloy from paper I. The curves 
illustrate how the finer grain structure of the L-PBF produced components results in 
a higher yield strength, at the expense of elongation.  

As a material is subject to stress at elevated temperatures during long periods 
of time in e.g., engines, a phenomenon known as creep will occur. A typical 
creep curve is shown in Figure 3.5, where three regions are identified: primary 
creep, secondary creep, and tertiary creep. In the primary creep region, there 
is an elastic part when the specimen is initially loaded, followed by a decay of 
the strain rate with time. During the creep test dislocations are generated due 
to the applied stress, causing initial hardening of the material, and explaining 
the decrease in strain rate. The dislocation will, however, recover continuously 
and a steady-state will be reached where the rate of dislocation generation and 
recovery are equal causing a region with constant strain rate (secondary 
creep). At a late stage, formation of e.g., cavities, grain coarsening, precipita-
tion or precipitate coarsening will become detrimental for the material and 
fracture is inevitable (tertiary creep) [73, 74].  

 
Figure 3.5. Illustration of a typical creep curve, showing regions with primary, 
secondary and tertiary creep. 
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4 Additive manufacturing 

Many bulk alloys are commonly synthesized using arc melting, casting or 
plastic deformation steps [75]. However, as the design possibilities are rather 
limited in such methods and complex geometries are difficult to produce, an 
increasing interest has been seen in alternative manufacturing routes. Additive 
manufacturing (AM) was developed from rapid prototyping and opens up pos-
sibilities to produce new complex components that are difficult or impossible 
to fabricate using conventional methods. The AM process utilizes a digital 
model to build a component by subsequently adding thin layers, allowing a 
high grade of customization. Due to the latter, the possibility of on-demand 
production, raw material savings and the decreased part count, AM has found 
its uses in e.g., the aerospace, automotive or medical technology industries 
[76]. There are many different AM techniques, which differ regarding the na-
ture of the starting material and the consolidating process. The building mate-
rial is commonly an alloy in form of either a powder or a wire, which is de-
posited in a layer-by-layer fashion. The powder processes can be categorized 
into powder-feed and powder-bed systems. In the powder-feed systems, the 
powder is supplied by a nozzle and an energy source is used to melt the pow-
der (Figure 4.1a). The required shape defines the movement of the nozzle and 
the energy source. The wire-feed systems work in a similar fashion, but the 
starting material is a wire instead of a powder (Figure 4.1b). In powder-bed 
systems, on the other hand, the final component is formed by subsequent ap-
plications of thin powder layers (Figure 4.1c). The powder-bed systems are 
generally more limited regarding the building volumes compared to the pow-
der-feed systems, but the resolution and possibilities to build finer shapes are 
usually higher. Below, focus will be on the two powder-bed processes used in 
this thesis, i.e., laser powder bed fusion (L-PBF) and binder jetting. 
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Figure 4.1. Illustration of different AM techniques including a) powder-feed system, 
b) wire-feed system and c) powder-bed system. Adapted from ref. [76]. 

4.1 Laser powder bed fusion 
Laser powder bed fusion (L-PBF), also known as selective laser melting 
(SLM), Laser Beam Melting (LBM), Direct Metal Laser Sintering (DMLS), 
LaserCUSING or Laser Metal Fusion (LMF), is a powder-bed technique that 
was invented at the Fraunhofer institute ILT in the mid-1990s [77]. The tech-
nique utilizes the earlier development of laser techniques to selectively melt a 
thin layer of metal powder in the build area. An illustration of the L-PBF pro-
cess can be found in Figure 4.1c. A homogeneous thickness of the powder 
layer is important to obtain a high-quality part using this building process, and 
the morphology and size of the powder are therefore central parameters to 
keep under control. Hence, gas-atomized powders with spherical morpholo-
gies are commonly used, due to the need of a high packing density and good 
flowability of the powder [76]. A typical particle size distribution for powders 
used with L-PBF is between 20–50 µm. Furthermore, a protective atmosphere 
with N2(g) or Ar(g) is used during the printing process to minimize oxidation 
and to help to eliminate the metal vapors that form in the building process. 
Lastly, supporting structures may be required during the printing process.  
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4.1.1 Process parameters 
The melt pool characteristics are important for the quality of the produced 
component during L-PBF, where phenomena such as balling, cracking, de-
lamination, formation of different kind of pores etc. are troublesome (see 
chapter 4.1.3) [76, 78]. The characteristics of the melt pool can be controlled 
by careful selections of the process parameters including laser power, speed, 
hatch spacing, powder layer thickness and scanning strategy. The laser beam 
interaction with the powder and previously consolidated material is illustrated 
in Figure 4.2. For the ferritic alloys used in papers I-III and V, the laser power, 
speed and hatch spacing were varied in order to obtain a high-density compo-
nent. For the AlCoCrFeNi alloy in paper V, different scanning strategies were 
also employed to find the optimal processing parameters. 

 
Figure 4.2. Detailed illustration of the interaction of the laser beam with the powder. 
The process parameters used in L-PBF, including the laser beam (power and speed), 
hatch spacing and layer thickness are shown. Figure with courtesy of ref. [78]. 

The volumetric laser energy density, VED, can be calculated using: 

 VED=
P

vht 4.1 

where P is the laser power, v the scan speed, h the hatch spacing and t the 
powder layer thickness. These are the main parameters of discussion, but 
many more parameters influences the process, such as the scanning strategy, 
machine parameters or material properties [79]. Equation 4.1 is commonly 
used to describe how porosity varies depending on how much energy is put 
into the material, where lack-of-fusion defects can occur at low values of 
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VED, and keyhole defects are observed at high values of VED. The equation 
is, however, not able to predict the melt pool fully, as effects such as mass 
transportation, conduction to surrounding material or absorption of the laser 
energy are not considered [80].  

4.1.2 The microstructure 
In L-PBF, a very limited amount of material transforms into a liquid state dur-
ing melting, resulting in very high cooling rates (104-106 K/s [22]) and tem-
perature gradients. This has a great effect on the microstructure and the stress 
state of the final component (see chapter 4.1.3). The layer-by-layer process of 
L-PBF enables heterogeneous solidification of the liquid on the previously 
solidified material with the same chemical composition. During this condition, 
epitaxial growth can be seen from the existing substrate since it has the same 
crystalline structure [76]. If nucleation is required, the interfacial energy of 
the nucleus to the previously solidified material and the melt will be low due 
to the similar chemistry of the different phases, giving a low energy barrier 
for heterogeneous nucleation (the interfacial energy in Figure 3.1 is low). 
Hence, rapid formation of small nuclei is expected, resulting in a small grain 
size [81]. 

During the L-PBF process, the subsequent melting of new layers may ini-
tiate solid-state phase transformations or remelting of the previously deposited 
layers. Hence, the initially formed microstructure is often altered by deposi-
tion of new layers causing a new thermal cycle. Partly remelting of previous 
layers is required to achieve a good quality of the built part and good adhesion 
between layers. The growth during solidification occurs from the melt-solid 
boundary in the melt pool and is ultimately determined by the temperature 
gradient and the growth rate of the solid phase. Preferential growth of crystals 
in one direction (texture) may form during solidification. It has been shown 
that a strong preferred orientation is obtained for 316L parallel to the build 
direction during manufacturing [82]. A strong in-plane texture was also ob-
tained, which could be modified by careful selection of the scanning strategy 
during manufacturing. Furthermore, the presence of solid phases in the melt 
(i.e. TiN or corundum in SS441, Figure 3.2) can enable nucleation sites and 
an equiaxial solidification [76].  

Many alloys consist of a large number of alloying elements to modify the 
grain structure or enable precipitation of phases that are beneficial for the me-
chanical properties. The high cooling rates in L-PBF limits the diffusion of 
elements between the solid and the melt, giving rise to a segregated micro-
structure with formation of precipitates such as NbC or Laves phases in the 
late stages of solidification [76]. The solidification can be evaluated by non-
equilibrium calculations using the Scheil-Gulliver model, which was utilized 
to study the precipitation of NbC and Laves phase in SS441 in papers I and II 
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4.1.3 Defects 
In metal AM there are several types of defects that are detrimental for the 
properties of the final component, making it important to control the defects 
during printing. Some of the defects, including porosity, cracking and residual 
stresses are discussed in this section. 

Loss of elements 
The liquid metal reaches a high temperature in L-PBF, causing vaporization 
of elements that are more volatile than others. If this takes place, it will alter 
the composition of the alloy compared to the raw powder, initiating a different 
chemistry and a different microstructure than expected. Vaporization is com-
mon for elements with low equilibrium vapor pressure, such as Al or Mg. 
Even though the issue with changing overall composition in PBF is most of a 
concern at low pressures (such as the vacuum during electron beam PBF), loss 
of elements has been observed for atmospheric pressures as well [76]. Fur-
thermore, the vaporized metals can interact with the laser beam and have con-
sequences on the melt pool dimensions as some of the laser energy is absorbed 
by the vapor plume [83]. 

Porosity 
The material properties, such as plastic elongation, are dependent on the melt 
pool instabilities as porosity may form during the process. Figure 4.3 shows 
cross sections perpendicular to the build direction of L-PBF produced SS441 
used in papers I and II for different VED values. At low energy input, the laser 
beam is not sufficiently melting the added powder layer into the substrate or 
previous layer, giving rise to large irregular shaped pores in the material (Fig-
ure 4.3a). If the hatch spacing is too small for the given power and scan speed, 
periodic porosity along the scanning vectors is obtained. When using high en-
ergy densities, the melting can be performed in the keyhole mode. In this 
mode, the melt pool is very deep, and instabilities may entrap vaporized metal 
or the inert gas in the liquid, forming close to spherical porosity in the material 
(Figure 4.3c). When optimizing the printing parameters, the porosity of the 
final component is minimized as in Figure 4.3b. 

 
Figure 4.3. Porosity at different VED, a) low VED, b) medium VED, c) high VED. 
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Balling 
During L-PBF the melt pool can shrink and break up into droplets in order to 
minimize the surface energy, an effect known as balling. This can be detri-
mental for the produced component, as it can result in a significant amount of 
porosity or a failed building process if the size of the balls is too large and 
interfere with the subsequent powder spreading process. In order to predict the 
properties, there has been development of in-situ monitoring systems of the 
melt pool [84]. 

Cracking, delamination, and dimensional inaccuracy 
Different types of cracks can occur during metal AM due to the thermal his-
tory during the process. These includes solidification cracking, liquation 
cracking, strain age cracking and delamination [85]. As the liquid alloy solid-
ifies it will contract, both due to the liquid-solid phase transformation and due 
to thermal contraction during cooling. If the contraction of the liquid is re-
stricted by an underlying material at a lower temperature (which is the case in 
L-PBF), a tensile stress state will be induced. If the magnitude of this stress 
exceeds the strength of the material, cracking will be initiated. If this takes 
place at the interface between two layers, delamination might occur. 

Liquation cracking and strain-age cracking occur outside of the melt pool, 
but within the heat affected zone. If there is chemical segregation within the 
microstructure of the solidified material, the high temperature during laser ex-
posure can cause melting of the grain boundary phases [76]. During cooling, 
the shrinkage of the liquid phase will induce tensile stresses which can gener-
ate cracks in the component. Strain-age cracking, on the other hand, does not 
involve a solid-liquid transition but instead introduces stresses due to solid-
state transformations below the melting point. 

The different types of cracking are related to thermal expansion/contraction 
of different phases during the deposition of new layers, introducing stresses 
that might exceed the strength of the material. If no cracking occurs, there will 
still be stresses formed in the material, which may cause distortion or even a 
failed build. These effects were seen for the AlCoCrFeNi alloy printed by L-
PBF in paper V. 

4.1.4 L-PBF of ferritic materials 
As described in earlier sections, metal AM enables manufacturing of complex 
geometries that are not possible to produce by other methods. Furthermore, 
intriguing microstructures with small grain sizes and texture have been ob-
served for many alloys. Alloys with a ferritic structure have seen difficulties 
during welding, due to the high tendency to crack during the thermal cycling 
[86]. This will also be problematic during L-PBF, as there are many similari-
ties to welding. There is a vast amount of austenitic stainless steels studied in 
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the literature, but stainless steels with a ferritic structure are more seldom in-
vestigated. Some ferritic alloys that have been produced by L-PBF includes 
stainless steels [87] and FeCrAl [88]. Until present, only a few HEAs have 
been manufactured by powder-bed AM processes [17, 39, 89-94]. Zhang et al. 
[93] successfully manufactured components of the AlCoCuFeNi alloy, with a 
compressive yield strength of 1342 MPa and an elongation of 0.9 % in the as-
built state attributed to a refined microstructure induced by rapid solidifica-
tion. During annealing, a combination of fcc and bcc phases resulted in prom-
ising mechanical properties with a high strength and improved ductility [93]. 
A refined microstructure was also observed in the AlCrCuFeNi alloy by Luo 
et al., resulting in superior mechanical properties compared to the cast analogy 
[94]. The successful use of L-PBF in the printing of some ferritic alloys sug-
gests that it can be a promising manufacturing technique for new types of fer-
ritic materials for structural applications. 

4.2 Binder jetting  
Binder jetting was developed at MIT in the early 1990s [95] and is, similar to 
L-PBF, a powder-bed based technique. The binder jetting process normally 
uses two different materials, the metal powder and a liquid binder based on an 
organic compound such as polyvinyls or polyacrylic acids [96]. A thin layer 
of powder is applied in the building area, whereby the binder is applied and 
glues the powder into a defined shape. This process is iterated until a green 
body is obtained. As the part is supported by the surrounding powder, no sup-
port structures are typically needed. In contrast to L-PBF, a few post-pro-
cessing steps are required to finish the product. This includes curing of the 
binder, followed by sintering of the green body close to the melting tempera-
ture of the metal to increase the density. Binder jetting is considered one of 
the most cost-effective AM processes to build parts with complex three-di-
mensional geometries [22]. 

During binder jetting, the sintering step is important to achieve the final 
product with the required properties. As the material is kept at a high temper-
ature for a considerable amount of time, the system will be closer to equilib-
rium compared to during L-PBF. Due to the long exposure to high tempera-
tures, the microstructure is expected to be coarse in comparison to the materi-
als obtained with the laser printing systems [22]. Furthermore, no thermal cy-
cling occurs which enables control of the phase transformations and residual 
stresses, which was shown useful in printing of the AlCoCrFeNi alloy in paper 
VI.  
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5 Methods 

L-PBF and binder jetting in combination with post annealing were used to 
produce the ferritic stainless steels and AlCoCrFeNi samples discussed in this 
thesis. Hot-rolled reference samples of the ferritic stainless steels as well as 
an induction melt sample of the AlCoCrFeNi HEA was used for comparison. 
Thermodynamic calculations were utilized to estimate the phase stabilities at 
different temperatures and solidification pathways of the ferritic stainless 
steels. Structural characterization was carried out by X-ray diffraction (XRD), 
electron backscatter diffraction (EBSD) and transmission electron microscopy 
(TEM). The microstructure and the elemental composition were analyzed by 
scanning electron microscopy (SEM), TEM and atom probe tomography 
(APT). Finally, the mechanical properties were investigated by tensile, com-
pression, impact, or creep testing. 

5.1 Thermodynamic calculations 
The equilibrium state of a system can be explained by thermodynamics. As 
the properties are closely linked to the microstructure (i.e., structure, phase 
composition or grain size), it is important to first understand the equilibrium 
state in order to design materials for certain applications. Phase diagrams can 
be constructed through thermodynamic calculations of phase stabilities using 
the CALPHAD (CALculations of PHAse Diagrams) approach. The CAL-
PHAD technique was first described by Kaufman and Bernstein in 1970 [97] 
and functions by parameterizing the Gibbs free energy as a function that de-
pends on the composition, temperature, and pressure. The Gibbs free energies 
of the individual phases are computed, including the existence of sublattices 
in the structure. It is possible to extract phase fraction, elemental composition, 
or occupancy of different lattice positions in a phase as a function of i.e., tem-
perature, pressure, or composition. Additionally, multicomponent databases 
can be constructed by extrapolating descriptions for binary or ternary systems, 
which then can be used to describe a higher-order system. The CALPHAD 
technique is also a powerful tool for extrapolations into metastable regions 
[98]. In this thesis, the commercial thermodynamic databases for stainless 
steels and HEA systems developed by the Thermo-Calc software, TCFE9, 
TCFE10 and TCHEA3, was applied [99-102]. The quality of the database is 
important and different results may be obtained when different databases are 
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used. More recent databases can include a larger number of binary and ternary 
phases together with updates. This was observed in papers I and II where 
TCFE9 and TCFE10 were used, respectively, to calculate the phase fraction 
diagrams of SS441.  

The Scheil-Gulliver model implemented in the Thermo-Calc software was 
used to study the solidification pathways of the SS441 and SS446 ferritic 
stainless steels in papers I and III. The model assumes a local equilibrium at 
the solid-liquid interface with no diffusion in the solid phase and a perfect 
mixing in the liquid. This will give rise to a description of the segregated mi-
crostructure due to non-equilibrium solidification of the melt. Figure 5.1 
shows the solidification pathways for the SS441 and SS446 ferritic stainless 
steels. The equilibrium solidification is shown with dashed lines and the non-
equilibrium solidification described by the Scheil-Gulliver model in solid 
lines. The TCFE9 database was used and an infinite diffusion of C and N in 
the solid is assumed as they dissolve interstitially. 

 
Figure 5.1. Solidification paths of the ferritic stainless steels a) SS441 and b) SS446, 
respectively. The figure is adapted from papers I and III. 

The precipitation module in the Thermo-Calc software, TC-PRISMA was 
used to evaluate the precipitation kinetics of NbC and the Laves phase during 
annealing. The model is based on a simultaneous nucleation, growth and 
coarsening of precipitates in multicomponent systems [103]. Only particles 
with a radius larger than the critical radius are included to the precipitates. 
Particles smaller than the critical radius are seen as fluctuations in the matrix 
that are about to dissolve. For the calculations, the thermodynamic database 
TCFE10 was used in combination with the kinetic description in the MOBFE5 
database [102, 104]. 
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5.2 Synthesis 
Gas-atomized powders produced by Sandvik Osprey™ were utilized for L-
PBF of all alloys investigated in this thesis. The powder grain sizes were be-
tween 10-45 µm for SS441 and AlCoCrFeNi, while a slightly larger particle 
size distribution (PSD) of 15-53 µm was used for the SS446 alloy. For binder 
jetting of the AlCoCrFeNi alloy, a smaller PSD was used to facilitate the sin-
tering. The powder size and morphology for the four powders are shown in 
Figure 5.2. All the powders consist of mainly spherical particles, with a sig-
nificantly larger radius for the powders used in L-PBF. The larger PSDs show 
some irregular particles, where agglomeration of smaller sized particles on the 
surfaces are observed resulting in a sponge-like morphology. Even with this 
morphology, the larger PSD of the AlCoCrFeNi alloy used in paper V had a 
better spreadability than the smaller PSD used in paper VI. However, the large 
surface area of the small PSD increases the sinterability of the powder, making 
it possible to utilize shorter sintering times and lower temperatures compared 
to larger sized particles. 

 
Figure 5.2. SEM images showing typical morphologies of the powders, showing a) 
SS441, b) SS446 and c) AlCoCrFeNi powders used for L-PBF. d) shows the smaller 
sized powder of the AlCoCrFeNi alloy used for and binder jetting. 
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5.2.1 Laser powder bed fusion 
In this work, an EOS M100 and a Concept Laser MLab was used for the sam-
ples produced in paper I-III and V, respectively. The EOS M100 machine is 
equipped with a fiber laser with a maximum power of 200 W, operating in a 
protective Ar(g) atmosphere. The Concept Laser MLab machine is also 
equipped with a fiber laser but with a maximum power of 100 W operating in 
an Ar(g) or N2(g) protective atmosphere. The laser power, scan speed, hatch 
spacing was varied with a rotating scanning strategy to identify optimum pro-
cess parameters for building of high-quality samples with low amount of po-
rosity and cracks. All investigated samples were produced using 20 µm layer 
thickness. The approach during development of printing parameters consisted 
in a systematic variation of two parameters during one build, as shown in Fig-
ure 5.3. The samples were removed from the build plates and the density eval-
uated using Archimedes principle or optical microscopy.  

 
Figure 5.3. Build plates of the L-PBF produced SS446 (a) and AlCoCrFeNi (b) alloys 
with different laser energy inputs, showing severe cracking and delamination.  

Figure 5.4 shows the relative density at different VED for the SS441 and 
SS446 alloys, determined by the Archimedes principle. The relative density 
(ρrel) obtained by Archimedes principle is calculated by: 

  = 100 − /  5.1 

where Ma is the mass in air, Mw the mass in water, ρw the density of water and 
ρth the theoretical density of the alloy. As shown in Figure 5.4, the relative 
density is low at low VEDs due to formation of lack-of-fusion defects increas-
ing the porosity in the material (described in section 4.1.3). Close to full den-
sity was reached as the VED was increased to around 80 J/mm3. At very high 
laser energy densities, keyhole defects may form and decrease the relative 
density as shown by the decay in Figure 5.4. Formation of characteristic po-
rosity for different VED is shown in Figure 4.3. No cracking was observed in 
the printed samples of the SS441 ferritic stainless steel. 
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Figure 5.4. Relative density at different laser energy inputs for a) SS441 and b) SS446. 
The brown squares marks the densities given by the parameters selected for further 
investigations of the microstructures and mechanical properties of the SS441 and 
SS446 alloy. 

The SS441 alloy used for papers I and II was produced using a laser power of 
130 W, scan speed of 750 mm/s and a hatch distance of 70 µm. The SS446 
alloy studied in paper III was produced using a laser power of 120 W, scan 
speed of 800 mm/s and a hatch distance of 70 µm. The ferritic stainless steels 
were printed with a rotation of 67°. Additionally, a substrate heating of 200 °C 
was used to reduce the cracking of the SS446 alloy during printing.  

Even though a large parameter space was investigated for the AlCoCrFeNi 
alloy, it was not possible to achieve good samples without cracks and a poros-
ity. The investigated sample was produced using a power of 98 W, scan speed 
of 2000 mm/s, hatch distance of 52 µm and a layer thickness of 20 µm. The 
scanning strategy was set to continuous from one side of the cylindrical sam-
ple to the other, with a rotation of 90° between each layer. 

5.2.2 Binder jetting 
An ExOne X1 lab instrument was utilized to produce samples of the AlCo-
CrFeNi alloy in paper VI. The print parameters were set to 50 µm layer thick-
ness, recoating speed of 1 mm/s, binder saturation 60 %, heating power of 
50 % and a drying time of 25 s (with longer times in the beginning of the 
building process to stabilize a temperature of 40 °C). After the printing, the 
green bodies were cured over night at 200 °C. Prior to the sintering at 1320 °C 
for four hours in an Ar(g) atmosphere, the binder was removed by annealing 
at 400 °C.  

5.2.3 Induction melting 
A reference material of the AlCoCrFeNi alloy used in paper V was prepared 
by induction melting in a 400 mbar pure Ar(g) atmosphere. Elemental Al, Co, 
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Cr, Fe and Ni were placed in stoichiometric amount in an alumina crucible on 
a water-cooled copper heart. Prior to melting the furnace was flushed three 
times with Ar(g) and evacuated overnight. The elements were heated above 
their melting points to a temperature of around 1600 °C for at least 15 min, 
followed by natural cooling after shutting off the heating. 

5.2.4 Heat treatments 
The SS441 samples used in papers I and II were annealed at temperatures be-
tween 850-1150 °C for 20 min to 10 h followed by rapid quenching in water. 
The SS446 samples in paper III were annealed at 1060 °C and rapidly cooled 
to room temperature by water quenching followed by a second annealing step 
at 870 °C during one hour, followed by air quenching. The AlCoCrFeNi alloy 
produced by binder jetting in paper VI was heat treated at temperatures from 
900 to 1300 °C for one hour followed by water quenching. All heat treatments 
were performed in air. 

5.3 X-ray and neutron diffraction  
A Bruker D8 advance diffractometer equipped with a position sensitive XE 
detector and CuKα radiation was used for the in-house X-ray diffraction 
(XRD) experiments of papers I, and V-VI. The diffractometer was working in 
a Bragg Brentano setup and the measurements were performed from 2θ=20 to 
2θ=120 degrees, using a step size of 0.016 degrees. The diffraction patterns in 
paper III were obtained using another Bruker D8 advance diffractometer using 
a monochromatic X-ray beam with CuKα1 radiation. 

The in-situ experiments in papers IV and V were carried out at the P02.1 
beamline at Petra III, Hamburg, Germany. The high intensity of the X-ray 
beams at a synchrotron enables the recording of diffraction data, making it 
possible to directly study e.g., phase transformations at elevated temperatures. 
The measurements were performed in transmission mode with an exposure 
time of five seconds for each diffraction pattern. The samples were mounted 
into a sapphire tube in a purpose-built sample cell and a Kanthal wire was 
used to heat the sample to 900 °C, while the temperature was recorded with a 
thermocouple placed inside the sapphire tube. The neutron powder diffraction 
experiments in paper IV were carried out on the D1B and MEREDIT instru-
ments at ILL (Grenoble, France) and the Nuclear Physics Institute (Rez, Czech 
Republic), respectively. The In-situ measurements were recorded while heat-
ing up to 800 °C. 
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5.4 Microstructural analysis 

5.4.1 Scanning electron microscopy (SEM) 
The microscope used in this thesis was a Zeiss Merlin, equipped with an FEG 
electron source and a silicon drift electron dispersive spectroscopy (EDS) de-
tector and a Nordlys Max detector for electron backscatter diffraction (EBSD) 
analysis. Prior to analysis, all samples were polished using 9 µm, 3 µm and 1 
µm diamond suspensions followed by a final polishing step using 40 nm col-
loidal silica to obtain a deformation free finish of the samples.  

5.4.2 Transmission electron microscopy (TEM) 
The transmission electron microscope (TEM) is a powerful tool to analyze 
materials at an extremely high resolution (up to atomic resolution). Infor-
mation such as microstructure, atom arrangement in the crystal structure or 
chemical information can be obtained. In contrast to SEM, the TEM operates 
in the transmission mode, which requires that the specimen is electron trans-
parent (around 100 nm thick). The high resolution is a result of the short elec-
tron wavelength due to the high acceleration voltage (60-300 kV) and small 
interaction volume.  

A FEI Titan Themis 200 TEM with probe corrector and SuperX EDS sys-
tem operated at 200 kV was used for the TEM investigations. Images were 
recorded in TEM or scanning TEM (STEM) mode using the bright field (BF) 
or high angle annular dark field (HAADF) detectors. The HAADF detector 
yields Z-contrast micrographs. Electron diffraction patterns were obtained by 
selected area electron diffraction (SAED) in TEM mode, or by nanobeam dif-
fraction (NBD) in the STEM mode with a nanometer sized probe. The TEM 
lamellas were prepared using the in-situ lift out technique in a FEI Strata DB 
235 focused ion beam (FIB) or a Zeiss Crossbeam FIB-SEM. The samples 
were protected with a platinum layer prior to lift-out, and a final polishing step 
using 5 keV Ga+ ions were used to minimize the ion damage. 

5.4.3 Atom probe tomography (APT) 
For the APT studies in paper V, a LEAPTM 4000X HR tool from Cameca® 
instruments was utilized. The APT tips were prepared by FIB in a FEI Helios 
Nanolab 660 dual beam microscope operated at 30 kV, followed by final pol-
ishing using a 5 kV acceleration voltage to minimize the beam damage. The 
APT tips were evaporated at a temperature of 60 K by laser pulsing with 
250 kHz repetition rate at an energy of 30 pJ. Data analysis was performed 
using the IVAS® 3.6.10a software provided by Cameca® instruments. 
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5.5 Mechanical properties 
The mechanical properties of a material can be investigated with several tech-
niques, including e.g., tensile tests, compression tests or indentation measure-
ments. The techniques utilized in this thesis are tensile, compression, and im-
pact tests. 

For papers I-III tensile and impact tests were utilized. The tensile tests were 
performed on cylindrical rods machined to a final shape with a diameter of 
4 mm and gauge length of 24 mm from the samples produced by L-PBF and 
the hot-rolled reference materials. Three samples for each material condition 
were evaluated and an average value for the strength and elongation was cal-
culated. During testing, an initial strain rate of 2.5 × 10-4 s-1 was used, followed 
by an increase to 5 × 10-3 s-1 at 1.7 % elongation until fraction to reduce the 
test time. The tensile tests were performed according to the ASTM E8M stand-
ard at room temperature. Charpy V-notch tests according to the ISO-14556 
standard at room temperature was utilized to evaluate the impact toughness. 
The specimens were machined into bars with a cross section of 10 × 10 mm 
prior to testing in a Zwick PSW 750 machine. 

To evaluate the mechanical properties of the AlCoCrFeNi HEA in paper 
V, compression tests were employed. One major benefit of compression tests 
in comparison to tensile tests is the handling of brittle materials. As the spec-
imen is kept between two parallel plates, which does not involve any threading 
or gripping of the specimen, issues with premature failure because of the 
mounting are minimized [105]. Compression tests were chosen as it was not 
possible to thread the brittle materials and thereby problematic to mount the 
samples for tensile tests. An Instron 8800 testing machine with a load capa-
bility of 100 kN was used for the compression tests at room temperature. The 
cylindrical specimens were machined to a diameter of 6 mm and cut to a length 
of 8 mm by electrical discharge machining. The sharp edges were removed by 
polishing with 1200 grit SiC paper. A true strain rate of 5 × 10-4 s-1 was used. 
The true stress was computed assuming a constant specimen shape. 

The creep resistance of the SS446 alloy was investigated in paper III. The 
test specimens were turned to a diameter of 4 mm and a gauge length of 24 mm 
to fulfill the requirements of to the ASTM E8M 4c20 standard. The tests were 
performed at 800 °C with a load of 8, 9 and 10 MPa. The elongation was 
measured over time and plotted as creep strain versus time.  
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6 Results and discussion 

6.1 Thermodynamics 
In papers I, III and VI the equilibrium phases for the ferritic stainless steels, 
SS441 and SS446 and the equiatomic AlCoCrFeNi HEA were determined by 
thermodynamic calculations in order to explain the empirical results obtained 
from samples produced by L-PBF, binder jetting and conventional methods. 
The phase fraction diagrams of the alloys are shown in Figure 6.1. The two 
ferritic stainless steels are based on Fe as the principal element, with addition 
of different amounts of Cr. Additionally, SS441 is alloyed with small amount 
of Nb/Ti while a larger amount of N is used in SS446 (see full elemental com-
position in Table 2.2). The AlCoCrFeNi alloy contains equiatomic amounts 
of the five elements. The calculations suggest that the three alloys mainly con-
sist of a bcc-type structure over the entire temperature range. For the ferritic 
stainless steels, a random occupation on the two lattice positions (0 0 0) and 
(½ ½ ½) is expected, while an ordered type structure (B2) with different oc-
cupation on the two lattice positions is stable for the AlCoCrFeNi alloy, the 
structures are illustrated in Figure 2.1. The formation of a stable B2 phase for 
the AlCoCrFeNi can be realized from the high Al-content, as the AlNi is a 
well-known phase with a stable CsCl-type structure. 

The SS441 alloy is expected to form a bcc structure, with only minor 
amounts of additional phases at equilibrium. At lower temperatures (below 
700 °C), however, a sigma phase is also stable. The sigma phase is observed 
in the binary Fe-Cr phase diagram shown in Figure 2.2, but the stability range 
is slightly different due to the addition of alloying elements in SS441. At tem-
peratures above 700 °C, the sigma phase is no longer stable and only the bcc 
phase with minor amounts of other phases is formed. The phase formation is 
dependent on the O content, as illustrated in Figure 3.2 showing the phase 
fractions with and without O included in the calculations. In both cases small 
amounts of a Laves phase and TiN are formed. The Laves phase forms from 
Fe and Nb with a composition of Fe2Nb and is commonly observed in Nb-
stabilized stainless steels [106], where the brittle properties of this phase can 
be detrimental for the steel. The Laves phase dissolves at around 1000 °C, 
leaving only the bcc phase in combination with TiN, which is stable above the 
melting point of the bcc phase. However, in most AM processes, a small 
amount of O is present originating from surface oxides on the powder and 
impurities in the gas atmosphere in the printing chamber. The addition of only 
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0.045 wt.% O leads to the formation of a corundum phase, which is also stable 
above the melting point (Figure 3.2b). The fact that the TiN and corundum 
phases exist in combination with the melt has an important effect on the so-
lidification behavior, which will be discussed in more detail below. 

The SS446 alloy has slightly different composition compared to SS441, 
especially with a higher Cr, C and N content in combination with a lower Ti, 
Nb and Al content. This influences the phase composition at equilibrium, 
shown in Figure 6.1b. The bcc phase is stable over the entire temperature 
range, but some additional phases can also form. At low temperatures, two 
bcc phases are expected and may be due to spinodal decomposition into a Cr-
rich α´ phase and a Fe-rich α phase as described in section 3.2. At a tempera-
ture of around 500 °C a sigma phase appears in the phase diagram and is stable 
up to 700 °C, similar to the sigma phase observed in SS441. A further increase 
in temperature stabilizes an fcc-type structure up to 1300 °C. The formation 
of this fcc-type structure in the SS446 alloy but not in the SS441 alloy is due 
to the higher concentrations of C and N, which are strong austenite-stabilizing 
elements. Furthermore, small amounts of a M23C6-type carbide and Cr2N are 
expected at temperatures up to around 1000 °C. As opposed to the SS441 fer-
ritic stainless steel, no carbides or nitrides are stable in the melt of SS446. The 
addition of 0.02 wt.% O in this alloy leads to formation of a spinel phase, 
which consist of Cr, Mn and O and is stable above the melting point (up to 
1520 °C). 

 
Figure 6.1. Phase fraction diagrams of the ferritic stainless steels SS441 (a), SS446 
(b) and the AlCoCrFeNi HEA (c) from papers I, III and VI, respectively. 

Figure 6.1c shows the stable phases of the AlCoCrFeNi alloy in the tempera-
ture range of 200-1600 °C. The calculated phase diagram suggests that a sin-
gle-phase B2 structure is stable only in a narrow temperature range close to 
the melting point. Most HEAs are reported to exist as fcc, bcc or in some cases 
hcp single-phase solid solutions. AlCoCrFeNi is often described in the litera-
ture as an entropy-stabilized HEA with a single-phase structure. However, as 
shown in the phase fraction diagram, a single-phase solid solution is not ther-
modynamically stable below 1330 °C and instead a combination of B2, bcc, 
sigma and fcc phases is expected. This suggest that the AlCoCrFeNi alloy is 
not a true HEA from a thermodynamic point of view. Instead, the observations 
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of single-phase solid solutions at lower temperatures must be a kinetic effect 
caused by slow nucleation of stable phases during cooling. As no alloying 
elements (except for the five constituents) such as C or N are used, formation 
of carbides or nitrides are not expected. In Figure 6.1c it can be seen that the 
alloy forms a mixture of bcc and B2 phases at low temperatures up to 300 °C. 
As shown in paper VI, the low temperature bcc phase consists mainly of Cr, 
with some additional Fe and Co, while the low temperature B2 (LT B2) phase 
consists of mainly Ni and Al. This separation into a two-phase configuration 
is similar to the phase composition of SS446 at low temperatures, likely from 
spinodal decomposition into two phases with similar crystal structures in order 
to minimize the Gibbs free energy. As the temperature increases, a new B2 
phase with a different composition form and is stable up to the melting point. 
At the same time, the Cr-content of the bcc increases until a phase transfor-
mation into the sigma phase is seen. This phase is stable up to around 1000 °C, 
where a new bcc phase is more stable. As the temperature approaches the 
melting point, the amount of HT B2 phase increases at the expense of the bcc 
phase. Furthermore, it can be seen that an fcc phase (rich in Fe and Cr) is 
expected in a minor amount in the temperature range of 1000-1100 °C. The 
presence of high amount of Cr equivalents in the form of Cr and Al contributes 
to the dominating ferrite-type structures. Details on the composition of the 
different phases at equilibrium can be found in paper VI. 

The results above suggest that minor amounts of TiN (in SS441) and oxides 
are expected during solidification of the ferritic stainless steels, depending on 
the chemical composition. Furthermore, small amounts of O in this alloy will 
stabilize a corundum phase at temperatures above the liquidus temperature (in 
addition to the TiN), acting as potential nucleation sites for the remaining so-
lidification (see Figure 5.1a). A similar behavior is expected from SS446, 
where a Cr- and Mn-rich oxide with a spinel structure is expected to form over 
the liquidus temperature (see Figure 5.1b). However, it should be noted that 
the amount of oxides/TiN in the melt before the bcc phase starts to nucleate is 
0.6 % for SS441 and only and 0.02 % for SS446. This suggests that heteroge-
neous nucleation from the melt should have a larger influence in SS441 com-
pared to SS446. At the end of the solidification of SS441, Nb is enriched at 
the solidification front leading to the formation of Nb(C,N). 

As the SS446 stainless steel does not contain any Ti, no formation of TiN 
in the melt is expected. However, during the late stages of solidification, for-
mation of a Cr2N phase can be seen. The stainless steels are expected to be 
fully solidified at a temperature of 1370 and 1310 °C for SS441 and SS446, 
respectively. 

In summary, the thermodynamic calculations show that small amounts of 
oxides can form from the melt in both steels. This has an important role in the 
formation of fine-grained microstructures during L-PBF as was shown in pa-
per I. Furthermore, the formation of non-equilibrium phases during solidifica-
tion was shown for SS441 and SS446 by Scheil-Gulliver calculations where 
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Nb rich phases and Cr2N were observed in papers I and III, respectively. The 
solidification of the AlCoCrFeNi alloy was not studied by thermodynamic 
calculations. 

6.2 Powder characterization 
The powders used in this thesis were produced by gas atomization. The typical 
size and morphology of the powders are shown in Figure 5.2. The atomization 
process can give particles with different sizes and shapes, which can affect the 
printability of the alloy. The phase composition and microstructure of the 
feedstock powder potentially influences the properties of a component pro-
duced by non-melting AM processes such as binder jetting. Hence, it is im-
portant to have a good understanding of the feedstock powder prior to utilizing 
it in an AM process. 

The crystalline structures of all powders were characterized by XRD and 
the diffractograms are shown in Figure 6.2. The main peaks are attributed to 
a bcc-type structure in all diffraction patterns. The SS441 ferritic stainless 
steel also show a very weak additional peak (indicated by a blue arrow), which 
indicate the presence of an additional phase in the powder. From SEM (see 
paper I) it was observed that each powder particle consists of several grains, 
where Nb was found at the grain boundaries in addition to some Ti/N-enriched 
precipitates distributed within the grains. This agrees with the solidification 
shown in Figure 5.1a. However, the crystalline structure of the precipitates 
could not be confirmed as only one peak was visible in the XRD pattern. The 
SS446 alloy also show additional peaks in the diffraction pattern (indicated by 
red arrows in Figure 6.2) due to a small amount of an fcc-type structure. No 
indication of a sigma phase was observed in the diffraction patterns for the 
SS441 and SS446 alloys, due to the high cooling rate during the atomization. 

The AlCoCrFeNi alloy shows the presence of the 100 peak (marked by a 
grey arrow in Figure 6.2), indicating ordering in the bcc crystal structure (B2). 
This peak is forbidden in the bcc structure, due to the same form factor on the 
(0 0 0) and (½ ½ ½) lattice positions, giving: 

 = − = 0 6.1 

For the 100 reflection, where fA and fB are the atomic form factors of the two 
lattice positions. In a random structure F100 is zero since fA = fB, while F100 ≠ 
0 in the B2 structure as the atom occupancy on the (0 0 0) and (½ ½ ½) posi-
tions are different. 
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Figure 6.2. Diffractograms of the SS441, SS446 and AlCoCrFeNi alloys studied in the 
thesis. Blue, red and gray arrows in the SS441, SS446 and AlCoCrFeNi 
diffractograms indicate peaks from additional phases. 

In paper IV, the AlCoCrFeNi powder was studied in detail by neutron, X-ray 
and electron diffraction in order to determine the microstructure and the ele-
mental distribution on the two lattice positions in the structure. Figure 6.3 
shows a STEM Z-contrast image of the cross section of a powder particle 
taken from the 10-45 µm PSD.  

 
Figure 6.3. Cross section of the AlCoCrFeNi powder from paper IV, showing a 
Z-contrast image of a powder particle. A dendritic microstructure is observed and 
nanobeam diffraction patterns were taken from the regions marked with DC and ID 
in the Z-contrast image. The elemental segregation in the powder is shown by the EDS 
analysis.  
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The powder particle consists of several grains with different crystalline orien-
tations (a grain boundary is shown with a black arrow in the STEM image). 
Each individual grain shows a chemical fluctuation with Al/Ni rich and Cr/Fe 
rich regions, identified as a dendritic-type growth where the dendritic core 
(DC) is rich in Al/Ni and the interdendritic (ID) regions are rich in Cr/Fe. The 
crystalline structure of the powder was evaluated by electron diffraction from 
different regions using NBD. The NBD patterns were taken from the DC and 
ID regions and are shown in Figure 6.3. Both regions show the presence of the 
forbidden 100 reflection. This means that the individual powder particles con-
sist of two regions with the same crystalline structure (B2) but with slightly 
different chemical compositions. 

The occupancy of the lattice positions in the B2 structure in the as-atomized 
AlCoCrFeNi powder was determined by combined refinements of neutron and 
X-ray diffraction data. As shown in Figure 6.4a, Al and Fe occupies one lattice 
site, while Ni and Co occupies the other one. Cr is equally distributed on the 
two lattice positions. Figure 6.4b shows the distribution of the elements on the 
two lattice positions obtained from thermodynamic calculations, where it is 
shown that Al should be in the (½ ½ ½) position marked with a dashed line 
together with Fe while Ni and Co should be in the (0 0 0) position marked 
with a solid line. The experimentally obtained occupancies are in good agree-
ment with the results from the thermodynamic calculations. 

 
Figure 6.4. a) The crystal structure of the B2 phase with Al (blue), Co (green), Cr 
(orange), Fe (red) and Ni (yellow) is shown in the bottom right. b) The occupancy of 
the elements on the (0 0 0) and (½ ½ ½) lattice positions marked in solid and dashed 
lines, respectively. The figure is adapted from paper IV and VI. 

The microstructure and composition of the powder particles can be explained 
from the thermodynamic calculations shown in Figure 6.1c. The first solidi-
fying phase from the melt is the HT B2 phase. This phase has an equimolar 
composition close to the melting point but is enriched in Al at lower temper-
atures (see Figure 6.4b). This is identified as the DC phase in Figure 6.3. The 
melt surrounding the DC phase in the ID regions is enriched in Cr and Fe, also 
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forming a B2 structure. The segregation into a Cr and Fe rich region is ex-
pected to form a bcc phase with random occupancy of the elements on the two 
lattice positions according to the thermodynamic calculations. This suggests 
that the separation of the AlCoCrFeNi alloy into Al/Ni rich and Cr/Fe rich 
regions could be the first step in order to reach the equilibrium phase compo-
sition with a combination of bcc and B2 phases. Hence, the results confirm 
that kinetics is important for the phase composition and that the AlCoCrFeNi 
alloy is not a true HEA from a thermodynamic point of view. 

6.3 AM of SS441, SS446, and AlCoCrFeNi 
The materials used in this thesis were produced by L-PBF and binder jetting 
and compared to alloys produced by conventional methods such as induction 
melting or casting and hot-rolling. The aim was to produce high-quality com-
ponents with low porosity and no cracking of the ferritic alloys SS441, SS446 
and finally also the AlCoCrFeNi high-entropy alloy.  

6.3.1 Printability of the different ferritic alloys during L-PBF 
Ferritic alloys are often troublesome during welding due to e.g., crack for-
mation, and has therefore not been widely studied in L-PBF. An important 
part in the development of a new AM process is therefore to investigate the 
printability of the powder to find parameters yielding dense and crack-free 
components. For all alloys in this thesis, the printing parameters were varied 
in order to produce high-quality samples by L-PBF. The laser power, scan 
speed and hatch distance were the main parameters that were varied, but also 
the layer thickness, scan strategy and defocus were investigated for the AlCo-
CrFeNi alloy. 

The SS441 alloy was easily printed without cracking. The parameters used 
to produce dense components are listed in 5.2.1 and summarized in paper I. In 
contrast, crack formation was observed for SS446. Figure 5.3a in section 5.2.1 
shows the SS446 alloy printed on a build plate without heating. Large cracks 
are formed perpendicular to the build direction, close to the substrate. The 
cracks are observed in most of the samples, but samples produced by higher 
laser power and lower scan speeds were less prone to cracking. This is sur-
prising as the suspected cause of cracking is the formation of residual stresses 
during the building process, which are expected to increase with laser power 
and decrease with scan speed in metal AM [26]. In order to mitigate the crack-
ing, a substrate temperature of 200 °C was employed, which lowers the tem-
perature gradient and the residual stress during the printing process. Further-
more, the cracking was avoided by printing the SS446 alloy on a support struc-
ture. Detailed characterization of the residual stresses and cause of cracking 
were outside the scope of this thesis. 
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The printing parameters were varied in order to find the optimal condition 
to produce high-quality samples of AlCoCrFeNi by L-PBF. Although many 
experiments were conducted to screen the parameter space, it was not possible 
to produce samples without pores or cracks. A continuous scanning strategy, 
with the laser scanning from side-to-side was applied with a rotation of 90° 
between layers. Increasing the VED by either increasing the power or decreas-
ing the scan speed and hatch distance resulted in an increased number of 
cracks and eventually part failure during the building process. To mitigate the 
cracking, the energy input can be decreased (lower power or higher scan speed 
and hatch distance), but this resulted in an increased porosity due to lack of 
fusion defects when the energy is not sufficient to properly fuse the powder. 
Hence, there is a trade-off between the cracking behavior and porosity for the 
AlCoCrFeNi alloy in paper V. The microstructure was investigated in detail 
in order to explain the poor printability of the alloy during L-PBF. 

Figure 6.5 shows TEM micrographs of a large grain of the AlCoCrFeNi 
alloy. The lamella was extracted from a region showing a misoriented grain 
in EBSD. Several grains with a size of a few hundred nanometers are shown 
in the BF image in Figure 6.5a. These subgrains are slightly misaligned in 
relation to each other. A DF image (formed from the 100 reflection) for one 
of the subgrains are shown in Figure 6.5b. In this image, the B2 phase is ex-
cited and shown bright, while the bcc phase is dark. Small domains (20-
30 nm) which appear bright in the image indicates the presence of a B2 crystal 
structure. No elemental variation could be observed in this sample by EDS, 
either due to small elemental variation or due to the small sized domains of 
the B2 and bcc phases. This multi-phase microstructure could induce stresses 
during thermal cycling, which may initiate cracks in the brittle ferritic alloy.  

 
Figure 6.5. TEM images of the microstructure of L-PBF produced AlCoCrFeNi from 
paper V vertical to the build direction. a) BF image, b) DF image using the 100 
reflection and c) diffraction pattern for the region marked with (c) in b), oriented in 
the [001] zone axis. 
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The tendency for cracking observed in the SS446 and AlCoCrFeNi alloys can 
be related to the phase fraction diagram shown in Figure 6.1. During the L-
PBF process, remelting of previously melted layers or reheating to tempera-
tures under the melting point occurs. This can induce phase transformations 
of the ferrite-type structure to sigma, fcc, or other bcc phases depending on 
the chemical composition of the alloy. The SS441 alloy may form a large 
amount of sigma phase at temperatures below 700 °C, and only minor 
amounts of TiN, corundum or NbC coexist at higher temperatures with the 
ferrite phase. The sigma phase is also stable for the SS446 alloy, but an fcc 
phase is stable at equilibrium between 1000-1300 °C. In AlCoCrFeNi the 
sigma phase is stable up to a temperature of 1000 °C, where formation of an 
fcc and secondary bcc phase may occur. This means that the SS446 and Al-
CoCrFeNi are prone to undergo phase transformations during reheating, since 
a multi-phase composition is expected at high temperatures where also the 
diffusion rate is high. This can induce stresses in the material, which may 
cause cracking in the ferritic materials due to their brittle properties compared 
to austenitic alloys (as illustrated in Table 2.1). In contrast, the AlCoCrFeNi 
alloy has been produced by SEBM in the literature with excellent mechanical 
properties [39]. The SEBM technique operates at an elevated temperature (in 
this case around 900 °C) with better control of the thermal cycling. This results 
in fewer phase transformations during the building process, which may miti-
gate crack formation during the SEBM process. 

6.3.2 Microstructure formation during L-PBF 
The microstructure of the as-printed alloys depends on several parameters 
such as the growth rate and the thermal gradients (see section 4.1.2). The laser 
is not only melting the powder, but previous layers will be remelted or re-
heated to high temperatures. This strongly affects the microstructure, and a 
columnar growth is often obtained along the temperature gradient in the build 
direction. The microstructure of the as-built SS441, SS446 and AlCoCrFeNi 
alloys are shown from the EBSD images in Figure 6.6. The microstructure of 
the SS441 ferritic stainless steel along the build direction is similar to the per-
pendicular microstructure. The SS446 alloy, however, shows an elongated mi-
crostructure along the build direction similar to many other alloys produced 
by L-PBF in the literature [107]. The AlCoCrFeNi alloy also shows elongated 
grains along the build direction, but not as pronounced as for SS446. Further-
more, the images show that the grain size of the different alloys varies signif-
icantly, with the low grain size of around 2 µm for SS441 to much large grain 
sizes with several tens of µm for SS446 and AlCoCrFeNi. The SS446 alloy 
has the largest grain size among the three alloys. The grain sizes and shapes 
will have an impact on the mechanical properties of the components in differ-
ent directions, where the SS446 and AlCoCrFeNi alloys are expected to show 
anisotropic behaviors. The extensive crack formation in AlCoCrFeNi will, 
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however, be detrimental for the properties. The mechanical properties of the 
alloys are discussed further in section 6.5.  

 
Figure 6.6. EBSD orientation images of a) SS441, b) SS446 and c) AlCoCrFeNi 
perpendicular to the build direction and d) SS441, e) SS446 and f) AlCoCrFeNi 
parallel to the build direction. 

Another factor that can influence the microstructure is the presence of solid 
phases in the melt, which can contribute to nucleation sites for heterogeneous 
nucleation. As discussed earlier, a small amount of O in combination with Al, 
Cr or Ti enables the formation of oxide particles in the melt (see Figure 5.1), 
which can act as points for nucleation of the ferritic phase. This should in-
crease the nucleation rate, resulting in a smaller grain size compared with al-
loys without stable solid particles in the melt. This effect was studied for 
SS441 in paper I, where small precipitates were observed in the printed alloy. 
Figure 6.7 shows high magnification micrographs of the as-built SS441 alloy. 

 
Figure 6.7. As-built microstructure of SS441 from paper I at high magnifications 
showing a) SEM image and b) STEM Z-contrast image and the elemental distribution 
of Fe, Cr, Al, Ti, Nb and O from the EDS analysis. 
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Some nano-sized precipitates rich in Al, Nb, Ti and O (see Figure 6.7) as-
signed to a corundum phase can be observed in the ferrite grains. These parti-
cles are distributed homogeneously within the grains, suggesting that they 
have formed from the liquid phase and may act as nucleation sites for the fer-
rite. In a recent study by Durga et al. [63] it was shown that solid particles in 
the melt can effectively be used to modify the grain structure of the component 
during L-PBF by enabling more heterogeneous nucleation sites, resulting in a 
change from columnar to equiaxed microstructure.  

A cellular growth of SS441 is observed, and Figure 6.7a shows that some 
segregation of Nb to the cell boundaries occur, in agreement with the thermo-
dynamic calculations shown in Figure 5.1a. The thermodynamic calculations 
also predict that Nb(C,N) forms during solidification. The formation of the 
corundum phase and the Nb-rich precipitates is expected to influence the me-
chanical properties. 

According to the thermodynamic calculations, oxides with a spinel struc-
ture are predicted to form from the melt in SS446 during solidification. At the 
late stages of solidification, segregation of N is predicted to result in a small 
amount of Cr2N. No austenite is expected during solidification, but this phase 
is stable in the 1000-1300 °C temperature range. However, in paper III, some 
austenite could be observed in the as-built samples (see Figure 6.8). The aus-
tenite forms at grain boundaries of the ferrite, and as needle-shaped precipi-
tates inside the ferrite grains. The precipitates observed inside the ferrite grains 
have a specific orientation relation to the ferrite, as seen in the EBSD orienta-
tion map in Figure 6.8a. This relationship was [111]ferrite||[110]austenite, which is 
commonly observed in duplex stainless steels known as the Kurdjmov-Sachs 
(K-S) orientation relationship [108]. This kind of microstructure is expected 
to form from the solid-state and it is therefore likely that the austenite is 
formed as a result of reheating during melting of subsequent layers. 

Figure 6.8b shows oxides formed during printing. They are distributed 
within the SS446 grains, which suggests that they have formed in the melt, 
creating heterogeneous nucleation sites for the ferrite. Oxides with a spinel 
structure, however, is not a very good grain refiner for ferrite [109]. Further-
more, the thermodynamic calculations predict that the amount of spinel 
formed in the melt of SS446 is much less (30 times lower) than the amount of 
corundum phase and TiN formed in the SS441 melt. This difference in avail-
able nucleation sites is a reasonable explanation for the difference in grain size 
observed in Figure 6.6. Finally, it is expected that Al2O3 could form in the 
melt of the AlCoCrFeNi alloy and thereby facilitate the nucleation of the HEA 
grains during L-PBF. However, no such oxides could be observed in the 
printed components in paper V. 
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Figure 6.8. As-built sample of SS446 from paper III showing a) EBSD orientation 
map with austenite at the grainboundaries and inside the ferrite grains and b) STEM 
Z-contrast image with corresponding EDS maps of Fe, Cr, N and O. An austenite 
grain at the ferrite grain boundary is outlined in blue. 

6.4 Solid-state phase transformations 
Solid-state phase transformations are important to control the properties of the 
final components. Thermodynamic calculations can be utilized to design the 
phase composition and the corresponding mechanical properties or to evaluate 
the thermal stability at different temperatures. The ferritic stainless steels 
SS441 and SS446 used in papers I-III were heat treated at conventionally used 
temperatures. The thermal stability of the AlCoCrFeNi alloy was investigated 
in papers IV-VI. In paper V the alloy was heat treated at 550 °C to study the 
spinodal decomposition and higher temperatures was utilized to modify the 
microstructure of binder jet produced samples in paper VI. Furthermore, an-
nealing of the feedstock powder can also lead to phase transformations in the 
powder particles, which may be important for the final components in non-
melting AM processes such as binder jetting. Phase transformations in the Al-
CoCrFeNi powder was studied in paper IV. 

6.4.1 Precipitation in the ferritic stainless steels 
Secondary phases that require nucleation might form if they are thermody-
namically stable. The SS441 alloy was annealed at 900 °C for 20 min and 
water quenched. According to the thermodynamic calculations shown in Fig-
ure 3.2a, the ferrite should be stable in combination with small amounts of a 
Laves phase and NbC at equilibrium during the heat treatments. During solid-
ification, formation of a corundum phase and segregation of Nb to the cell 
boundaries were observed in the as-built samples (see Figure 6.7), which is 
also explained by the thermodynamic calculations in Figure 5.1a. During an-
nealing, it is expected that those precipitates can grow if equilibrium has not 
been reached.  
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Figure 6.9 shows the microstructure of the SS441 ferritic stainless steel af-
ter annealing at 900 °C. The microstructure is similar to the as-built sample, 
with only a minor grain growth. After annealing, the melt pools are still visible 
and indicated by the red dashed line in Figure 6.9c. The grains are elongated 
close to the melt pool border and smaller and isotropic closer to the center of 
the melt pool, similarly to the as-built sample (see Figure 6.7). At higher mag-
nifications in Figure 6.9d, however, some precipitates can be observed at the 
grain boundaries of the cellular structure in addition to the spherical particles 
distributed in the grains. The precipitates are enriched in Nb and Si according 
to EDS and shown together with a STEM Z-contrast image in Figure 6.9e. As 
described above, Nb-rich precipitates was formed during the solidification. 
These precipitates may grow upon annealing and initiate formation of the 
larger sized Laves phase precipitates observed in Figure 6.9d and e. The small 
grain size of the L-PBF produced SS441 ferritic stainless steel enables many 
nucleation sites and will in combination with high diffusion rate along the 
grain boundaries result in a significant amount of Laves phase precipitates 
during annealing. Additionally, the corundum phase can still be seen in the 
sample but with similar morphologies as in the as-built samples. 

 
Figure 6.9. Microstructure of the annealed SS441 ferritic stainless steel showing 
EBSD orientation maps a) perpendicular to the build direction and b) parallell to the 
build direction. c) shows an SEM image with a melt pool indicated with a red dashed 
line and c) an higher magnification SEM image with precipitates. e) shows an STEM 
Z-contrast image with corresponding EDS maps. From paper I. 

Further thermodynamic calculations were utilized in paper II to understand 
the precipitation behavior of secondary phases during annealing in SS441. The 
precipitation of the Laves phase as well as NbC was studied between 850 and 
1100 °C. Figure 6.10 shows the precipitation kinetics of the Laves phase at 
900 °C calculated with TC-PRISMA and compared to experimental data ob-
tained from SEM micrographs. Figure 6.10a show how the average radius of 
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the precipitates increases depending on the annealing time at 900 °C. Before 
annealing, the precipitates are assumed to not be present in the material and 
the average radius is therefore assumed to be zero. The size of the precipitate 
will thereafter increase with annealing time and reach up to around 250 nm 
after 700 min. The amount of Laves phase increases rapidly in the beginning, 
but remains constant once it has formed, as shown in Figure 6.10. This suggest 
that the growth of the precipitates occurs at the expense of other Laves phase 
precipitates in the alloy and that the total number of precipitates will decrease 
with annealing time.  

 
Figure 6.10. Precipitation kinetics of the Laves phase at 900 °C calculated with TC-
PRISMA showing a) the average radius of the Laves phase and b) the volume fraction 
of the Laves phase at different annealing times. The experimental values were 
estimated from SEM micrographs. From paper II. 

The as-built samples were also annealed at 1000 and 1100 °C. According to 
the thermodynamic calculations in paper II, precipitation of a Laves phase and 
NbC is expected at 1000 °C. Increasing the temperature to 1100 °C, however, 
suggests that only NbC precipitates should form at equilibrium. Figure 6.11 
shows the microstructures of the SS441 alloy after heat treatment at 1000 and 
1100 °C. Differently sized ferrite grains can be seen in the microstructure, due 
to recrystallization or grain growth. Furthermore, precipitates with different 
morphologies can be seen in the micrographs, attributed to the Laves phase, 
NbC and corundum in agreement with the thermodynamic calculations. The 
Laves phase and NbC have higher densities than the surrounding matrix, mak-
ing them appear bright in the SEM image while the low-density corundum 
phase appears dark. Figure 6.11a shows a region with small grains after an-
nealing at 1000 °C, where the Laves phase and the carbides have formed at 
the grain boundaries of the ferrite. The oxides are distributed in the micro-
structure, as in the as-built sample. A similar distribution of the precipitates 
can be seen in the region with larger ferrite grains (Figure 6.11b), where large 
precipitates of the Laves phase and the NbC can be seen inside the ferrite. The 
similar distribution of the precipitates suggests that the large grains are formed 
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due to grain growth, as a changed precipitate distribution would be expected 
during recrystallization. 

At an annealing temperature of 1100 °C, precipitates of different sizes are 
observed at the grain boundaries of the ferrite (see Figure 6.11c). These are 
identified as the Laves phase (small precipitates) and the NbC (large precipi-
tates) from EDS analysis. The thermodynamic calculations suggest that the 
amount of Laves phase should decrease with annealing temperature. This ex-
plains the smaller sized Laves phase at the grain boundaries observed at 
1100 °C. The NbC, however, is stable at these temperatures and can still be 
seen with a similar size as after annealing at 1000 °C. Many Nb-rich precipi-
tates (marked with green arrows) can be seen in the interior of the larger grains 
after annealing at 1100 °C (see Figure 6.11d). The thermodynamic calcula-
tions suggest that they are NbC, but this is not yet experimentally verified. 

 
Figure 6.11. SEM images showing the Laves phase and the NbC in SS441 from paper 
II. a) and b) after heat treatment at 1000 °C in regions with small and large grains, 
respectively. c) and d) after heat treatment at 1100 °C in regions with small and large 
grains, respectively. The black particles in the images are oxides. 

TC-PRISMA calculations were carried out in paper II to predict the average 
radius of the Laves and NbC precipitates as a function of temperature, as well 
as the amount of Laves phase at different temperatures (see Figure 6.12). The 
average radius of the precipitates increases with annealing temperature and a 
good agreement between calculated and experimental sizes was observed. An 
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exception is at the highest temperatures (1050 °C and 1150 °C for the Laves 
phase and NbC, respectively) where the calculated radii are overestimated. 
There are a variety of factors that can contribute to the deviation between the 
calculations and the experimental data. Those include variations in the com-
position, initially segregated microstructure, or temperature dependent inter-
facial energies. During the calculations, a simplified composition was used to 
mitigate calculation errors that may cause deviations close to the solvus tem-
perature. The segregated microstructure seen in Figure 6.7 with Nb-rich pre-
cipitates at the cell boundaries influences the initial condition, where small 
precipitates are already experimentally observed but not accounted for during 
the calculations. This segregated microstructure would, however, be expected 
to mostly influence the initial precipitation behavior and is therefore not fully 
explaining the differences at high temperatures. Lastly, it is assumed during 
the calculations that the input parameters, such as the interfacial energy, are 
not temperature dependent. 

 
Figure 6.12. TC-PRISMA calculations showing the average radius of a) the Laves 
phase precipitates and b) the NbC phase precipitates as a function of annealing 
temperature and c) amount of Laves phase. The samples were heat treated for 2 hours 
at the different temperatures. From paper II. 

The SS446 alloy was annealed in a two-step process at 1060 °C for 20 min 
and water quenched, followed by annealing at 870 °C for one hour and finally 
quenched in air. According to the phase fraction diagram shown in Figure 
6.1b, the ferrite is stable together with Cr2N, M23C6 and spinel at 870 °C. A 
small amount of austenite was observed at the grain boundaries in the as-built 
sample, as shown in Figure 6.7. It is therefore expected that the annealing 
should favor the formation of nitrides in the grain boundaries, as the N content 
of the austenite is higher than in the ferrite. 

Figure 6.13 shows the microstructure of the SS446 ferritic stainless steel 
after annealing. The grain size of the ferritic phase remains similar to that of 
the as-built sample, as shown by the EBSD orientation map in Figure 6.13a 
but the number of dislocations is reduced. The fcc phase is no longer observed 
at the grain boundaries, but instead an Cr2N nitride has formed as precipitates 
both at the grain boundaries as well as inside the ferrite grains. Formation of 
Cr2N during the annealing process and quenching steps is expected since this 
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phase is stable at temperatures lower than 1040 °C (see Figure 6.1). There are 
two types of precipitation mechanisms for formation of Cr2N precipitates; 
quenched-in nitrides and isothermal nitrides. Quenched-in nitrides form due 
to a supersaturation of N in the ferritic phase and form intragranular nitrides 
during rapid cooling. The Cr2N precipitates observed within the ferrite grains 
shown in Figure 6.13c can be attributed to such quenched-in nitrides formed 
during the water quenching step. In duplex stainless steels, the isothermal ni-
trides usually precipitates at ferrite/ferrite or ferrite/austenite grain boundaries 
due to N diffusion [110]. Therefore, the Cr2N formed in the grain boundaries 
(Figure 6.13b) of SS446 is likely isothermal nitrides that have formed in the 
thermodynamically stable region. Furthermore, the estimated total amount of 
the Cr2N and fcc phases from XRD in the samples before and after heat treat-
ment is similar, suggesting a relation between the Cr2N formation and the 
presence of the fcc phase. The formation of nitrides will induce local varia-
tions in the Cr content in the ferrite phase and is therefore likely to have a 
detrimental effect on the corrosion properties. 

 
Figure 6.13. Microstructure of the heat treated SS446 alloy from paper III, showing 
a) EBSD orientation image and b) phase image with bcc (blue) and Cr2N (green) 
phases and c) STEM BF image with corresponding elemental distribution. 
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6.4.2 Spinodal decomposition in the AlCoCrFeNi alloy 
Spinodal decomposition is a well-known phenomenon in e.g., the Cr-Fe and 
Co-Cr-Fe binary and ternary alloys [72], where separation into a Cr-rich α´ 
phase and an Fe-rich α phase can be observed (as described in section 3.2) at 
certain temperatures. This type of decomposition does not require any nucle-
ation and will therefore take place as soon as the activation energy for diffu-
sion is available. The as-built AlCoCrFeNi alloy produced by L-PBF was 
studied with APT in order to determine the chemical distribution at the na-
nometer scale. Figure 6.14a shows the chemical composition along the marked 
cylinder in the inset. A chemical fluctuation is observed, where Cr is segre-
gated to a large extent most likely due to spinodal decomposition in the AlCo-
CrFeNi alloy. Figure 6.14b shows the local atomic concentration by construct-
ing 30 at.% Cr iso-surfaces as shown by the inset. It can be seen that the Cr-
concentration reaches 45 at.% within the Cr-rich domains at the expense of Al 
and Ni. It is commonly known that the AlCoCrFeNi system forms a two-phase 
microstructure by conventional methods, with Al-Ni rich and Cr-Fe rich 
phases, and these results can be correlated to the initial stages of this phase 
separation. The Cr-rich regions are very small (a few nm), due to the high 
cooling rate during the L-PBF process. 

 
Figure 6.14. Elemental distribution in the as-built AlCoCrFeNi alloy showing a) one 
dimension extracted from the cylinder in the inset and b) the 30 at.% Cr isosurfaces 
for the L-PBF sample. From paper V. 

The sample manufactured by L-PBF was heat treated at 550 °C for 12 hours 
in order to study the phase stability and elemental segregation in the alloy. 
This temperature is lower than the expected sigma phase transition tempera-
ture according to the thermodynamic calculations shown in Figure 6.1c. 
Hence, no phase transformation into different phases than the disordered bcc 
and ordered B2 phases is expected during the annealing at this temperature. 
The APT measurements in Figure 6.15 indicate a growth of the Cr-rich do-
mains after annealing, which is expected as the temperature is increased, and 
diffusion of elements enabled. Furthermore, Figure 6.15b shows that the Cr 
content reaches almost 80 at.% in the Cr-rich domains, which is close to the 
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chemical composition of the low temperature bcc (LT bcc) phase predicted by 
thermodynamic calculations in Figure 6.15c. The observed segregation can be 
attributed to spinodal decomposition observed in this alloy in other studies 
[43]. 

 
Figure 6.15. Elemental distribution in the L-PBF produced AlCoCrFeNi alloy after 
annealing at 550 °C for 12h. a) shows the composition along the cylinder marked in 
the inset and b) the composition of the 30 at.% Cr iso-surfaces from paper V. c) shows 
the calculated elemental composition of the bcc phase in the thermodynamically 
stable temperature regions from paper VI. 

In spinodal decomposition, the α´ and α phases exhibit the same crystal struc-
ture but with a variable chemical composition. In some cases, however, a su-
perlattice can be observed for one of the phases due to chemical ordering. In 
the AlCoCrFeNi alloy, the Al-Ni rich and Cr-Fe rich domains may form an 
ordered and disordered structure, respectively. Figure 6.16 shows TEM and 
APT results of an induction melt sample of the AlCoCrFeNi, where the low 
cooling rate after melting results in a pronounced separation into two phases 
with different chemical compositions. Figure 6.16a is a dark field (DF) image, 
formed from the 100 reflection oriented in the [001] zone axis, resulting in a 
bright B2 phase and dark bcc phase. The microstructure illustrates bcc do-
mains in a B2 matrix, as shown by the diffraction patterns in Figure 6.16b and 
c where the 100 reflection is absent for the bcc structure. The bcc domains are 
coherent with the B2 matrix, with the a-, b- and c-axis oriented in the same 
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way for both phases. The EDS and APT results show that the B2 and bcc 
phases are enriched in Al-Ni and Cr-Fe, respectively. The scale of the phase 
separation is, however, larger (around 200 nm) than in the L-PBF samples due 
to the different cooling rates during manufacturing. The elemental composi-
tion obtained from the APT measurements of the induction melted AlCo-
CrFeNi alloy is shown in Figure 6.16d-e. The analysis was performed across 
an interface of the bcc and B2 phases, and it can be seen that the Co concen-
tration is similar in both phases while a distribution of Al, Co, Cr and Fe be-
tween the phases is observed. Within the Cr-Fe rich bcc phase, a separation 
into even smaller domains with higher Cr concentrations occur, implicating 
that the spinodal decomposition takes place on several length scales. The oc-
currence of spinodal decomposition minimizes the Gibbs free energy in a mis-
cibility gap, and the formation of a multidomain microstructure can be bene-
ficial for the mechanical properties due to age hardening or utilized to modify 
the magnetic properties of a material if the resulting phases show different 
magnetic characteristics. However, the phenomenon is unwanted in many al-
loys due to the embrittlement of the material [33]. 

 
Figure 6.16. TEM and APT results AlCoCrFeNi prepared by induction melting in 
paper V showing a) TEM DF image formed using the 100 reflections showing bcc 
domains in a B2 matrix, b-c) SAED patterns for the B2 matrix and the bcc domains. 
d) one dimensional elemental concentration along the cylinder marked in the inset 
and e) shows the composition of the 50 at.% Cr iso-surfaces in the bcc phase. 
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6.4.3 Design of microstructure in AlCoCrFeNi 
The AlCoCrFeNi alloy exhibits a complex phase composition according to the 
phase fraction diagram shown in Figure 6.1c, with stable bcc/B2, fcc and 
sigma phases in a wide temperature range. Therefore, it is expected that the 
phase composition may be controlled by carefully chosen processing and post-
treatment conditions.  

To produce components with high density and no cracking of the AlCo-
CrFeNi alloy, binder jetting was chosen as an alternative to L-PBF in paper 
VI. This technique utilizes a sintering step instead of subsequent melting of 
powder layers. Hence, no thermal cycling will take place and the method is 
suitable for manufacturing of brittle materials, as the thermally induced 
stresses associated with L-PBF can be avoided. The samples were sintered at 
1320 °C after a debinding step at medium temperatures to remove the binder 
prior to sintering. An image of a produced rod is shown in Figure 6.17a. The 
porosity of the sintered part was estimated to around 1 % by optical micros-
copy of polished cross sections. As the sintered components were composed 
of several phases (see the XRD pattern in Figure 6.17b), it was not possible to 
evaluate the porosity by Archimedes principle. 

 
Figure 6.17. a) image of a rod produced by binder jetting and sintering, b) XRD 
pattern of the as-sintered rod, showing presence of bcc/B2, fcc and sigma phases. 
Reproduced from paper VI. 

The as-sintered microstructure of the AlCoCrFeNi alloy is shown in Figure 
6.18. The sample was electrochemically etched in 10 vol.% oxalic acid prior 
to the SEM investigation (see description in paper VI). The electrochemical 
etching removed the Cr/Fe rich phase, enhancing the contrast between the 
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phases. As seen in Figure 6.18a, the sample consists of a mixture of phases. 
The XRD patterns in Figure 6.17 suggest a presence of bcc/B2, fcc and sigma 
phases. The EBSD phase map in Figure 6.18b shows how these phases are 
distributed in the alloy, with bcc/B2 shown in blue, fcc in green and sigma in 
yellow. The bcc and B2 phases only differ in the chemical ordering on the two 
lattice positions (see Figure 2.1), making it difficult to separate them by 
EBSD. The phase map shows that the fcc phase is dominant in the grain 
boundaries, while the sigma phase can be found as a spinodal decomposition-
like precipitate in the interior of the grains. At the sintering temperature, the 
B2 phase should be stable, forming the large grains observed in Figure 6.18. 
During cooling, formation of cuboid bcc domains inside the B2 grains may 
take place as in the induction melted sample in Figure 6.16. As the sample is 
kept in the stability range of the sigma phase for a considerable long time 
during the slow cooling, a phase transition takes place where the Cr-Fe rich 
bcc phase is transformed into the sigma phase. Furthermore, the EBSD orien-
tation map (Figure 6.18c) indicates a coherency between the sigma phase and 
the surrounding matrix, which is expected if the sigma phase is formed from 
the bcc phase during cooling (the bcc and B2 phases are coherent). Finally, 
during the annealing and the following cooling step, some fcc phase forms at 
the grain boundaries. The phase composition is in good agreement with the 
thermodynamic calculations. 

 
Figure 6.18. a) SEM image of the as-sintered AlCoCrFeNi alloy, b) EBSD phase 
composition map with bcc/B2 (blue), fcc (green) and sigma (yellow) phases and c) 
grain orientation map. Adapted from paper VI. 

The combination of bcc/B2, sigma and fcc phases in the as-sintered state re-
sults in a brittle material. A special heat treatment process is therefore neces-
sary to obtain a phase composition without the sigma phase. Figure 6.19 shows 
in-situ neutron and X-ray diffraction measurements of the gas-atomized pow-
der during heating up to 800 °C. The diffraction patterns of the as-atomized 
powder can be explained using a single-phase B2 structure, which is stable up 
to around 600 °C, where additional phases start to form. These can be assigned 
to fcc and sigma phases. According to the thermodynamic calculations in Fig-
ure 6.1, the amount of sigma phase should be significantly larger than the fcc 
phase at equilibrium. The results from the Rietveld refinements of the X-ray 
and neutron diffraction data, however, show that more fcc has formed (see 
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Figure 6.19). As no equilibrium is reached during the continuous heating, the 
slow formation of the sigma phase allows formation of the fcc phase instead.  

 
Figure 6.19. In-situ neutron and X-ray diffraction measurements of the gas-atomized 
powder from paper IV are shown in a) and b), respectively. The phase fraction 
obtained from Rietveld refinements are shown to the right.  

In order to avoid the brittle sigma phase in the binder jet produced compo-
nents, annealing temperatures higher than 800 °C were needed (see Figure 
6.20). It was not possible to reach higher temperatures during the in-situ ex-
periments due to limitations in the experimental setup. A series of heat treat-
ments were therefore conducted on binder jetted samples at 900-1300 °C fol-
lowed by rapid quenching in water. The diffraction patterns in Figure 6.20a 
show that the sigma phase is no longer present after annealing at 1000 °C, in 
agreement with the thermodynamic calculations. An increase in annealing 
temperature to 1200 or 1300 °C initiates a phase transformation of the fcc 
phase, leaving only the bcc/B2 phase in the alloy. The stability ranges of the 
different phases are in good agreement with estimations from the thermody-
namic calculations, although the relative amounts of the phases differ. This 
can be due to kinetic effects, where longer annealing times are needed to reach 
the equilibrium. However, varying the annealing time between 1 and 20 hours 
had no effect on the phase composition at the different annealing temperatures. 
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Figure 6.20. a) diffraction patterns for the binder jet samples after heat treatments at 
900-1300 °C, showing bcc/B2, fcc and sigma phases. b-c) show an SEM image and 
EBSD phase map of the sample annealed at 1000 °C and d-e) show an SEM image 
and EBSD phase map of the sample annealed at 1200 °C. From paper VI. 

The microstructure of the sample annealed at 1000 °C is shown in Figure 
6.20b. The phase composition map in Figure 6.20c shows that the fcc phase 
(marked in green) is still present at the grain boundaries while the sigma phase 
has disappeared completely from the interior of the grains. However, the mi-
crostructure in the interior of the grains shown in Figure 6.20b indicates the 
presence of Cr/Fe rich (bcc) and Al/Ni rich (B2) regions, where the former 
domains have been etched more aggressively. Annealing at 1200°C trans-
forms the remaining fcc phase into bcc/B2 with only some traces of fcc re-
mains at the grain boundaries (Figure 6.20d-e). This was confirmed by TEM, 
where a multiphase structure with bcc and B2 regions is observed (see Figure 
6.21). The DF image shown in Figure 6.21a is acquired using a reflection that 
is forbidden in the bcc structure but excited in the B2 structure, enhancing the 
contrast between the two phases as the B2 structure will appear bright and the 
bcc structure dark. During annealing, large grains with bcc and B2 structures 
form, these are marked as grain 1 and 2, respectively (see Figure 6.21a). The 
bcc phase is rich in Cr and Fe, while the B2 phase is rich in Al and Ni. Within 
the large bcc grain, domains with a size of up to around 200 nm of a B2 struc-
ture rich in Al and Ni can be seen. Similarly, domains with similar sizes of a 
bcc structure rich in Cr and Fe can be seen in the large B2 grains. This sepa-
ration is similar to the spinodal decomposition shown in Figure 6.15, where 
formation of Cr-rich domains in a B2 structure was observed (but at lower 
annealing temperatures). The results above show that a designed post-anneal-
ing process can be applied to AlCoCrFeNi components making it possible to 
produce an interesting hierarchical microstructure.  
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Figure 6.21. Microstructure of binder jet produced AlCoCrFeNi after annealing at 
1200 °C showing a) DF image using the 300 reflection, b) STEM Z-contrast image 
and c-g) elemental distribution of Al, Co, Cr, Fe and Ni. From paper VI. 

Another way to design the microstructure of the final component in binder 
jetting is by control of the feedstock powder prior to sintering. This was in-
vestigated in paper IV. Figure 6.22a shows XRD patterns of two samples sin-
tered from as-atomized and annealed powders. The sintering was carried out 
at the same temperature as in Figure 6.18 (1320 °C) followed by a slow cool-
ing. Figure 6.22b and c show the microstructures of the sintered samples pro-
duced from as-atomized and pre-annealed powders, respectively. The sample 
produced from as-atomized powder showed, as expected, the same micro-
structure as the sample in Figure 6.18. When utilizing pre-annealed powder 
for the sintering, however, the microstructure is very different (Figure 6.22c). 
The main difference is the reduced amount of sigma phase and an increased 
amount of fcc. In the annealed powder, a Cr/Fe rich sigma phase is formed at 
the particle surfaces. This will deplete the interior of the grains of Cr and Fe. 
During sintering no bcc phase will therefore form in the interior of the grains. 
At the grain boundaries, the diffusion rate is high, allowing a more rapid trans-
formation of the sigma phase into other phases such as fcc. Furthermore, the 
formation of the fcc phase instead of the sigma phase could also be explained 
by remaining binder during the sintering. The binder contains C, which may 
stabilize an austenite phase. 
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Figure 6.22. a) XRD patterns of the components sintered from as-atomized and pre-
annealed powders, the corresponding microstructures are shown in b) and c), 
respectively. The B2, fcc and sigma phases are marked in blue, green and yellow, 
respectively. From paper IV. 

6.5 Mechanical properties 
The mechanical properties of the ferritic stainless steels SS441, SS446 and 
AlCoCrFeNi are expected to be highly dependent on the microstructure. The 
manufacturing process can promote e.g., solid solution hardening, precipita-
tion hardening or grain size hardening. In L-PBF, the high cooling rates ena-
bles formation of unique microstructures. Completely different microstruc-
tures and properties can be obtained in other AM processes such as binder 
jetting. In this thesis, tensile or compressive properties were investigated for 
the three alloys in papers I-III and VI, while the impact toughness of SS441 
and creep resistance of SS446 was evaluated in papers I and III, respectively. 

6.5.1 Tensile and compressive properties 
The tensile and compressive properties of the alloys investigated in this thesis 
is summarized in Table 6.1. In paper I, the tensile properties of the SS441 
ferritic stainless steel were investigated. As shown in Table 6.1, the yield 
strength and elongation of the conventionally produced sample (by casting 
and hot-rolling) are 314.2 MPa and 34.1 %, respectively. This is within the 
range reported in literature with a yield strength of 300-350 MPa and an elon-
gation of 34-40 %. The L-PBF produced sample, however, show a signifi-
cantly higher yield strength (about 235 %) but lower ductility. As the compo-
sition is similar, the main reason for the higher yield strength is grain boundary 
strengthening due to the small grain size, giving hardening according to the 
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Hall-Petch relationship. Upon annealing, the yield strength is reduced signifi-
cantly from around 740 MPa to 540 MPa for horizontally built specimens. The 
main reason for the reduction of the strength during annealing is the formation 
of a Laves phase, depleting the ferrite of the strengthening Nb. Furthermore, 
the Laves phase is brittle and is known to cause embrittlement in ferritic stain-
less steels [106]. 

 
Table 6.1. Tensile properties of the SS441 and SS446 ferritic stainless steel as well as 
the compressive properties of the AlCoCrFeNi alloy. The tensile or compressive yield 
strength and fracture elongation are listed.  
Alloy σy (MPa) εf (%) 
SS441 as-built 741 27.5 
SS441 (900 °C) 546 28.9 
SS441 conventional 314 34.1 
SS446 as-built 950 19.0 
SS446 (870 °C) 350 26.5 
SS446 conventional 349 32.4 
AlCoCrFeNi (1000 C) 1203 32.3 
AlCoCrFeNi (1200 C) 1461 31.5 
SEBM (0o) [39] 1015 26.4 

The SS441 alloy also show excellent behavior during impact testing, with an 
impact strength up to 30 times higher than the conventionally produced alloy. 
Figure 6.23 shows typical fracture surfaces of L-PBF and conventionally pro-
duced SS441 after impact tests. The L-PBF produced material shows presence 
of voids at different scales, which is typical for a ductile fracture. The conven-
tionally produced sample, however, shows a more brittle type of fracture 
where the large grains are reflected on the surface. The cleavage steps and 
feather markings on the surface suggest a transgranular fracture. 
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Figure 6.23. Example of fracture surface of L-PBF (a) and conventionally (b) 
produced SS441. 

The tensile properties of as-built L-PBF produced SS446 showed a much 
higher yield strength compared to the conventionally produced alloy, with an 
increase of around 270 %. The increased strength for the L-PBF produced 
SS446 is similar to the increase seen for SS441. The grain size of SS446 is, 
however, much larger than in SS441 and not expected to contribute as much 
to the high strength. Instead, it is likely that the precipitation of a coherent 
austenitic phase in the as-built components has a strengthening effect, as it can 
retard the dislocation movement. The annealed samples contain no fcc phase 
but precipitates of locked-in and isothermal Cr2N in the interior of the ferrite 
grains and at the ferrite/ferrite grain boundaries. Similarly to SS441, the pre-
cipitation of brittle intermetallic phases had a detrimental effect on the me-
chanical properties which approached those of the conventionally produced 
material.  

The mechanical properties of the L-PBF produced AlCoCrFeNi alloy was 
not investigated, as no high-quality samples could be achieved. The samples 
produced by binder jetting in paper VI were extremely brittle and thus not 
possible to machine to the required dimensions, as expected from the micro-
structural analysis showing a large amount of sigma phase in those samples. 
The samples annealed at 1000 and 1200 °C, however, showed a high com-
pressive yield strength compared to SEBM produced samples by Fujieda et al. 
[39] of up to 1460 MPa, with a higher ductility. The hierarchical microstruc-
ture shown in Figure 6.20c and Figure 6.21 is beneficial for the mechanical 
properties and provides a tougher material than the fcc/bcc/B2 phase combi-
nation obtained at lower annealing temperatures. This shows that the proper-
ties of the AlCoCrFeNi can be tuned by careful selection of the processing 
route. 

In summary, excellent mechanical properties can be achieved through AM 
of the ferritic alloys studied in this thesis with significantly higher strengths 
than conventionally produced materials. Furthermore, heat treatments can be 
utilized to modify the microstructure and corresponding properties of the al-
loys, but care has to be taken in order to avoid formation of brittle intermetallic 
phases that are detrimental for the properties.  
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6.5.2 Creep resistance in SS446 
The creep resistance of the SS446 ferritic stainless steel was evaluated in paper 
III. Figure 6.24 shows the results of the, currently ongoing, creep tests. Due to 
the high creep strength of the L-PBF produced SS446 alloy, the specimens 
had still not reached rupture at the time of writing this thesis, after a test time 
of over 1500 h. The sample at 10 MPa have reached the tertiary stage, while 
the samples exposed to 8 and 9 MPa are still in the secondary creep region. 
Fracture was expected at around 1000 h from tabulated data on conventionally 
produced components at a stress of 10 MPa [111]. The interesting creep be-
havior is likely an effect of the large grain size in the printed sample, in com-
bination with formation of isothermal Cr2N during annealing. The formation 
of precipitates at the grain boundaries may strengthen the grain boundaries, 
contributing to the excellent creep properties of L-PBF produced SS446 [112]. 
However, further investigations are needed to explain the high creep re-
sistance. 

 
Figure 6.24. Creep strain versus time curves from paper III at a stress of 8, 9 and 
10 MPa.  
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7 Conclusions and outlook 

This thesis gives insight in additive manufacturing of two types of ferritic al-
loys, Fe-based stainless steels and a high-entropy alloy. The two ferritic stain-
less steels SS441 and SS446 as well as the AlCoCrFeNi were produced by L-
PBF and the mechanical properties evaluated and compared to components 
produced by conventional methods. 

The results show excellent mechanical properties of the L-PBF produced 
ferritic stainless steels, with yield strengths reaching far beyond those of the 
conventionally produced materials. It was shown that high-melting phases 
such as oxides may form from the melt, acting as efficient nucleation sites 
resulting in a grain refinement. Thereby it is of interest to control the O content 
in the alloys, promoting formation of beneficial oxides during AM.  

During L-PBF, previously melted layers may reach high temperatures 
where new phases are thermodynamically stable as a result of reheating during 
deposition of subsequent layers. This results in phase transformations during 
the printing process, which may form cracks and be detrimental for the mate-
rial properties. This was suggested responsible for the poor behavior of AlCo-
CrFeNi during L-PBF with large extent of crack formation and porosity. As 
shown for SS446, this may be solved by heating the build plate to minimize 
stresses formed due to the thermal cycling. Hence, challenges remain for print-
ing of the AlCoCrFeNi and possible ways to handle them could be heating of 
the build plate or addition of particles or alloying elements to promote nucle-
ation and get a more stress tolerant microstructure. 

Thermodynamic calculations were shown throughout the thesis to predict 
and explain the behavior during printing and subsequent heat treatments with 
great accuracy. Excellent agreements between the calculations and experi-
ments were observed, proving that this is a powerful tool to design materials 
and can be utilized to minimize the experimental work when working with 
new alloys. Further development of the AlCoCrFeNi alloy by thermodynamic 
calculations is therefore a promising way to design a more suitable composi-
tion to produce components by L-PBF. 

An alternative AM technique, binder jetting, can be utilized to produce 
components of alloys that easily crack during L-PBF, as was shown for the 
AlCoCrFeNi alloy. This technique in combination with annealing allowed for 
production of components with promising mechanical properties due to an in-
triguing hierarchical microstructure. Furthermore, the microstructure of the 
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alloy can also be tuned by pre-annealing of the feedstock powder. This illus-
trates the importance of selecting suitable methods to successfully produce the 
high-entropy alloy with good properties.  

 
The results give rise to new questions that are subject for further investigation 
to develop new types HEAs produced by L-PBF. Therefore, it would be of 
great interest to: 

• Modify the chemical composition with the aid of thermodynamic 
calculations in order to produce a HEA with a more stress-tolerant 
microstructure by e.g., formation of fcc phases. 

• Control the formation of austenite and its orientation relationship 
to the ferrite in SS446. 

• Systematically investigate the effect of oxides on the solidification 
during L-PBF. 

• Addition of solid particles in the feedstock powder of AlCoCrFeNi 
to alter the nucleation and the microstructure of the alloys. 

• Systematically evaluate different pre-annealing steps on the feed-
stock powder for design of the microstructure of final components 
produced by binder jetting. 

• Evaluate and design other properties such as corrosion resistance. 
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8 Sammanfattning på svenska 

Material har haft en stor betydelse för utvecklingen av dagens samhälle och 
sökandet efter nya material har pågått under tusentals år. Många stora tidse-
poker är döpta efter det material som var vanligast förkommande under den 
tiden, som t.ex. sten på stenåldern, brons på bronsåldern eller järn på järn-
åldern. Legeringar har ända sedan bronsåldern i huvudsak baserats på en eller 
två olika metaller i kombination med små mängder av andra element, så kal-
lade legeringsämnen. En legering som har haft stor betydelse under de senaste 
100 åren är krominnehållande järnlegeringar, så kallade rostfria stål. De goda 
korrosions- och mekaniska egenskaper som dessa legeringar besitter har gjort 
att de hittat användningsområden i t.ex. köksvaror, konstruktionsmaterial eller 
inom flygindustrin. Rostfria stål kan förekomma i flera olika kristallstrukturer: 
ferrit, austenit, martensit och duplex, vilka har olika egenskaper och använd-
ningsområden. Utöver de klassiska legeringarna baserade på enstaka element, 
har en ny typ av material väckt stort intresse inom forskarvärlden, så kallade 
högentropilegeringar (HEA). HEA-konceptet har varit under diskussion sedan 
introduktionen av två oberoende forskningsgrupper under 2004. Ofta beskrivs 
de som legeringar innehållande minst fem element som ger en hög blandnings-
entropi som stabiliserar en enfasig fast lösning med en enkel kristallstruktur 
framför bildningen av komplexa intermetalliska faser. Detta kan bidra till in-
tressanta egenskaper som hög styrka, god duktilitet samt bra korrosionsmot-
stånd.  

Vid design av en legering används ofta element som möjliggör härdning av 
materialet genom t.ex. tillsättning av små mängder legeringsämnen som löser 
sig i strukturen och ger upphov till s.k. lösningshärdning eller bildandet av 
små partiklar av annan struktur, s.k. utskiljningshärdning. För att erhålla den 
maximala styrkan hos materialet är därför efterbehandlingar ofta nödvändiga.  

Under en lång tid har metoder som gjutning och varmvalsning används för 
att tillverka kommersiella komponenter i rostfria stål eller andra legeringar. 
Detta innefattar dock ofta metoder som svarvning eller fräsning för att erhålla 
de slutliga dimensionerna av komponenten, vilket tillför extra steg i process-
kedjan samt begränsar vilka dimensioner som kan tillverkas. Ett alternativt 
sätt att framställa komponenter med hög designfrihet är genom additiv till-
verkning (additive manufacturing, AM), vanligen känt som 3D-skrivning. AM 
av metalliska material nyttjar ofta ett pulver som startmaterial, varvid tunna 
skikt appliceras på varandra för att bygga upp den önskade 3D geometrin. Det 
finns flera olika typer av AM processer, som nyttjar olika typer av metoder 
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för att erhålla den slutliga produkten. I denna avhandling har en laserbaserad 
pulverbäddsmetod (laser powder bed fusion, L-PBF) används för att fram-
ställa prover av två ferritiska rostfria stål, SS441 och SS446, varav den förra 
innehåller små mängder Nb och Ti i kombination med en lägre Cr-halt. Utöver 
detta undersöktes även AlCoCrFeNi-legeringen, som beskrivs i litteraturen 
som en högentropilegering. Dessa material består av en rymdcentrerad kubisk 
kristallstruktur med en slumpmässig (bcc, se Figur 8.1a) eller ordnad (B2, 
CsCl-typ, se Figur 8.1b) fördelning av atomerna på gitterpositionerna. 

 
Figur 8.1. Typstrukturer för de ferritiska material som används i denna avhandling 
där a) visar en rymdcentrerad kubisk struktur med slumpmässig fördelning av 
atomerna på de 2 gitterpositionerna och b) visar en B2 struktur som bildats genom 
en kemisk ordning av atomerna. Röda och blåa sfärer symboliserar olika atomer. 

Termodynamiska beräkningar har använts för att förutse bildning av olika fa-
ser vid varierande temperaturer, samt för att förklara stelningsförloppet i L-
PBF för de ferritiska stålen. För bägge stålen observerades en ferritisk fas i 
kombination med andra termodynamiskt stabila faser. Vid stelning kan små 
mängder av högsmältande faser (oxider och TiN) bildas från smältan innan 
den ferritiska fasen börjat stelna, vilka skulle kunna fungera som nukleerings-
punkter och därmed modifiera kornstrukturen i det slutliga materialet. De 
högsmältande faserna stabiliseras i närvaro av Ti, som därmed förväntas ha 
stor inverkan på stelningsförloppet i det ferritiska stålet. Utöver detta påvisa-
des segregering av Nb, varvid en niobkarbid kan bildas när stora delar av smäl-
tan har stelnat. Vid värmebehandling av det ferrititska stålet innehållande Ti 
och Nb vid temperaturer från 850 till 1150 °C förväntas olika mängder och 
storleksfördelningar av en Laves-fas samt NbC. För AlCoCrFeNi observera-
des endast ett enfasområde vid höga temperaturer nära smältpunkten. Förutom 
de kubiska B2- och bcc-faserna observerades stabila områden med fcc- (ku-
bisk ytcentrerad) och sigma-faser (tetragonal struktur). 

L-PBF av de ferritiska stålen resulterade i komponenter med goda meka-
niska egenskaper där sträckgränsen uppgick till 741 respektive 950 MPa för 
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SS441 och SS446. SS441, men tillsatser av Nb och Ti, gav en finkornig mik-
rostruktur med en storlek av endast några enstaka mikrometer. Detta relatera-
des till förekomsten av Ti-rika oxider som observerades i det byggda materi-
alet med hjälp av elektronmikroskopi, överensstämmande med de termodyna-
miska beräkningarna. Även de segregerade Nb-rika partiklarna förutspådda 
från beräkningarna kunde observeras i cellgränserna. Vid uppvärmning av 
materialet bildas en Nb-rik Lavesfas i korngränserna, som visade sig försämra 
materialets styrka markant. Även NbC kunde påvisas vid värmebehandling 
och förväntas inverka på materialets egenskaper. Till skillnad från SS441 upp-
visade SS446 en grovkornig mikrostruktur, med korn upp till 100 µm i dia-
meter. Oxider observerades även i dessa prover i enlighet med termodynami-
ken, men förväntas vara en sämre nukleeringsplats för ferrit på grund av dess 
struktur. En austenitisk fas observerades i korngränser samt sporadiskt inuti 
de ferritiska kornen. Denna förväntas inte under stelning av SS446, men är 
stabil vid jämvikt. Då den austenitiska fasen också hade en tydlig orientering 
till matrisen är det troligt att den bildades under den termiska cykeln som upp-
står i L-PBF när nästkommande lager appliceras.  

AlCoCrFeNi var problematisk vid L-PBF, på grund av sprickbildning och 
låg densitet. Detta förklarades med att många ofördelaktiga fasomvandlingar 
kan ske under processen på grund av den termiska cyklingen. Legeringen 
kunde, å andra sidan, framgångsrikt tillverkas med binder jetting. De termo-
dynamiska beräkningarna användes för att designa fassammansättningen i 
proverna och få goda mekaniska egenskaper med en sträckgräns på upp till 
1461 MPa i kompression.  

Sammanfattningsvis visar denna avhandling att AM kan vara en möjlig väg 
för att tillverka komponenter i ferritiska material med bra mekaniska egen-
skaper, där SS441, SS446 och AlCoCrFeNi användes som modellmaterial. 
Termodynamiska beräkningar kan vara till stor hjälp vid design av nya 
material för AM och minimera det experimentella arbetet vid införandet av ett 
nytt material. Fortsättningsvis är det av intresse att använda fasta partiklar i 
smältan för att förenkla nukleering av AlCoCrFeNi och därigenom möjliggöra 
tillverkning via L-PBF. 
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