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Abstract
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Additive manufacturing of metals has received a lot of attention in the last decade as this family
of manufacturing processes allows the manufacturing of complicated geometries which would
be difficult to produce using conventional manufacturing techniques. Additive manufacturing of
the Ni-Fe based superalloys 625 and 718 using the Powder Bed Fusion – Laser Beam (PBF-LB)
process is facilitated by the fact that these alloys were developed as weldable alternatives to other
high-strength, high-temperature Ni-based superalloys. However, given that these alloys were
developed with casting and forging as the main manufacturing route, the alloying composition
of these alloys may possibly be tuned to better suit the PBF-LB process. In this thesis, small
changes to the alloy 625 and 718 alloy compositions were made, with the goal of either
improving material properties or reducing the environmental footprint of the produced materials.
For alloy 718, the influence of carbon content on the resulting microstructure and mechanical
properties was investigated both in the as-built and heat-treated conditions using tensile and
impact testing. A similar study, but also including corrosion experiments, was performed on an
alloy 625 composition which had been tuned to allow it to be atomized using nitrogen instead
of argon, a transition that results in environmental benefits as argon gas carries with it a larger
environmental footprint compared to nitrogen gas. In addition to the above, as the process
conditions in the PBF-LB process have a strong influence on the developing microstructure,
their influence on rolling contact fatigue and residual stresses in printed alloys 625 and 718
were investigated. Rolling contact fatigue experiments were performed on alloy 625 and
were complemented by a fractographic study which showed that the different grain structures
achieved depending on the used process condition affected the pitting damage development.
Meanwhile, the residual stress experiments were performed on PBF-LB processed alloy 625 and
718. The residual stresses in the materials were first calculated using experimental data attained
from high energy synchrotron diffraction experiments. These results were then compared to the
predicted stresses from a thermo-mechanical model. The thermomechanical model included a
built-in mechanism-based material model which was shown to successfully simulate relaxation
effects stemming from the cyclic heating of the material during the PBF-LB process. Lastly,
a modelling approach using the thermo-mechanical model was developed which allowed the
model to successfully predict the stresses also when using different scanning strategies.
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1 Introduction 

Manufacturing. Ever since the dawn of mankind, advancements in manufac-
turing techniques have come bringing with it a boost to quality of life. Also, 
development of manufacturing techniques goes hand in hand with the devel-
opment of new materials, or the increased and more efficient use of already 
known materials. The outcome from development of new manufacturing 
techniques is nevertheless often lower cost of the production, making prod-
ucts and technologies that previously were expensive available for all. Histo-
ry gives many examples of new manufacturing technologies that changed the 
world. One common referred to example of this is Johannes Gutenberg’s 
invention of the mechanical printer press around the year 1440. His inven-
tion started The Printing Revolution1, an important tool for pushing the En-
lightenment forward2 and later, modern-day democracy. A more recent ex-
ample was the development of huge hydraulic presses in the 1940-50s which 
gave birth to the closed die pressing of components at dimensions never seen 
before3. Closed die pressing allowed components to be manufactured as one 
piece instead of as an assembly of many individual parts, often riveted to-
gether. This resulted in immensely accelerated production speeds, reduced 
weight while increasing strength, all crucial factors for aviation and space 
applications. Furthermore, closed die pressing allowed these crucial compo-
nents to be manufactured using alloys that couldn´t be hammered into shape 
the same way as steels4. Hence, components could now be manufactured 
using aluminium and magnesium alloys, again reducing weight, and increas-
ing strength. The importance of these presses cannot be overstated, as ever 
since its completion in 1955 and to this very day, the 50,000-tone press, the 
MESTA 50 in Cleveland USA, has been continuously been producing com-
ponents for aviation and space applications5. In fact, you have probably been 
sitting just inches away from components produced in the MESTA 50, last 
time you flew in a commercial aircraft. Although the importance of the print-
ing press and the MESTA 50 rarely are mentioned in the same contexts, they 
both without a doubt changed the world dramatically in their own way. And 
it is in this context that Additive Manufacturing should be viewed, as the 
designs and use of materials it enables may very well change the world. 
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1.1 Conventional manufacturing 
Conventional manufacturing has been the backbone of the world’s industries 
since the dawn of the industrial age6. By the means of sawing, milling, turn-
ing, pressing, and casting, large volumes of components are produced at a 
high speeds and very low cost. Still, negative aspects can be found in this 
manufacturing approach. Some of these downsides have been mitigated by 
increasing the performance of machines and tools, but however efficient 
tools or machines may become, some negative aspects will remain.  
   Wheatear a component is made from wood, plastic, or metal; the material 
which a given component is comprised of will have been delivered to the 
manufacturer as stock material. Stock material is usually supplied in various 
shapes and sizes and for a given component the chosen stock material will be 
of dimensions which are most convenient for the manufacturing of that spe-
cific component. The meaning of convenient in this regard usually refers to 
the aim of minimizing the amount of material that must be removed during 
manufacturing, which in turn is dependent on component design. The above 
describes what can be called “conventional manufacturing” or “subtractive 
manufacturing” because material is being removed, piece by piece, using 
sawing, milling, and turning7. Since there are an uncountable number of 
different components produced this way, manufacturers may have to stock-
pile many different dimensions of the stock materials in order to minimise 
the amount of machining needed. The subtraction of material from the origi-
nally larger work piece i.e., stock material is both costly and negative for 
environmental reasons. Also, the subtraction of material requires a continu-
ous replacement of tools and cutting fluids, which again is costly and nega-
tive for the environment8. Conventional manufacturing may incorporate 
many different process steps, where different machines and tools are needed 
for the subtractive machining. This makes the conventional manufacturing 
approach complex and thus it may be difficult to incorporate changes to 
component design however small these changed might be. This complexity 
is reflected in the cost per produced component where low batch numbers 
carry heavier price tags than components that are produced in larger vol-
umes9. Conventional manufacturing also includes formative manufacturing 
processes, for example casting and pressing. Manufacturing techniques such 
as metal injection moulding (MIM) can achieve relatively complex geome-
tries while keeping the cost per part very low10. The largest cost associated to 
MIM manufacturing is the manufacturing of the mould inserts, which typi-
cally are machined to great precision using subtractive methods10. As each of 
these moulds may produce hundreds of thousands of components during its 
operational life span, the cost per produced part remains low. However, for 
low batch numbers, or custom components, techniques such a MIM are often 
not a viable option. 
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1.1.2 Conventional design aspects 
It is important to realize that the aspects of conventional manufacturing de-
scribed thus far also have a direct influence on component design itself. 
When a component is designed, not only is attention paid to the functionality 
or the performance of the component, but designers must also consider how 
the component is to be manufactured, to the lowest possible cost. In fact, 
some design features that would be greatly beneficial for the performance of 
the component has to be omitted because of the very limits of what conven-
tional manufacturing can do. Such design features are often termed “com-
plex geometries” and can be anything from a curved hole or some sort of 
void within the component itself. One common example of “complex geom-
etries” is conformal cooling channels11, see figure 1.1. Conformal cooling 
channels allow a more efficient cooling, i.e., transport of the heat away from 
the component. However, such cooling channels are typically not possible to 
achieve via conventional means since it is impossible to drill curved holes. 
Such limitations can sometimes be overcome by designing several parts 
which later are fastened together using fasteners and sealants if fluids or 
gases are involved in the intended application. This in turn increases weight 
and cost, and the risk of leakage is omnipresent, factors that could be elimi-
nated if the part could be produced as a single piece.  

 

 
Figure 1.1: A schematic comparison of conventional (left) and conformal (right) 
cooling channels. Figure with courtesy of Shinde et al.11. 

Another example of complex geometries are topologically optimized com-
ponents12. These components have been designed using input from calcula-
tions of the stresses and strains that the component is expected to experience 
while in service. Such calculations allow designers to remove “unnecessary” 
material from the initial design, resulting in a significantly lighter component 
compared to its non-optimized version. Such designs are often more difficult 
to machine and require more material to be removed from the initial work 
piece. Consequently, topologically optimized components might not be via-
ble from a cost perspective when using conventional manufacturing tech-
niques. 
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1.2 Additive manufacturing 
Contrary to conventional manufacturing where material is removed from an 
originally larger work piece, in additive manufacturing (AM), material is 
instead added where it is desired. This concept of AM was introduced in the 
1980s, when Hideo Kodama developed two prototype AM systems13,14. Soon 
after in 1983, a process known as stereolithography was invented and com-
mercialised by Charles Hull, which allowed rapid prototyping of polymer 
components15. Since then, there has been numerous different AM processes 
developed, capable of processing a range of different materials ranging from 
polymers to metals and composites16–18. Regardless of which process is used, 
AM processes are iterative processes where a single two-dimensional layer 
of material is added for each iteration. The geometry of each two-
dimensional layer is determined by the shape of the component that is being 
produced, as each layer is a cross sectional representation of the component 
at that given height from the starting height. A schematic representation of 
this is given in figure 1.2. 
 

 
Figure 1.2: Illustration of the slicing of a component and the resulting areas where 
materials is to be added. 

While all AM processes share the iterative layer-by-layer approach, they 
differ primarily in the way material is added to the component. For binder 
jetting, powdered particles are “glued” together using a binder to form what 
is known as a green body. The green body is later sintered at high tempera-
tures to fuse the individual powder particles together18. For other processes, 
heat is used when adding material. Examples of processes that employ heat 
for the adding of material include fused deposition modelling (FDM)19 
where material is extruded through a heated nozzle, while the powder bed 
fusion (PBF) and the direct energy deposition (DED) processes use melting 
of powdered particles or wire filaments by the means of a focused laser or 
electron beam.  
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In common for most AM processes however is that the pre-stock material is 
either in powder or wire form. Consequently, AM processes allow manufac-
turing of basically any geometry with only powder or wire as feedstock ma-
terial. This makes AM interesting for future space endeavours20, as it makes 
more sense to bring only powders and wire to the surfaces of Mars instead of 
bringing the full library of different feed-stock dimensions that would oth-
erwise be required for the conventional manufacturing of different compo-
nents.  

1.2.1 Additive manufacturing design aspects 
What has been covered thus far regarding AM processes shows that these 
processes allow rapid-prototyping and on-demand manufacturing of compo-
nents with complex geometries, without the limitations and negative envi-
ronmental aspects of subtractive manufacturing. It is the layer-by-layer ap-
proach of the AM processes that ultimately results in the increased freedom 
of design compared to conventional manufacturing approaches while still, 
some limitation still exists. Given this increased freedom of design, design-
ers must challenge themselves, and free their mind from the restrictions pre-
sent in conventional manufacturing design. No longer does flat surfaces or 
square corners equate to easy manufacturing, and complex components pre-
viously manufactured as several individual parts can now be made into a 
single part, omitting fasteners, and saving weight. Adequate AM design 
should exploit the design freedom while simultaneously work around the 
limitations of the AM processes. These limitations are of course different for 
different AM processes but for most powder bed techniques, such as the 
Powder Bed Fusion – Laser Beam process (PBF-LB), the design should be 
such that the intended component can be oriented in such a way that it limits 
the need for support structures. This is especially important for any internal 
structure of the printed component as such support structures would be diffi-
cult to remove, this is exemplified in figure 1.3. Similarly, evacuation of 
unmolten powders from internal voids must also be facilitated. 
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Figure 1.3: Two different orientations of a part, resulting in different requirements 
for supports which is shown in blue. The preferred orientation is shown to the left 
where no support is required in the internal cooling channels in the part. 

1.2.2 Alloying for AM 
Additive manufacturing, although tremendously efficient in material use will 
never replace the industrial backbone, being the conventional manufacturing 
techniques. Anyone who has seen a machine spit out standard components at 
an uncountable rate will testify to this. The strength of additive manufactur-
ing is instead the rapid prototyping it offers, the increased access to custom 
made components and how it pushes the design envelope to allow for more 
efficient component design. Hence, additive manufacturing does not neces-
sarily compete with conventional manufacturing, but instead opens up a new 
realm of opportunity. But there is more to AM than just complex designs. 
Another important strength of AM is that the AM processes allows for the 
manufacturing using materials that are not viable using conventional tech-
niques. Hence, if the freedom of designing is one of the strengths in AM, 
alloying for AM is surely the second. Despite this, a vast majority of the 
alloys processed using metal AM today were developed during the 1950ies 
i.e., conventional alloys developed with casting and forging in mind21,22. 
Hence, material development as opposed to further process development is 
the true frontier for AM. Such alloying development may be the tuning of 
conventional alloys to better suit the distinct solidification routes present in 
the metal AM processes, or the development of novel alloys, for example 
high entropy alloys and amorphous alloys. Such alloys offer unique proper-
ties compared to conventional alloys23 and may increase the significance of 
AM in the future to come. 
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2 Metallurgy of Ni-Fe superalloys 

The nickel-based superalloys belong to some of the most complex alloys 
ever developed. Ever since their inception in the 50ies, their ability to main-
tain strength and corrosion resistance at cryogenic and high temperatures has 
pushed the engineering possibilities in many areas, ranging from oil and gas 
industries to aerospace applications. Many of these superalloys are used at 
temperatures up to 0.8 Tm, and their maintained strength at these extreme 
temperatures is derived from both matrix strengthening effects, i.e. solid 
solution, and precipitation of strengthening coherent phases. Meanwhile, the 
corrosion resistance exhibited by these alloys is attributed to the formation of 
passivating Cr-oxides on the material surfaces.  

The reason for using Ni as the base element in these alloys is motivated 
by the fact that the nearly full 3rd electron shell in nickel allows the Ni-ɣ 
phase to be alloyed with many different elements with low risk of phase 
instability24. With Ni-ɣ as the parent phase, additions of Co, Fe, Cr, Mo, W, 
V, Nb, Zr, Al, Ti, Ta, Mg, C and B is used to achieve the high-performance 
properties to these superalloys. Given the complicated metallurgy that result 
from the addition of this many different elements, it is instructive to divide 
the alloying constituents into groups based on their metallurgical function in 
the Ni-based superalloys. The first group of elements include Co, Fe, Cr, 
Mo, W and V which primarily partake in solid solution strengthening of the 
Ni-ɣ phase. All these elements have an atomic size comparable to that of Ni, 
differing no more than 1-15%25. The second group of elements, Al, Ti, Nb 
and Ta, primarily partake in precipitation hardening of the alloy while the 
third group of elements, Mg, B, C and Zr, due to their odd size compared to 
Ni, facilitate grain boundary strengthening effects, and have a limiting effect 
on grain size26. The nickel-based superalloys can further be divided into 
subcategories. One such subcategory are the Ni-Fe superalloys to which 
Alloys 718 and 625 belong. Alloys 625 and 718 are the two alloys included 
in this thesis, hence, the continued metallurgical discussion is focused on the 
Ni-Fe superalloys. 
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2.1 Solid solutioning strengthening 
Solid solution strengthening is a principal strengthening approach used in 
many alloys, it is achieved by introducing different alloying elements into 
the parent phase, resulting in lattice expansions which limits dislocation 
mobility27.  Furthermore, the solid solution effectively decreases the stacking 
fault energy of the material28, in so limiting cross-slip of dislocation in the 
material29. In Ni-Fe superalloys such as Alloy 718 and 625, the strongest 
solution hardeners are Mo, Cr and W, while interstitial atoms such as N and 
C also contribute to the solid solution strengthening of Ni-ɣ phase30. Solid 
solution strengthening is the main strengthening attribute in Ni-Fe alloys for 
temperatures lower than about 0.6 Tm, as for higher temperatures, creep be-
comes significant. Alloy 625 is classified as a solid solution strengthened 
alloy as it has little or no strengthening attributes from precipitating phases. 
Hence solid solution is the main derivative of its strength which limits it to 
low stress application and temperature below 1100°C29. 

2.2 Precipitation hardening 
In the temperature range of 700-800°C where creep becomes significant, 
dislocation motion is more efficiently inhibited by precipitation of secondary 
phases both within the austenitic Ni-ɣ grains and in their grain boundaries31. 
Given the number of elements present in the alloys, many different phases 
may precipitate. For the Ni-Fe superalloy 718, Ti, Al and Nb are the main 
precipitation hardening elements29. 

2.2.1 The Ni3M phases 
The Ni-ɣ´(Ni3Al) and Ni-ɣ´´(Ni3Nb) phases are key in achieving the high 
temperature strengths seen in Ni-Fe superalloys. Both ɣ´ and ɣ´´ are stochi-
ometric ordered phases where ɣ´ displays a simple cubic crystal structure 
while the crystal structure of ɣ´´ is body-centred-tetragonal (BCT). ɣ´ is co-
herent to the FCC Ni-ɣ parent phase as their lattice parameters are similar. 
ɣ´´ is also coherent to the matrix, despite its BCT structure, as its c-axis is 
close to double that of ɣ, resulting in a [001]ɣ´´//[001]ɣ and [100]ɣ´´//[100]ɣ 
orientational relationship29,32,33. The rapid precipitation kinetics and coarsen-
ing of the primary strengthening precipitate ɣ´ makes many Ni-superalloys 
unsuitable to welding34. Hence were the Ni-Fe superalloys developed, to 
achieve alloys that would be acceptable to welding. In alloy 718, Nb and Fe 
suppress the formation of ɣ´ and instead favour ɣ´´ as the main strengthening 
precipitate. This is because the precipitation of ɣ´ and ɣ´´ is sensitive to vari-
ations in the alloying composition with respect to Al, Nb and Ti35. The pre-
cipitation of ɣ´´ is favoured for small (Ti+Al) vs. Nb ratios. Hence, ɣ´ is 
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favoured by Ti while ɣ´´ is favoured by Nb35. Meanwhile, ɣ´´ does not form 
in the binary Ni-Nb system, but only when Fe is added, hence, iron is key in 
the formation of ɣ´´36. It has been suggested that this alloying sensitivity as 
described above can be explained by how the alloying effects the free elec-
tron concentration in these two metastable Ni3Nb-phases. Ni-ɣ´ with the L12 
structure is favoured when the electron concentration range between 8.25 to 
8.50, while a transition to Ni-ɣ´´ having a D022 structure is seen at an elec-
tron concentration of 8.65. At even higher concentrations, the thermodynam-
ically stable orthorhombic (D0a) Ni3Nb-δ phase is favoured between 8.75 to 
9.037. For stochiometric Ni3Nb, the electron concentration is 8.75, i.e., this 
favours the δ-phase, but with the substitution of Ni with Fe, the concentra-
tion can be lowered to 8.65, allowing a situation where ɣ´´ is favoured. Simi-
larly, substituting Nb with Al and Ti pushes the free electron concentration 
down below the 8.5 threshold, allowing the formation of ɣ´ to be favoured. 
Given an alloy composition that favours ɣ´´, the solution of elements in the 
Ni-ɣ phase as well as the size of the ɣ´´ precipitates induce coherency strains 
between the ɣ´´ precipitates and the ɣ-matrix. A consequence of these coher-
ency stains are the excellent high temperature properties seen in Ni-Fe sup-
eralloys27,32. Moreover it is also responsible for the sluggish precipitation 
response of ɣ´´(Ni3Nb) seen during heat treatment38. Studies on the interac-
tions between dislocations and ɣ´´ has shown that ɣ´´ unlike ɣ´, offers a 
unique twinning behaviour when interacting with dislocations32,39,40. Howev-
er, this requires that the precipitates are small enough as this mechanism is 
replaced by simple shearing should the precipitates coarsen too much during 
heat treatment41. 
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2.2.2 Carbides 
Carbides also play an important role in the Ni-Fe superalloys. They have a 
complex and dynamic role and may increase ductility and creep resistance 
while at the same time stabilizing the dynamic reactions of the metastable 
phases by binding key elements such as Ti29. The performance of the car-
bides in the material, all depend on their type and morphology and as with 
many other materials, both primary and secondary carbides are present. The 
first type of carbide, the primary carbides, also referred to as MC carbides, 
form early during the solidification process as carbon react with elements 
such as Ti and Nb to form NbC and TiC24,42. The number and sizes of the 
precipitated primary carbides are dependent on carbon content and cooling 
rate, where larger primary carbides are seen for higher carbon contents and 
slower cooling rates43. As primary carbides precipitates early during the so-
lidification process, while the majority of the surrounding material is still in 
the molten state, they typically present a homogeneous distribution in the 
solidified material. Furthermore, they are commonly seen to precipitate on 
pre-existing inclusions such as TiN or Al2O3 already present in the melt. An 
example of this is shown in Figure 2.1 where a primary carbide comprised 
for Nb and Ti can be seen to have an Al2O3 core. 
 

 
Figure 2.1: STEM-EDS images showing a primary carbide rich in Ti and Nb with an 
Al2O3. 

Because of their early formation, primary carbides can be used to control the 
grain size of the material during casting and forging. Also, primary MC car-
bides are among the most stable compounds known to man, consequently, 
they are not affected to any large degree by subsequent heat treatments42. 
NbC for example, has been shown to remain stable up to 1260°C44, well 
above any standard heat treatment used for alloys 718 or 625. While some 
carbon is consumed by the formation of primary carbides, the solubility of 
carbon is typically exceeded during solidification, hence the formation of 
secondary carbides during heat treatment, such as the M23C6 carbide. This 
type of carbide is commonly seen in high-Cr content alloys and typically 
precipitate in grain boundaries or dissociated twin grain boundaries during 
low temperature heat treatment or during service.  
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While M23C6 carbides may form from free carbon present after solidification, 
they may also form by the decomposition of MC carbides in the temperature 
range of 760-980°C according to equation 2.145. 

 
𝑀𝐶  ɣ → 𝑀 𝐶  (Equation 2.1) 

 
M23C6 carbides are beneficial for the mechanical properties of alloys such as 
718 or 625 if precipitated with a globular morphology, as they limit grain 
boundary sliding at elevated temperatures46. However, an excessive amount 
of these carbides will instead result in a material that may be considered 
brittle. 

2.2.3 Other phases 
Several other phases than what so far has been discussed can of course pre-
sent themselves in alloy 718 and 625. The topologically closed packed 
(TCP) µ, σ and laves phases appear as either globular or plate like precipi-
tates which are typically brittle in nature and detrimental for material per-
formance. The occurrence of these phases has been reduced considerably 
since the early days of Ni-Fe superalloys, primarily by the means of better 
control of impurities such as Si.  

2.3 Heat treatment 
Ni-Fe superalloys are always heat treated to achieve the desired properties of 
the alloys. Typically, the first step is a high temperature solution heat treat-
ment with the purpose of homogenizing the material and dissolve any delete-
rious phases such as δ or laves. The δ phase may be desired in some respects 
as it can help to limit grain growth during sub-sequent hot forging if the 
forging is performed below the δ-solvus temperature. However, this is only 
true for δ with a globular morphology which precipitate at lower tempera-
tures. During the casting of a billet, δ with the less desirable plate-like mor-
phology will rapidly precipitate in the 840-950°C temperature range. Hence, 
solution treatment is typically performed above the δ-solus (995°C) to re-
move the plate-like δ. This is then followed by a rapid quench, to limit the 
reprecipitation of the plate like δ. After the quenching, aging is performed to 
precipitate ɣ´´. Aging can be performed at different temperatures to achieve 
the desired amount of globular δ, however, aging temperature should be 
above 700°C as δ will otherwise grow at the expense of ɣ´´. In the tempera-
ture range between 700-885 C, δ and ɣ´´ coexist where ɣ´´ coarsens rapidly. 
Given that ɣ´´ is a metastable phase, it decomposes to δ at temperatures 
above 650°C47. This effectively puts a 650°C service temperature limit on 
ɣ´´ hardened alloys such as Alloy 718. 
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3 The PBF-LB process 

The principal AM process used in this work, is the PBF-LB process which 
has received a lot of attention in the last decade. The PBF-LB process was 
invented and commercialized in 1990ies17 and utilizes selective melting of 
metal powder layers by the mean of a focused laser, layer by layer, to pro-
duce fully dense objects. The melting is achieved by scanning the laser focus 
over selected areas of the powder bed along what is known as hatch lines, 
see figure 3.1. The process is conducted in a build chamber which is purged 
from oxygen by using either nitrogen or argon gas. 
 

 
Figure 3.1: Schematic representation of the scanning of the laser beam along the 
hatch lines. Note the overlap of the melt poles. Figure with courtesy of Hussain et 
al.48. 

The laser is most commonly operated in the continuous wave (CW) exposure 
mode, where the laser continuously exposes the powder bed as it is scanned 
along the hatch lines. At the focus point of the laser, the input energy from 
the laser is sufficient to melt both the powder particles comprising the cur-
rent layer as well as material from previously added layers, in so forming a 
small melt pool. As the focus point of the laser is scanned along a hatch line, 
a melt track will form, see figure 3.2.  
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Figure 3.2:  Schematic representation of the physical interaction betweent the 
incoming laser and the powder bed. Differen physical phenomneon can be seen 
including melting, convection flow withing the melt, directional solidification, the 
heat affected zone (HAZ), as well as metal vapour foramtion and spatter. Figure 
with courtesy of  Panwisawas et al.49 

The material in close proximity of the progressing melt pool will experience 
a temperature increase, this region is known as the heat affected zone50. Giv-
en the above, and the iterative layer-by-layer approach of the PBF-LB pro-
cess, cyclic melting and heating is a feature of the process which may result 
in segregation of elements as well as the formation of heat induced phase 
transitions51. The distance between the individual hatch lines is known as the 
hatch distance, which will determine the degree of overlap between adjacent 
melt tracks. Hence, the hatch distance is one of the principal process parame-
ters of the PBF-LB process. A too large hatch distance will result in an insuf-
ficient overlap which may leave unmolten powders in between the tracks, 
ultimately resulting in pores in the produced material. On the other hand, a 
too short hatch distance will result in excessive heat input, resulting in the 
formation of other types of defects in the produced material. The speed at 
which the laser is scanned along the hatch lines is commonly referred to as 
the scan speed, which together with the input laser power and the powder 
layer thickness constitute the three remaining principal process parameters in 
the PBF-LB process.  

Given these four principal process parameters, a simple equation can be 
constructed to give an expression on the total energy input per volume of 
processed material i.e., the volumetric energy density (VED), see equation 1 
where h is the hatch spacing, P is the laser power, t is the layer thickness and 
s is the scan speed. 
 

𝑉𝐸𝐷
∗ ∗

 Equation 3.1 
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While the volumetric energy density is heavily used in current literature on 
PBF-LB, this simple equation gives no information on the details of the di-
mensions and other important interactions concerning the melt pool. Hence, 
although useful to some extent, deriving experimental strategies solely based 
on equation 1 should be avoided as it does not offer a holistic description of 
the PBF-LB process. This becomes clear as many important process parame-
ters are missing in equation 1. Besides the principal process parameters de-
scribed thus far, there are numerous other parameters in play that affect the 
quality of the produced material and therefore must be kept in mind when 
using the PBF-LB process. Such parameters include the laser focus, the 
shield gas type, gas flow, pressure in the build chamber, build plate tempera-
ture, humidity, the feed-stock powder characteristics, and many others, all of 
which affect the quality of the produced material.  

3.1 The melt pool 
Given the limited heat input, the amount of molten material at any given 
moment during the PBF-LB process is very small. This results in significant-
ly different solidification conditions compared to those in conventional cast 
and wrought materials. Meanwhile, there are more similarities to that of 
welding as the individual melt tracks of the PBF-LB process are in fact mi-
cro welds. The interaction between the incoming laser beam, the powder bed 
and the formation of the melt pool is a violent and complex interaction in-
volving many different physical phenomena as shown in figure 3.2. Convec-
tion flow in the molten metal of the melt pool due to Marangoni convection, 
exemplified in figure 3.3, plays an important role in the heat distribution 
within the melt pool which affects the melt pool dimensions52–55. Further-
more, the evaporation of metal at the focus point of the laser result in a recoil 
pressure that affect the melt pool stability16,56. Simultaneously, super-heated 
gas bubbles are formed in the melt which result in the formation of a jet 
when they collapse, causing the ejection of molten particles known as spat-
ter57. As the laser focus moves along the hatch line and leaves molten metal 
in its path, the transfer of heat away from the melt pool is facilitated by large 
thermal gradients due to the limited size of the melt pool. Hence, rapid solid-
ification is a characteristic feature in the PBF-LB process18. 
 



 

 29

 
Figure 3.3: SEM-BSD micrograph showing the remnants of vortices caused by Ma-
rangoni convection in the amorphous alloy AMZ4. The heat affected zone can also 
be identified along the perimeter of the melt pool where precipitation of secondary 
phases is evident. 

3.2 Microstructure 
The rapid solidification in the PBF-LB process results in an almost epitaxial 
growth behaviour16, where grains at the solid-liquid interface continue to 
grow into the melt as it cools. The large thermal gradients, typically oriented 
close to parallel with the build direction, facilitates this as a preferred growth 
direction. For FCC-type alloys such as the Ni-based superalloys, the pre-
ferred crystallographic direction of solidification is in the <001>-
crystallographic directions as these corresponds to the crystallographic direc-
tions with the lowest atomic densities58. Consequently, for such alloys, a 
columnar grain morphology with a (001)-texture along the build direction is 
commonly seen in the as-built condition of PBF-LB processed materials59,60, 
see Figure 3.4. When looking at such grains at higher magnification, evi-
dence of their directional solidification can be seen as the grains are typically 
comprised of a cellular substructure, stemming from a dendritic solidifica-
tion, see figure 3.5. The rapid solidification has disallowed the formation of 
any secondary or ternary dendrite arms and the interdendritic regions typi-
cally display micro segregated elements as well as a high dislocation densi-
ty61. The anisotropic microstructural features described thus far, have direct 
implications on the material properties of PBF-LB process materials. Typi-
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cally a larger ultimate tensile strength is seen perpendicularly to the build 
direction, while a larger elongation to failure is seen parallel to the build 
direction62–64. Lastly with regard to microstructure, the rapid solidification 
limits the precipitation of some phases, as it leaves little time for their for-
mation. 
 

 
Figure 3.4: SEM-EBSD band contrast image with highlighted grain boundaries 
showing the columnar grains oriented parallel to the build direction (black arrow). 
The caption shows a SEM-SE image at higher magnification, where the dendritic 
growth can be seen to extend through the melt pool interfaces. 

 
Figure 3.5: High resolution STEM-EDS image showing the interdendritic structure 
in Alloy 718 produced using PBF-LB. 

3.2.1 Influence of scanning strategies 
The resulting microstructure and texture in PBF-LB processed materials is 
not only decided by the used process parameters. Also, the pattern by which 
the laser is scanned over the powder bed is of paramount importance for the 
developing crystallographic texture and microstructure65,66. The most com-
mon approach used when scanning the powder layers is bi-modal hatching as 
shown in figure 3.6. Figure 3.6 also illustrates the developing microstructure 
for different bi-modal scanning strategies where the epitaxial growth men-
tioned above can be seen to differ depending on which scanning strategy is 
used. For the first two scanning strategies shown in Figure 3.6a and b, the 
pattern remains the same of all layers. At the centre of each melt pool in 
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Figure 3.6a, the melt pool contour has been highlighted and a thin columnar 
feature with a distinct (001)-texture can be seen at its centre. This columnar 
feature results from the perfect vertical orientation the thermal gradient here. 
To the sides of this columnar feature, the thermal gradients are instead tilted, 
resulting in a grain growth oriented roughly 45-degrees relative to the build 
direction65. As such, a 110-texture will dominate along the build 
direction65,66.  

 

 
Figure 3.6: Different bi-modal scanning strategies with corresponding EBSD-IPF 
map to show the developing grain structure for different scanning strategies.  

In the third scanning strategy however, the scanning patterns are rotated at 
an angle of 67 degrees for every layer as shown in figure 3.6c. Using such 
rotating scanning strategies limit the repetitiveness of the process, i.e. using 
a rotational angle of 90 degrees result in the same pattern being scanned 
every other layer while a 45-degree rotation limits the repetitiveness to once 
every 3rd layer. Limiting the repetitiveness of the process by the use of rota-
tional patterns reduce the amount of texture in the produced material as the 
continuation of grain growth across multiple layers is limited, resulting in 
complex grain structure with titled and twisted grains66. This effectively 
makes the material more isotropic. Another common type of scanning ap-
proach used in the PBF-LB process is the use of so-called contouring. Con-
touring means that the perimeter of each printed area is scanned along its 
borders, once or several times, as shown in figure 3.7. Such approaches are 
typically used to improve the surface quality of printed components. But the 
fact that the thermal transport at the edges of a printed component is differ-
ent compared to the bulk of the component, and the fact that the scanning 
pattern of the laser during contouring will be dependent on component ge-
ometry alone, a different type of grain structure and texture should be ex-
pected to develop when contouring is used.  
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Figure 3.7: Schematic representation of a triple contour and the resulting microstruc-
ture displayed in an EBSD-IPF map. 

3.2.2 Tailoring of local microstructure 
As the manner in which the microstructure in PBF-LB processed materials 
develop depend on both the used process parameters and scanning strategies, 
this offers the possibility to tailor the microstructure of the produced materi-
al. This has already been exemplified in section 3.2.1 and Figure 3.6 where 
the grain structure was change throughout the components by using different 
scanning strategies. The effects of such tailoring on the microstructure and 
the mechanical properties of the printed material are explored in papers III, 
IV and V. However, such tailoring can also be achieved locally, by segment-
ing the layers into regions that are then scanned with different parameters 
and or strategies, see Figure 3.8.  

 

 
Figure 3.8: Showcasing the possibility of altering the microstructure locally using 
the PBF-LB process. The printed geometry is shown in (a) together with the scan-
ning strategies used for the respective volumes in the model. The resulting micro-
structural differences attained are displayed in (b) using an EBDS-IPF map. Figure 
with courtesy of Marattukalam et al.65 
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3.3 Residual stresses 
An additional consequence of the rapid solidification in PBF-LB process is 
the resulting residual stresses found in the as-built material, which may dis-
tort the printed part and influence material properties. Much of the 
knowledge regarding the residual stresses in PBF-LB processed materials 
has been transferred from the research on casting and welding67. The residual 
stresses in the processed material can have different origins. One of the 
sources of residual stress is the shrinkage that occurs when a metal solidifies 
from the molten state. Modelling and experimental studies have shown that 
this type of stress is seen to be largest along the scanning direction of the 
laser68. Consequently, the residual stresses in the material can be influenced 
by changing the orientation of the hatch lines, i.e., altering the scanning 
strategy68–70. Other sources of residual stresses include low temperature 
phase transitions that are accompanied by a change in the lattice constant. A 
common example of the latter is the austenitic to martensitic transition in 
ferritic steels. Residual stresses in PBF-LB processed materials were investi-
gated in papers IV and V. 

3.4 Defects 
As with any manufacturing technique, materials processed using the PBF-
LB process are also prone to defects. Given the iterative layer-by-layer ap-
proach, such defects might seem more likely to occur than compared to for 
example casting. However, the modern PBF-LB process can reliably pro-
duce material of high quality given that correctly set process parameter are 
used. Nevertheless, the following section gives a description on the most 
common defects found in PBF-LB processed material. 

3.4.1 Lack of fusion 
Given insufficient input energy, either due to a too low laser power setting or 
too fast scan speed relative to a given powder layer thickness, lack-of-fusion 
may occur which results in insufficient melting. Lack-of-fusion defects typi-
cally manifest themselves as large, interconnected pores where the features 
of the unmolten powder particles can be distinguished as exemplified in 
Figure 3.9. 
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3.4.2 Keyhole 
Contrary to lack-of-fusion, key-hole defects result from too high input ener-
gy, typically resulting from a too low scan speed for the selected laser power 
setting. This results in a deep and narrow melt pool where the recoil gas 
pressure at the centre of the laser focus facilitates the formation of a depres-
sion. This depression may collapse on itself, in so forming a large pore lo-
cated in the centre of the melt pool. Such pores are exemplified in figure 3.9 
where the edges of the printed samples experienced over melting and conse-
quently formed key-hole pores. 
 

 
Figure 3.9: Light optical micrograph examples of lack-of-fusion defects (left) and 
key-hole porosity (right) in ASP2012 coldworking tool steel. 

3.4.3 Entrapped gas porosity 
Entrapped gas porosity manifests itself as small spherical pores relatively 
evenly distributed within the material. The source of the entrapped gas may 
either be from the formation of gas bubbles within the melt due to a too high 
energy input, or due to entrapped gas in powder particles originating from 
the atomization process. If the source of the entrapped gas stems from poor 
powder quality, i.e., entrapped gas in the powder particles, it can be chal-
lenging to ger rid of.  

3.4.4 Cracks 
As discussed in section 3.4, residual stresses are ever present during the 
PBF-LB process. As these stresses accumulate for every added melt track 
and for every added layer of the process, the residual stresses may accumu-
late to surpass the strength of the material. When this happens, large cracks 
form, extending throughout the printed component.  
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3.5 Powders for the PBF-LB process 
The powder quality is particularly important in the PBF-LB process as for 
every layer during a print, a thin and uniform powder layer must be dis-
pensed. This process is facilitated by using powders of the highest quality, 
having the ability to form uniform and dense powder layers. This ability is 
usually referred to as a power´s “spreadability”, which has been shown to 
improve for powders with a low avalanche angle, i.e. the angle of tilt where 
the powder begins to flow due to the force of gravity, without any external 
agitation71. The avalanche angle of a powder is largely determined by the 
powder particle size distribution and its morphology, where spherical pow-
der particles favour low avalanche angles71. In the gas-atomization process, 
high pressure gas is used to agitate a steam of molten metal which cause it to 
solidify into small spherical particles which facilitates the spreadability of 
the powder. Spreadability of the powder has been shown to directly trans-
lates to part quality72. Hence, a vast majority of metal powders for AM ap-
plications are produced using gas-atomization73. Powders intended to be 
used in the PBF-LB process are typically sieved to result in a particle distri-
bution ranging from 10 – 60 µm.  

3.6 Parameter development 
The PBF-LB process requires tuning of process parameters to achieve fully 
dense produced materials. These process parameters are set using process 
parameter development and are specific not only to the specific alloy that is 
being processed but also to the model of printer used. The most common 
parameters that are included in the process parameter development is the 
laser power, the scan speed, the laser focus, the laser hatch distance, and the 
powder layer thickness. The tuning of these parameters often focuses on the 
total energy input as calculated using equation 1, where typically the layer 
thickness, hatch distance and laser focus are held fixed and are chosen to 
ensure that sufficient overlap between layers and hatches is achieved. This 
leaves the scan speed and laser power as the two remaining process varia-
bles. 
   Whenever performing process parameter development, it is beneficial to 
understand the impact of the different process parameters on the resulting 
material. Likewise, it is important to recognize that when altering process 
parameters, the different qualities of produced material that is achieved is 
caused by changes to the developing melt pool/track. For example, increased 
laser power will result in a deeper and wider melt pool, while increased scan 
speed will result in a melt pool which is stretched further along the scan di-
rection while at the same time limiting its depth74. Ultimately, only the best 
combinations of process parameters will result in a high-quality material, as 
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the resulting melt pool characteristics are such that a stable melt track is able 
to form.  

A stable melt pool/track is difficult to monitor in-situ during the PBF-LB 
process, however, the stability of the melt pool can be assessed by studying 
individual melt tracks, separated by a large hatch distance, hence removing 
the influence of hatch spacing. In figure 3.10 below, a common approach for 
CW process parameter development is shown where a two-dimensional ma-
trix of single lines is printed where the columns and rows of the matrix have 
different scan speeds and laser power respectively. The achieved melt tracks 
are then evaluated using a microscope, and the parameters of the matrix are 
changed for the next iteration based on the qualitative evaluation of the 
tracks. As can be seen for the 160 W tracks, insufficient input energy result-
ed in insufficient melting of the powder and the build plate. Consequently, 
the high viscosity of the achieved melt result in a phenomenon called balling 
which is attributed to Plateau-Rayleigh instability75. While balling is a strong 
indicator for a too low energy input, balling can also occur if excessive oxi-
dation occurs during melting, where the formation of oxides will further 
increase surface tension. The latter is especially true for reactive alloys, 
which require very low oxygen content in the build chamber during the 
printing process. When looking at the 260 W tracks, examples of unstable 
tracks can be seen for scan speeds ranging from 0.3 - 0.4 m/s, although, the 
instability exemplified here is insufficient to cause complete balling. How-
ever, when increasing the scan speed to 0.65 m/s the instability can be seen 
to increase and the balling phenomenon observed for the lower power setting 
reappears75. For higher power settings, examples of what can qualify as sta-
ble melt tracks can be seen.  
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Figure 3.10: SEM micrographs showing single melt track with different combina-
tions of laser powers and speeds. Figure with courtesy of Gunenthiram et al.76. 

When achieving tracks that appear stable, the focus of further development 
will be to ensure that the combination of power and speed result in stable 
melt tracks also for taller builds as the thermal transport away from the track 
will diminish for every consecutive layer which is added. Also, it must be 
ensured that the combination of parameters does not result in too large denu-
dation zone around the track, i.e., the zone in the direct proximity of the melt 
track where the surrounding powder particles are pulled into the melt. Pow-
der particles are pulled into the melt in this way partly due to the gas flow 
and partly due to the convection caused by the evaporation of metal at the 
focus point of the laser. Denudation effectively increase the width and height 
of the melt track, eventually resulting in an unstable track. Denudation has 
been shown to increase with higher laser powers, low gas pressures, and 
faster gas flows.77 When aiming for process parameters for thin walled struc-
tures, or alloys with a low evaporation point, particular interests must be 
paid to denudation.  
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4 Methods 

4.1 Powder Bed Fusion – Laser Beam 
All materials in this thesis were processed in and EOS M100 Powder Bed 
Fusion Laser Beam system78 equipped with a 200 W Yb-fibre laser with a  
fixed 45 µm laser focus. For all printing processes, the build chamber was 
purged using high purity argon gas. Two different process parameter sets, A 
and B, were used when printing the materials in paper I-V, see Table 4.1. 
These process parameter sets were developed in-house and are just two of a 
larger number of process parameter sets that were identified to yield material 
with a relative density above 99%. Parameter set A and B were chosen on 
the basis that they yield the highest relative densities, while at the same time 
differing considerably in their volumetric energy densities. The different 
scanning strategies employed are shown in Figure 4.1. In scanning strategy 
ROT, the directions of the hatches were rotated 67° for each consecutive 
layer, this scanning strategy was used in papers I-III. The XX and YY strate-
gies on the other hand, does not rotate the hatch direction in between con-
secutive layers, instead the hatch directions are oriented either along the x-
axis (XX) or the y-axis (YY) of the printed components. The XX and the YY 
strategies were used in paper IV and V 

Table 4.1: Process parameters used in papers I-V. The last columns show the volu-
metric energy density as calculated using equation 3.1 as well as the relative densi-
ties of the produced materials. 

 Laser 
power 

[W] 

Scan speed 
[mm/s] 

Hatch 
spacing 

[µm] 

Layer 
thickness 

[µm] 

Energy 
density 
[J/mm3] 

Relative 
Density 

[%] 
Parameter 

set A 
100 1200 60 20 69 99.7 

Parameter 
set B 

160 1400 60 20 95 99.5 

 
Figure 4.1: Schematic representation of the scanning strategies used in papers I-V. 
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4.2 Post processing 
The produced materials were evaluated and tested both in the as-built condi-
tion as well as after receiving heat treatments. Below, the heat treatments 
used, and their intended purposes are described. 

4.2.1 Hot Isostatic Pressing 
Hot isostatic pressing is a heat treatment where the material is exposed to 
high temperatures and pressures. For a volume with a discontinuous porosi-
ty, this type of heat treatment has the capability of reducing any voids within 
the material, hence it was primarily used to limit the impact of any porosity 
on the evaluated mechanical properties. Meanwhile, the HIP treatment also 
served as a homogenization treatment for samples that did not receive any 
subsequent heat treatment. The HIP cycle which was used in paper I, II, was 
performed at 1120°C at a pressure of 100 MPa for the duration of 2 hours. 

4.2.2 Heat treatment 
In paper I, a standard heat treatment was employed after the HIP cycle. This 
was because Alloy 718 requires both an appropriate homogenization as well 
as an annealing in order to precipitate ɣ´´ as described in section 2.3. A 
standardised heat treatment according to AMS 5662 was used, which in-
cludes a solution treatment below the δ-solvus at 970°C followed by quench-
ing in water. After this annealing was performed at two temperatures. The 
first anneal was performed at 718°C for 1 hour and the second anneal was 
performed at 621°C for 8 hours. 

4.3 Microstructural analysis 
The complicated microstructure that results from the metallurgy of alloy 718 
and 625 was analysed using a variety of techniques. This section described 
the motivation of the utilization of these techniques while the details of each 
technique used has been omitted. 

4.3.1 Scanning electron microscope 
Scanning election microscopy (SEM) is a powerful imaging technique for 
low to high magnification. It offers the possibility to use various detectors, 
either singularly or in combination with one another, to discriminate between 
features on the sample surfaces. SEM investigations were performed on a 
Zeiss Merlin Field Emission Gun SEM equipped with EDS/EBSD capabili-
ties. Given the few sources of contrast in the as-built condition, the Back-
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Scatter Detector (BSD) was heavily utilized for the imaging of the achieved 
microstructure as it is excellent in enhancing contrasts stemming from ele-
mental differences in the material. Meanwhile, the BSD also feature what is 
known as channelling contrast, which allow the discrimination between 
grains with different crystallographic orientations, in so effectively revealing 
the general grain structures in the produced materials. For the analysis of 
surfaces with a distinct topological characteristic, such a fractured surfaces 
after tensile and impact testing, the Secondary Electron Detector (SE) was 
used instead. Both the BSD and SE detectors were used in parallel with the 
EDS detector to retrieve elemental information. 

EBSD and TKD 
Electron Backscatter Diffraction Detector (EBSD) was used for the retrieval 
of more information than just elemental or topological contrasts as it also 
includes phase determining capabilities. EBSD was primarily used to deter-
mine the crystallographic textures as well as the grain sizes in the produced 
materials.  

4.3.2 Transmission electron microscopy 
Transmission electron microscopy (TEM) allows high resolution imaging of 
the studied material. It also allows for diffraction of unknown precipitates, 
offering a possibility to identify phases that are impossible to characterize 
using morphology or elemental composition alone. This was the case in Pa-
per I, where the discrimination between globular δ phase and globular NbC 
was made possible by using TEM diffraction. All TEM investigations in this 
thesis were performed on a 200 kV FEI Titan Themis 200 TEM equipped 
with a probe corrector and SuperX EDS system. The sample preparation was 
performed on a FEI Strata DB 235 focused ion beam (FIB). 

4.4 Synchrotron light experiments 
Synchrotron light diffraction experiments were used in papers II, IV and V.  
All experiments were performed as DESY P.21 in Hamburg, Germany. A 
wavelength of 0.1239 Å (100 keV) was used for all experiments. A beam 
size of 0.6 × 0.6 mm2 was used for the experiments in paper II while a beam 
size of 0.4 × 0.4 mm2 was used for the experiments in papers IV and V. All 
experiments were conducted in transmission mode, resulting in the registra-
tion of Wide Angle X-ray Scatter (WAXS) patterns on a VAREX 
XRD4343CT detector placed behind the sample relative to the incoming 
beam, see Figure 4.2. The orientation and distance of the detector relative to 
the sample was calibrated for using NIST certified reference material 600a 
(LaB6). The achieved diffraction patterns are representative of the entire 
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irradiated volume of the analysed sample, this gives better statistics com-
pared to in-house X-ray diffraction experiments which are limited to the 
absolute surface of a sample. The achieved diffraction patterns were used to 
identify phases in the studied materials in paper II, while in papers IV and V, 
the diffraction patterns were also used to calculate the residual strains pre-
sent in the studied materials, as will be described in the next section. 

 

 
Figure 4.2: Schematic description of the WAXS measurements showing the incident 
beam passing though the sample and resulting in a diffraction pattern on the detector 
located behind the sample.  

4.4.1 Calculating residual strains from diffraction patterns 
In papers IV and V, the residual strains present in the “Wall” geometry were 
calculated using diffraction data as input with the goal of detecting differ-
ences in lattice spacing compared to an assumed stress-free reference mate-
rial. The reference material was comprised of a comb structure which had 
been cut from a section of the investigated Wall79. To obtain the data needed 
for the calculation of the residual strains, a raster of points was evenly dis-
tributed across one face of the Wall. For each point in the raster, the Wall 
was rotated ± 45 degrees relative to the beam in steps of 5 degrees, see Fig-
ure 4.3. Translations in the x- and y- directions ensured that the raster points 
did not drift when rotating the Wall. The residual strain present in the printed 
materials were calculated from the attained diffraction patterns using the 
full-ring fitting method80 which utilize distortions in full Debye rings to cal-
culate the residual strains. This approach is similar to the sin2 ψ – method81 
but it allows not only the extraction of εxx but also εzz. The performance of 
the full-ring fitting method was compared to the sin2 ψ – method in paper IV, 
which showed that they resulted in comparable calculations for the εxx stresses. 
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Figure 4.3: Schematic description of the raster of points and the section of the Wall 
from where the comb-structured reference material was cut (left). and the rotations 
performed for each individual point.  

4.5 Mechanical properties 

4.5.1 Tensile and impact testing 
Tensile and impact testing was performed in papers I and II, where small 
variations in the alloying chemistry of the respective alloys were investigat-
ed. The controlled deformation of the samples during tensile and impact 
testing, allowed material properties to be evaluated and later discussed in 
terms of their microstructure, to give a holistic description of the achieved 
materials. All tensile samples were machined to ASTM E8 standard with 
4C20 rods while impact samples were machined to full size 10 × 10 mm 
Charpy V-notched specification. The machining of samples was performed 
after any heat treatment of the materials. Tensile testing was performed in an 
INSTRON 4505 using an initial constant strain rate of 0.00025s-1. Once the 
elongation had reached 1.7%, i.e. after yielding, the strain rate was increased 
to 0.0005s-1 to reduce the total test time. Impact testing was performed in a 
Zwick PSW 750 according to ISO-14556. 

4.5.2 Hardness 
The hardnesses of the achieved materials were investigated using both mi-
cro- and nano-indentation. Micro-Vickers was performed using 300 gf loads 
and a Vickers’s tip, resulting in measured hardnesses which were influenced 
by both grain boundaries and any precipitates in the proximity to the indent. 
Meanwhile, when using nano indentation with a Berkovich tip and 100 mN 
loads, much smaller indents were achieved. Consequently, measurements of 
the hardness without the influence of grain boundaries and precipitates was 
possible, this was utilized in paper II.  
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4.5.2 Rolling contact fatigue 
Rolling contact fatigue (RCF) testing was used in paper I to evaluate the 
impact of the PBF-LB microstructural features on the fatigue properties of 
the produced material. Rolling contact fatigue result in cyclic loading and 
unloading of a component surface, inducing stresses at, and beneath the sur-
face of the component which then interact with stress raisers82. Stress raisers 
such as pores, precipitates, or inclusions may result in the nucleation of fa-
tigue cracks beneath the surface, while surface defects such as scratches, 
grooves, or formation of persistent slip bands may result in nucleation of 
such cracks at the very surface of a component83. Fatigue crack propagation 
is difficult to measure, and hence it is poorly understood. Typically however, 
fatigue cracks originating on the component surface begin to propagate 
slowly at a 20-30° angel relative to the component surface. After reaching a 
certain depth, the crack will instead begin to follow the surface of the com-
ponent at an accelerated growth rate82,84. Given the above, rolling contact 
fatigue testing together with post-mortem cross-sectional analysis of fatigue 
cracks is excellent for studies on crack propagation relative to the micro-
structural features present in PBF-LB processed materials. In the RCF test 
setup used, cylindrical samples were mounted in a rotating spindle. Against 
the mantle surface of the cylinder, two metal rollers, Ø 140 mm (UD-
DEHOLM CALDIE® coldworking tool steel, 61.5 HRC) with a 5 mm 
crowning on their circumference were pressed using a 200 N spring force, 
see Figure 4.4. Given the geometries of the samples and the rollers, the re-
sulting contacts are elliptical, while Hertzian calculations result in a static 
contact pressure of 2.5 GPa and a maximum shear stress of 800 MPa, located 
90 µm below the surface of the sample. As the sample cylinder is forced to 
rotate, so are also the metal rollers given the traction between the sample and 
the rollers. For each point on the sample surface, this results in two instances 
of loading and unloading for every revolution of the sample. Throughout the 
test, PAO8 oil was added to the contacts while vibrations were monitored 
using an accelerometer. As pitting damage develop on the sample surfaces, 
vibrations increase. The vibrations are registered by the accelerometer and 
the test was automatically terminated once the vibrations reached a threshold 
value. 
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Figure 4.4: Schematic description of the RCF-test setup used in the experiment. 

4.6 Corrosion test 
Electrochemical experiments were performed in paper II to evaluate the cor-
rosion properties of the produced materials. In an effort to investigate the 
impact of native oxides on the corrosion resistance of the materials, two 
experimental approaches were used when performing the polarization meas-
urements. In the first approach, recording of the potential curves were per-
formed on sample surfaces with native oxides present, while in the second 
approach, surface oxides were first reduced using a -0.9 V potential, before 
the recording of the potential curves.  

Prior to any electrochemical experiments, the surfaces of the investigated 
samples were polished to a 1 µm suspension finish. The experiments were 
conducted using an in-house three-electrode cell, where the investigated 
sample was used as a working electrode in tandem with an Ag/AgCl (3 M 
NaCl) (0.0205 V vs. SHE) reference electrode and a Pt-wire counter elec-
trode. A surface area of 0.2 cm2 of the investigated sample was exposed to 
the 0.5 M H2SO4 electrolyte during the corrosion tests.  

Any dissolved oxygen in the electrolyte was first removed using nitrogen 
gas after which the sample was left under Open Circuit Potential (OCP) con-
ditions for a duration of 60 minutes. A Metrohm Instruments Autolab 
PGSTAT302N potentiostat/galvanostat was used to measure the potentials. 
Prior to recording of the polarization curves, Electrochemical Impedance 
Spectroscopy (EIS) was performed using a sinusoidal AC perturbation of 10 
mV with a frequency ranging between 100 kHz – 100 mHz. In the first ap-
proach for measuring the polarization curves, the starting potential was set to 
-0.2 V vs. OCP, while for the second approach, the potential curve started 
form -0.6 V vs. OCP. For both approaches, a scan rate of 1 mV/s was used 
while the potential scans were terminated at 1.1 V. Graphical extrapolation 
of anodic and cathodic currents was used to determine corrosion potentials 
and corrosion current densities. 
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4.7 Modelling of residual stresses 
The residual stresses in the printed components were modelled in papers IV 
and V using a thermo-mechanical model including both a heat-input model, 
as well as a mechanism-based material model. The mechanism-based mate-
rial model includes mechanisms specific to PBF-LB processed Ni-Fe based 
superalloys, such as evolution of dislocation densities as well as relaxation 
mechanism. In the model, a staggered approach is used, where the tempera-
ture simulation is solved first by the heat-input model, while the resulting 
effects on dislocation densities and relaxation is solved thereafter by the 
material model. In the material model, the material flow stress is calculated 
by 

 
𝜎 𝜎 𝜎 𝜎∗  𝜎  Equation 4.1 

 
where 𝜎  is the interaction with immobile dislocations, 𝜎  is the grain 
boundary strengthening effect (Hall-Petch),  𝜎∗ is the contribution for pre-
cipitates while 𝜎  is the contribution from solid solution strengthening. The 
material model was developed in a previous work85, and the model primarily 
operates on input material data which includes the thermal expansion coeffi-
cient, the thermal conductivity, specific heat, Young´s modulus, latent heat, 
and the Poisson´s ratio. These material data are given in86. In the heat-input 
model, 

 

𝑞∗
 

∗   
  Equation 4.2 

Q, w, h and v represents the laser power, hatch distance, layer thickness and scan 
speed, respectively, and they require no calibration, i.e. the used PBF-LB pro-
cess parameters are directly feed into the model. Meanwhile, the two parameters 
𝜂 and t* are the efficiency factor and the fictive heating time. The efficiency 
factor describes the fraction of the input laser power that contributes to the heat-
ing of the added material, as much of the incoming laser radiation is lost due to 
either convection or reflection. The fictive heating time on the other hand, repre-
sents the amount of time that the heat flux is added at each integration point. 
Both the 𝜂 and t* parameters require calibration. The calibration of these two 
parameters was achieved experimentally by printing a cantilever using process 
parameter set A and scanning strategy YY as described in section 4.1. The  can-
tilever was then partially cut from the base plate, and its upward deflection was 
measured. 𝜂 and t* was then tuned, so that the model successfully predicted the 
upward deflection of a pre-determined point on the cantilever. This effort is 
shown in Figure 4.5, where stable predictions with respect to t* is seen for effi-
ciency factors above 0.5. Given this, the efficiency factor 𝜂 was set to 0.55 and 
the fictive heating time t* was set to 0.4 s. Once calibrate, no additional cali-
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bration of the model should be required when for changing the PBF-LB pro-
cess parameters. 

 
Figure 4.5: The modelled upward deflection of a cantilever beam, with the prede-
termined point marked with an arrow (left). The different maximum deflection val-
ues (right) achieved by the model depending on fictive heating times and efficiency. 
The dotted line represents the experimentally measured value.  

When using the thermo-mechanical model, a technique known as lumping 
was used87. Lumping is performed to make the simulations computationally 
feasible, which means that the movement of the heat source, i.e. the laser 
focus, is not modelled explicitly. Instead, in the model, either several com-
plete physical layers and their corresponding heat is added in a single in-
stance, or as in paper V, individual strands comprised of several layers. The 
two lumping approaches just described are shown in Figure 4.6 and are re-
ferred to as the “layer-by-layer” and the “hatch-by-hatch” approaches re-
spectively, where the hatch-by-hatch approach seeks to capture the effect of 
the scanning of the laser.  
 

 
Figure 4.6: Schematic description of the two lumping approaches used in paper IV 
and V. 
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5 Results & discussion 

5.1 Influence of carbon in AM Alloy 718 
In paper I, the influence of carbon content on PBF-LB processed Alloy 718 
was investigated. Carbon, having a dynamic role in Alloy 718, is added to 
Alloy 718 in order to form primary and secondary. Given that alloy 718 was 
originally developed with casting and forging in mind, the primary and sec-
ondary carbides are desired mainly for their ability to limit grain growth 
during hot working. Since this feature is not needed for an alloy produced 
using PBF-LB, it is interesting to study the necessity of carbon as there exist 
a competitive relationship between Nb-rich carbides and the precipitation of 
the strengthening ɣ´´ phase88. Hence, Paper I seeks to investigate whether a 
lower carbon content in Alloy 718 could improve the material performance.  

This was achieved by manufacturing impact and tensile samples using 
two pre-alloyed 718 powder that differed primarily in the amount of carbon 
the contained, see Table 5.1. The produced materials were evaluation both in 
the as-built and in the HIP and heat treated conditions as described in section 
4.2. Any anisotropic mechanical behaviour was evaluated by producing ten-
sile and impact samples with different build directions, i.e., oriented either 
vertically or horizontally relative to the build direction. All samples were 
processed using the rotating scanning strategy ROT and process parameter 
set B as described in section 4.1. 

Table 5.1: Chemical composition (wt%) of powders N and L. Both powder alloys 
have a nitrogen and oxygen content < 250 ppm, respectively. C0 is the carbon con-
tent of the powders while C’ is the carbon content in HIP and heat treated material. 

 Ni Cr Fe Nb Mo Ti Al Mn C0 C’ 

Alloy N 55.30 18.7 18.00 5.14 3.00 0.94 0.42 0.07 0.028 0.027 
Alloy L 52.90 18.7 19.00 5.10 3.00 0.92 0.48 0.02 0.006 0.006 
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Both alloys displayed very similar grain morphologies with elongated grains 
oriented parallel to the build direction. Also, the grain sizes in the as-built 
condition were comparable, see Figure 5.1. No other distinguishing features 
could be found in the grain structure to suggest that the different carbon con-
tents had any impact on the overall solidification process. Primary carbides 
were found in both alloy N and L and their sizes were confined to the submi-
cron range, see Figure 5.2. Meanwhile, the number of carbides in the respec-
tive alloys were indistinguishable from one another. This result suggests that 
the formation of primary carbides in the two materials was not limited by the 
availability of carbon, but instead by the time available for their formation, 
given the rapid cooling of the melt pool in the PBF-LB process. Consequent-
ly, this must mean that more ‘free’ carbon should be expected to be omni-
present in the printed materials compared to if they would have been cast.  

 
Figure 5.1: Cumulative distribution of grain size for alloy N and L in the as-built 
(left) and in the HIP and heat treatment condition (right). Results from two different 
imaging planes relative to the build direction are shown to capture any differences in 
anisotropic features in the grain size. Grain segmentations in heat treated samples 
were made so that also twin grain boundaries were considered. 

 

 
Figure 5.2: SEM images showing the transformation from the as-built condition (A) 
to the heat treated condition of alloy L (B). The dendritic structure is seen to have 
disappeared, while the oxide inclusions and carbides are seen to remain after the 
heat treatment. The images are representative also for alloy N. 
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After HIP and heat treatment, a very different microstructure could be seen 
for both alloys, where the grains displayed a more homogeneous appearance 
due to recrystallization which eliminated the dendritic features seen in the 
as-built condition, cf. Figure 5.2A and B. Extensive formation of annealing 
twins resulted in a much more dramatic change to the overall texture of the 
materials than what recrystallization alone would89–91. Hence, twining re-
duced the grain size distribution92,93 in both alloys. The cumulative grain size 
distribution is shifted towards smaller grain sizes in alloy L, see Figure 5.1. 
This suggest that more annealing twins formed during the heat treatment in 
alloy L. This observation is the first microstructural difference identified 
when comparing alloy N and L. Furthermore, both alloys display a large 
number of Nb-rich precipitates in their grain boundaries. A denudated zone 
of ɣ´´ along the perimeter of these precipitates can be seen in Figure 5.3, 
resulting from the competitive relationship regarding Nb between the Nb-
rich phases and ɣ´´. The precipitates in the grain boundaries were primarily 
δ, while some Nb-rich secondary carbides were found, but only in the grain 
boundaries of alloy N, see Figure 5.3. The latter is the second microstructur-
al difference observed between alloy N and L and it could be concluded that 
the lower carbon content in alloy L inhibited the formation secondary car-
bides during heat treatment. As a result from the absence of secondary car-
bides in alloy L, fewer Nb-rich precipitates were found in its grain bounda-
ries. This resulted in a reduction in the total denudation of ɣ´´ in alloy L. 
 
 

 
Figure 5.3: TEM images showing the identification of phases found within grain 
boundaries for alloy N (left) and alloy L (right) 
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When comparing the tensile and impact properties of alloy N and L in the 
as-built condition, see Figure 5.4, their very similar microstructures resulted 
in differences that were too small to be statistically significant. HIP and heat 
treatment had a strong impact on the overall mechanical performance of both 
alloys, in addition, differences could now be noticed in the mechanical prop-
erties when comparing the two alloys as they responded differently to the 
heat treatment. While the yield strength, ultimate tensile strength and the 
modulus of elasticity improved for both alloys, their ductility was impaired 
as indicated by a reduction in the elongation to failure and impact toughness 
results. Meanwhile, the anisotropic behaviour seen for both alloys in the as-
built condition disappeared in full for alloy L while only partly in alloy N 
which still displayed some anisotropic tendencies in its impact toughness 
and elongation to failure. The persistent anisotropy in alloy N, which result-
ed in a difference in ductility between alloy N and L is the only significance 
found when comparing the mechanical properties of alloy N and L. The per-
sisting anisotropy in alloy N is the result of a limited transformation of the 
as-built microstructure during heat treatment, as its transformation was lim-
ited by the lower number of annealing twins that formed. This in turn may be 
related to the higher carbon content in Alloy N, as carbon, being an intersti-
tial atom in alloy 718, should result in a higher stacking fault energy. Hence, 
this would have limited the formation of annealing twins in alloy N during 
heat treatment. Lastly, the reduced denudation of ɣ´´ in alloy L due to the 
absence of secondary carbides did not appear to have any significant impact 
on the mechanical properties.  
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Figure 5.4: Mechanical properties measured for alloy N and L in the as-built and 
heat treated conditions. 
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5.2 Alloying for nitrogen gas-atomization and AM of 
Alloy 625 
Given the increasing use of additive manufacturing techniques, there is also 
an increased use of gas atomized metal powders. Typically, for alloys such 
as alloy 625, argon gas is used during the atomization of the powder to limit 
undesirable reactions with the atomization gas. However, argon gas carries a 
heavier price tag, and has a larger environmental footprint compared to for 
example nitrogen gas94. Argon gas is typically preferred over nitrogen gas 
because of the Ti content present in alloy 625, as titanium has a strong affini-
ty for nitrogen, forming TiN which may be detrimental for material proper-
ties such as fatigue95. However, given that the alloy 625 specification UNS 
N00625 is quite wide, especially with regard to Mo, Nb and Ti, it might be 
possible to tune an alloy 625 version intended for nitrogen gas atomization, 
without impairing on mechanical performance. Therefore in paper II, moti-
vated by the outlook of reducing the environmental impact of Alloy 625, the 
feasibility of tuning the alloy 625 composition in order to allow it to be at-
omized using nitrogen instead of argon gas was investigated.  

The study includes two alloys that both are within the UNS N00625 spec-
ification. The tuned alloy, alloy N, had an alloying composition with a low 
titanium content and was atomized using nitrogen gas. While the reference 
alloy, alloy A, had a more common alloy 625 composition, i.e., a higher Ti 
content compared to alloy N, and was atomized using argon gas. The com-
positions are shown in Table 5.2. Both alloys A and N were processed using 
process parameter set B while using the rotating scanning strategy ROT as 
described in section 4.1. HIP was used to reduce the impact of any differ-
ences in porosity on mechanical properties while at the same time acting as a 
solution treatment. The achieved materials were evaluated in tensile, impact 
and corrosion tests both in the as-built and HIP material conditions. 

 

Table 5.2: Showing the alloying composition in wt% for alloy N and L. N0 refers to 
the nitrogen contents measured in the printed materials. All nitrogen content is given 
in ppm. 

 Ni Cr Mo Nb Fe Ti Al Si C N N0 
Alloy A Bal. 21.10 8.80 3.80 1.10 0.18 0.14 0.07 0.01 0.003 0.004 

Alloy N Bal. 21.5 9.20 3.72 2.4 0.01 0.05 0.04 0.02 0.118 0.096 
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After the PBF-LB process, the nitrogen levels in the achieved alloy N mate-
rial had been reduced compared to the alloy N powder. This indicates that 
alloy N powders had been supersaturated with nitrogen after the atomization 
process. Despite this reduction, a much higher nitrogen content remained in 
the alloy N material compared to the material produced using alloy A pow-
ders. No differentiating features were found in the as-built material condi-
tions, as both alloys displayed similar grain sizes and morphologies. Fur-
thermore, no other phases than the Ni-ɣ phase were found in either of the 
produced materials, see WAXS measurements in Figure 5.5.  

 
Figure 5.5: WAXS results for as-built material (top) and after the HIP cycle (bot-
tom). No other phases than Ni-ɣ was identified for the as-built materials while 
NbCrN reflections (indicated by black arrows) could be identified post HIP exclu-
sively in alloy N. 

This result is quite remarkable, given the large difference in nitrogen con-
tent. The fact that no primary nitrides of any type could be identified in the 
WAXS measurements, shows that the nitrogen in alloy N must be dissolved 
into the Ni-ɣ phase and its grain boundaries. Despite the WAXS results, it 
should be expected that some TiN formed in both alloys, although below the 
detection limit of the WAXS measurement. Hence, the limiting factor for 
TiN formation in alloy A was the availability of nitrogen, while the opposite 
was true for alloy N. Nevertheless, the absence of nitride rich phases in the 
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WAXS measurements shows that the low Ti content in the tuned alloy suc-
cessfully limited such precipitates.  

The similarities between the as-built microstructures of alloy A and N are 
lost after HIP. For alloy A, the HIP treatment resulted in homogenization of 
the grains via recrystallization together with the formation of annealing 
twins. For alloy N however, only some of the grains were recrystallized as 
many grains still display the dendritic features seen in as-built materials. 
Furthermore, unlike alloy A, significant amounts of unevenly distributed 
precipitates were seen to have formed, cf. Figure 5.6 A and B. The precipi-
tates were identified as NbCrN, see Figure 5.5.  

 

 
Figure 5.6: SEM-BSD images showing the general microstructure after HIP for 
alloy A (A) and alloy N (B).  

Given the uneven distribution of the NbCrN precipitates, they appeared to 
have precipitated in the grain boundaries of the as-built grain structure. 
Hence, they limited the degree of recrystallization in alloy N as they acted as 
obstacles for the advancing recrystallization front96,97. However, the non-
recrystallized grains were still affected by the heat during the HIP cycle as 
the dendritic regions now appear less defined due to dissolution of the heavi-
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er elements which were previously segregated to the interdendritic regions. 
Furthermore, annihilation of dislocations in the non-recrystallized grains 
resulted in a reduction in their hardness compared to the as-built condition, 
while leaving them still significantly harder than fully recrystallized grains, 
see Figure 5.7.  

 
Figure 5.7: Nanoindentation results, exclusively showing indents without contribu-
tions from precipitates or grain boundaries, in alloy N post HIP. Indents on recrys-
tallized and non-recrystallized grains were discriminated using SEM imaging and 
separated in to two groups, allowing the determination of recrystallized and non-
recrystallized grain hardnesses respectively. 

While statistically significant differences were found in the mechanical 
properties when comparing alloys A and N in the as-built condition, see 
Figure 5.8, the microstructural differences are too small to warrant a discus-
sion on differences in deformation mechanisms. However, after HIP heat 
treatment, large differences were seen both in the microstructures, as well as 
in the material properties. For alloy A, which experienced complete recrys-
tallization, a lower yield stress and an increased elongation to failure was 
measured compared to alloy N. Work hardening during the deformation of 
the sample allowed it to reach similar ultimate tensile strength as in the as-
built condition, indicating that the mechanism of failure should be the same 
to that of the as-built condition. For alloy N on the other hand, the lesser 
recrystallization during the HIP cycle together with the precipitation of 
NbCrN, allowed it to retain some of its yield strength while limiting its elon-
gation to failure compared to alloy A. Nevertheless, alloy N also reached 
similar ultimate tensile strengths as alloy A, indicating that despite its differ-
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ent microstructure, the mechanisms of failure for the two alloys during ten-
sile testing was similar. 

 

 
Figure 5.8: Tensile and impact results for alloys A and N in both the as-built and in 
the post HIP material condition. 

 

Table 1: Tensile and impact test results for the two alloys A and N in their respective 
material condition. Standard deviation is given in the brackets. 

  As-Built HIP 
  Alloy A Alloy N Alloy A Alloy N 
Yield Strength MPa 664 (3) 694 (3) 421 (3) 483 (6) 
Ultimate Tensile Strength MPa 915 (3) 978 (1) 891 (1) 895 (4) 
Elongation % 45.8 (1) 43.6 (1) 59.8 (1) 46.8 (1) 
Impact toughness J 181 (7) 186 (7) 197 (2) 126 (3) 
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As could be expected, the extensive precipitation of NbCrN had a significant 
influence on the impact properties of alloy N as indicated by the lower im-
pact toughness displayed by alloy N after HIP. Analysis of fractured surfaces 
of impact samples post-mortem, shows that Alloy N display an overall duc-
tile break similar to that of alloy A samples. In addition however, the alloy N 
fracture surfaces are littered with small craters. At the bottom of some of 
these craters, NbCrN precipitates can be found, see Figure 5.9A and B. 
Hence, due to the NbCrN precipitates, the failure mechanism during impact 
testing in alloy N was different compared to that of alloy A. 

 

 
Figure 5.9: SEM-SE images showing the occurrence of craters (A) on the fractured 
surfaces of alloy N samples in the post HIP condition and an example of a precipi-
tate found in the bottom of one of these craters, indicated by an arrow (B). 

With regard to the corrosion properties displayed by the materials, all sam-
ples were able to reach similar and stable OCP values within 60 minutes 
after the immersion of the samples in the electrolyte. The OCP potentials 
together with the EIS results showed that all samples displayed comparable 
corrosion resistances under OCP conditions, where the passivating layers on 
the samples surfaces exhibited typical characteristics of corrosion resistant 
materials. The two experimental approaches, as described in section 4.6, had 
a strong impact on the resulting polarization curves. However, no differences 
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between samples tested using the same experimental approach could be not-
ed. Hence, it could be concluded from the first approach, where native ox-
ides were still present on the sample surfaces, that the surface oxide layers 
performed equally well in passivating the samples of alloy A and N, irre-
spectively of material condition. Meanwhile, the similar results from the 
second approach, where the passivating oxide layers were first removed, 
allowed the conclusion that the ability to re-passivate the sample surfaces 
was equally good for both alloy A and N, again irrespectively of material 
condition.  

Given the microstructures, material properties and corrosion properties 
displayed by alloy A and N. It can be summarized that alloy A and N are 
virtually indistinguishable from one another in the as-built condition with 
regard to both material properties and corrosion resistance. Meanwhile, after 
heat treatment, corrosion properties remain indistinguishable when compar-
ing alloy A with N, while the material properties differ primarily with regard 
to ductility. While a lower ductility is seen from alloy N after heat treatment, 
especially during impact testing, the material cannot be deemed brittle, and 
the impact toughness result is still acceptable to most engineering applica-
tions. This means that alloy N is a viable candidate which would effectively 
reduce the environmental impact of components produced using Alloy 625. 
Furthermore, given that alloy 625 is an alloy used primarily for its corrosion 
resistance, post-process heat treatment of the produced material might not be 
necessary, or at the least it may be tuned to limit precipitation of NbCrN and 
hence allow complete recrystallization of the material.  
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5.3 Impact of AM microstructure on rolling-contact-
fatigue 
In paper III, the different microstructural textures that can be attained in a 
printed component by using different build directions or scanning strategies 
were investigated with respect to fatigue properties. Such fundamental 
knowledge is important primarily for materials that may be used directly in 
the as-built condition, i.e., without heat treatment post-processes which 
would remove much of the microstructural features inherited from the PBF-
LB process.  

Rolling contact fatigue was used to evaluate the fatigue properties of sur-
faces of alloy 625 cylinders which had distinctly different microstructural 
features relative to the cylinder surfaces. All samples were produced using 
process parameter set B and the rotating scanning strategy ROT. The differ-
ent microstructural features relative to the surfaces of the cylinders were 
achieved by taking advantage of the columnar grain structure that is oriented 
parallel to the build direction in PBF-LB processed alloy 625. Hence, cylin-
ders were printed both vertically (A) and horizontally (B). Also, the micro-
structure that results from the use of contours, see section 3.3, was evaluated 
in cylinder C which was printed vertically like A but with an added triple 
contour. A schematic representation of the produced cylinders is given in 
figure 5.10. The study also includes a reference sample (D), which consists 
of a conventionally manufactured and annealed alloy 625 cylinder which 
does not have any anisotropic microstructural features. 
 

 
Figure 5.10: Schematic description of the different printing approaches used in order 
to attain different microstructural textures relative to the sample cylinder surfaces. 
The arrow to the far left indicates the build direction. 
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When analysing EBSD cross-sections of the printed cylinders, the achieved 
microstructural differences relative to the cylinder surfaces could be inspect-
ed. The columnar grain structure oriented parallel to the cylinder axis of the 
vertically built sample A, resulted in grains with an equiaxed appearance in 
the cross sectional images. Meanwhile in B, the columnar grain structure 
was instead oriented perpendicularly relative to the cylinder axis. Conse-
quently, the microstructure just below the surface of cylinder A was the 
same all along its circumference while in B it varied depending on position, 
as exemplified in Figure 5.11. The microstructure in sample C was much 
like in sample A while the microstructure just below the cylinder surface 
was decorated with three concentric rings of finer grains. Lastly, the cross 
section of reference sample D displayed an isotropic appearance with equi-
axed grains and twin boundaries. 
 

 
Figure 5.11: SEM-EBSD cross section images showing the textures and grain mor-
phologies relative to the surfaces of sample A, B, C and D. Sample B is represented 
by two sets of images as indicated by the schematic illustration. 
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The different microstructures relative to the cylinder surfaces resulted in that 
they displayed different behaviours during the RCF tests, more specifically, 
in the evolution of the vibrational amplitudes during the RCF tests, see Fig-
ure 5.12. The vibrational amplitudes, which were continuously measured 
throughout the RCF tests offer a glimpse into the development of the pitting 
damage that forms on the sample surfaces due to fatigue. For all samples, 
two distinct phases could be identified in the vibrational amplitude meas-
urement. The first phase is characterized by a low and stable vibrational 
amplitude as the test progress, while the second phase is identified by a more 
rapid increase of the vibrational amplitudes or as a sudden spike. Given these 
phases, it was found that the two samples with the most similar microstruc-
ture relative to the cylinder surfaces, sample A and D, also displayed similar 
vibrational amplitudes throughout the test, characterized by a second phase 
with slowly increasing vibrational amplitudes. This indicates the continuous 
accumulation of several small pits on the sample surfaces. For samples B 
and C, the second phase was characterized as a sudden spike, which instead 
suggest the formation of a single large pitting damage.  For A and D, this 
suggests a less stable crack progression, including branching of the fatigue 
cracks, resulting in unstable overhangs, while for B and C, the less extensive 
branching of the crack resulted in stable overhangs. 
 

 
Figure 5.12: Vibrational amplitudes measured throughout the RCF test. 

Figure 5.13 shows cross sectional SEM-EBSD images of the pitting for-
mations in samples A-D, where the previous discussion on the unstable 
crack formation in sample A and D is evident. The extensive branching of 
the main crack in A and D result in unstable overhangs and a continuous 
growth of the pitting formation, while in B and C, there lesser branching of 
the main crack, resulted in the formation of large overhangs and consequent-
ly, the formation of a large damage as a single event once the overhang be-
came unstable and broke off. Furthermore, in sample A and D, the main 
crack can be seen to continuously propagate at a 30-20° angle relative to the 
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surface of the cylinder while in C, the crack can be seen to follow the cylin-
der surface shortly after its formation. The continued 20 - 30° growth of the 
cracks in A and D may be facilitated by the unstable overhangs, as this 
should alter the contact between the sample and the rollers, allowing shear 
stresses to reach further down in the materials. Similarly in C, the stable 
overhangs limit the shear stresses to a depth of around 100 µm, which agrees 
with the Hertzian calculations. The cracks in the printed materials, i.e., sam-
ples A, B and C, were primarily transgranular while the cracks in the con-
ventional sample D were more intergranular in nature. Finally, for horizon-
tally built sample B, pitting damage was more frequent on the cylinder sur-
face that constituted the bottom part of the cylinder relative to the build di-
rection. The grains are oriented perpendicularly to the cylinder surface here, 
hence the stresses induced by the rolling contact will be confined to fewer 
grains, a situation which favours fatigue crack nucleation in Ni-based super-
alloys95. The fact that pitting damage preferably occurred on the bottom of 
the cylinder, as opposed to the top where the grains also are oriented perpen-
dicularly to the cylinder surface, is possibly explained by the different resid-
ual stresses confined in the surface material at these positions. On the top of 
cylinder B, compressive stresses are present, while tensile stresses are found 
in the bottom, which should facilitate both crack nucleation as well as prop-
agation.  
 

 
Figure 5.13. Cross sectional SEM-EBSD images showing the crack morphologies 
for samples A, B, C and D. 
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5.4 Residual stresses in AM Alloy 718 and 625 
A PBF-LB processed material is comprised of thousands of micro welds, 
where each added weld contributes to accumulation of stresses in the pro-
duced material. The ability to predict these residual stresses is of key im-
portance as the residual stresses can limit the quality and the performance of 
a component. Awareness and predictability of residual stresses can be used 
to mitigate their negative effects by appropriate component design and pro-
cess conditions. Modelling of residual stresses is a common topic in the lit-
erature, where different modelling approaches are used. One of the most 
common is the inherent strain method (ISM) which is particularly well suited 
for the modelling of residual stresses in PBF-LB processed materials. This is 
because it is computationally efficient, and only requires a pre-defined stress 
tensor as initial condition for each added element in the FE-model. The 
stress tensor is specific not only for the modelled material, but also for the 
specific process parameters used. Hence, in the ISM, changes in process 
parameters require a new pre-defined stress-tensor, which is usually deter-
mined experimentally.  
   Another common modelling approach is the thermo-mechanical modelling 
approach. Such models include a heat-input model as well as a material 
model from which the flow stresses are determined for each node of the 
model. With the increased details in such models, they are much more com-
putationally heavy, although a better prediction is usually achieved com-
pared to the ISM. More importantly however is that thermo-mechanical 
models have the potential to account for the effect of different process pa-
rameters without the need for any further calibration.  

In paper IV and V, the influence of process parameters and scanning 
strategies on residual stresses in PBF-LB processed Alloy 718 and 625 was 
investigated. This included both experimental measurements as well as mod-
elling of the residual stresses. A thermo-mechanical model which includes a 
mechanism-based material model was compared to the commonly used ISM. 
When modelling using the thermo-mechanical model, two different lumping 
approaches were employed as described in section 4.7.  

In paper IV, the predictions of the residual stresses in Alloy 625 by the 
thermo-mechanical model was compared to residual stresses calculated us-
ing tabulated flow stresses. In both models, the layer-by-layer lumping ap-
proach was used when modelling two different geometries, called Bridge 
and Wall, see Figures 5.14 and 5.15. 
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Figure 5.14: A 3D model representing the Bridge geometry 

 
 

 
Figure 5.15: A 3D model representing the Wall geometry. 

For the physical part of the experiment, the Bridge geometry was printed 
using parameter set A and scanning strategy YY. The Bridge was used to 
calibrate the thermo-mechanical model to the process parameters in parame-
ter set A, as described in section 4.7. Only one out of the eleven experimen-
tally measured data points was used for the calibration of the model. Hence, 
the performance of the model could still be assessed by comparing the model 
prediction to all experimentally measured points. The modelled results are 
shown in Figure 5.16 which also includes the model prediction when using 
tabulated flow stresses. The mechanism-based material model gives a pre-
diction in proximity of the experimentally measured points, while an overall 
over prediction can be seen when using tabulated flow stresses. This over-
prediction is explained by the fact that relaxation effects are not included in 
the model when using tabulated flow stresses. Hence, it is evident from this, 
that the mechanism-based material model is successful in modelling the re-
laxation effects that are achieved in the PBF-LB process due to the cyclic 
heating of the produced material. 
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Figure 5.16: a) Modelled and experimental results of the deflection of the Bridge. 
The modelled results were achieved using both calculated flow stresses as well as 
tabulated flow stresses. b) The evolution of the immobile dislocation density at an 
arbitrary point in the modelled material, calculated by the mechanism-based material 
model, reveals the relaxation effects.  

The second geometry in paper IV, the Wall, was also printed using Alloy 
625 and scanning strategy YY, but using both process parameter sets A and 
B on two separate build plates. The thermo-mechanical model was then used 
to predict the stresses in the two printed Walls, and the results from the mod-
els were compared to the stresses that had been calculated from experimental 
measurements, as described in section 4.4. When modelling for the Wall 
printed using process parameter set B, no additional calibration of the effi-
ciency factor, 𝜂,  in the heat-input model was performed, despite the higher 
laser power in parameter set B. This is because the PBF-LB process parame-
ters should have no effect on the materials ability to absorb the incoming 
laser. The fictive heating time however was adjusted, as it is affected by the 
higher scan speed in parameter set B. Hence, the fictive heating time used 
when modelling materials produced using parameter set A was changed so 
that it remained proportional to the inverse of the scan speed. The modelled 
and the experimentally determined residual stresses are shown in Figure 5.17 
and 5.18 for Walls printed using parameter sets A and B, respectively. The 
modelled results display overall higher stresses compared to those calculated 
from the experimental data while still successfully capturing the overall 
trends. While the printed Walls were thin, and plane stress conditions could 
be assumed, the modelled stresses showed that the stresses vary through the 
thickness of the Wall. Hence, the overall higher stresses seen in the modelled 
results can partly be explained by the fact that the modelled stresses are rep-
resented by a single plane in the centre of the Wall where the stresses were 
found to be the highest. Meanwhile, the diffraction data from which the 
stresses were calculated, should be considered as an average through the 
thickness of the Wall given the transmission mode used in the experiments. 
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Figure 5.17: Residual stresses in Walls printed using process parameter A after cut-
ting away a piece for the manufacturing the reference sample. a) and c) shows the 
residual stresses calculated from the synchrotron experiments. b) and d) shows the 
modelled results. 

 
Figure 5.18: Residual stresses in Walls printed using process parameter B after cut-
ting away a piece for the manufacturing the reference sample. a) and c) shows the 
residual stresses calculated from the synchrotron experiments. b) and d) shows the 
modelled results. 

In summary, the developed thermo-mechanical model and the built-in material 
model displayed the ability to simulate the relaxation mechanisms that are 
active during the PBF-LB process and successfully predict the stresses that 
develop. However, the layer-by-layer approach used in paper IV lack the abil-
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ity to predict the different stresses that develop when using other scanning 
strategies. Therefore, in paper V, the hatch-by-hatch lumping approach was 
implemented to predict stresses in Alloy 718 printed using different scanning 
strategies. The modelled results were again compared to experimentally calcu-
lated stresses as well as to stresses predicted from ISM. Given the similarities 
between alloy 625 and 718, the use of Alloy 718 did not call for a recalibration 
of the heat-input model, as the absorption of the laser should be the same. The 
implementation of the hatch-by-hatch lumping approach, however, required a 
recalibration of the fictive heating time as the material is now added as several 
smaller lumped segments. Hence, in the heat-input model, the efficiency factor 
was kept at 0.55 while the fictive heating time was changed from 0.4 to 0.05 s. 
The updated model was used to predict the upward deflections of Bridge ge-
ometries, printed using scanning strategy XX and YY. 

Figure 5.19 shows the experimentally measured and the modelled results 
of the deflections of the printed Bridges. A larger deflection is seen for the 
bridge printed using scanning strategy XX. This is because the largest stress-
es that develop during the PBF-LB process are in the direction of the laser 
scan vector. As can be seen in Figure 5.19, the influence of scanning direc-
tion is clearly missing in the layer-by-layer approach. In contrast, when us-
ing the thermo-mechanical model with the implemented hatch-by-hatch 
lumping approach, the impact of different in scanning strategies was suc-
cessfully captured. Hence, the model correctly predicted larger deflections 
when modelling the XX scanning strategy than the YY strategy. However, 
while the thermo-mechanical model outperformed the ISM, shown in Figure 
5.20b, the model still underpredicts the deflection for both the XX and the 
YY strategies compared to those calculated from the experimental data. 
 

 
Figure 5.19: (a) experimental results overlaid with the model results from the ther-
mo-mechanical model utilizing the hatch-by-hatch approach. The predicted deflec-
tions using the layer-by-layer approach is included for comparison. (b) experimental 
results overlaid with model result from the ISM model. 
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The efficiency factor used in all modelling experiments, was calibrated using 
Alloy 625 processed using parameter A. And it was argued that neither the 
switch to Alloy 718, nor the larger input energy density in parameter set B 
should impact the ability for the material to absorb the incoming laser radia-
tion. Hence, no changes were made to the efficiency factor when modelling 
the residual stresses in Alloy 718 or when using process parameter set B. 
However, as it turns out, the performance of the thermo-mechanical model 
could be improved by lowering the efficiency factor in the heat-input model. 
Physically this means that less of the incoming laser power is absorbed by 
the added material, i.e. less heat is added to the material. This in turn, limits 
relaxation effects in the material. Since the mechanism-based material model 
simulates this relaxation mechanism, a reduced efficiency factor in the mod-
el results in higher modelled stresses. Figure 5.20 shows the predicted de-
flection for two different efficiency factors when using the layer-by-layer 
lumping approach. 
 

 
Figure 5.20: Experimental and modelled deflection of the Bridge printed using pro-
cess parameter B. 

Changes to a model parameter as suggested above to improve performance 
of a model has no merit unless it has bearing in the physical context. Hence, 
other sources to loss of the incoming laser energy than those already de-
scribed, i.e. reflection and convection, must be considered. One suggested 
source of energy loss is spatter, i.e. molten particles that leaves the melt pool 
at great speeds, carrying with them heat that never contributes to the printing 
of the material. Furthermore, spatter should increase with higher input ener-
gy densities, which would motivate the use of a lower efficiency factor when 
modelling for process parameters with a higher input energy densities, such 
as in parameter set B.  
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The amount of spatter that result from the use of a particular process parame-
ter set, and the amount of heat that is lost, is difficult to measure. However, 
any difference in the amount of spatter between two process parameter sets 
can indirectly be estimated by measuring the deposited powder layer thick-
nesses. This is because the powder layer thickness must be influenced by the 
amount of spatter, where more spatter would require thicker powder layers 
to be deposited to achieve the prescribed build height for each layer. As a 
last contribution in paper V, a simple experiment was constructed where the 
deposited powder layer thicknesses were measured for process parameter set 
A and B, see Figure 5.21. The powder layer thicknesses were estimated to 
120 µm and 150 µm for process parameter set A and B respectively. This 
agrees with the previous discussion and would motivate a lower efficiency 
parameter when modelling for process parameter set B. Since spatter has 
such a large impact on the efficiency factor, it means that calibration of the 
heat-input model is required whenever changing process parameters. This is 
unfortunate, and further model development should investigate if the heat 
loss due to spatter formation could be integrated into the model.  

 
Figure 5.21: Experimental measurement of the resulting build height after 15 printed 
layers. Given a layer thickness of 20 µm, a nominal build height of 300 µm is ex-
pected. The difference between the nominal build height and the height reached after 
15 layers gives an estimate to the deposited powder layer thicknesses. 
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6. Conclusions and outlook 

This thesis investigates several areas where further research has the potential 
to push the capabilities of the PBF-LB process further. This includes metal-
lurgical, process and modelling aspects. Papers I and II focused on the alloy-
ing of the powders used in the PBF-LB process while Papers III-V focused 
on the process itself. 

In paper I, the influence of carbon in alloy 718 was investigated with re-
spect to the distinctly different solidification conditions that are present in 
the PBF-LB process compared to those in cast materials. It was found that 
primary carbide formation in the PBF-LB process was limited primarily due 
to the limited time for their formation, i.e. rapid solidification, rather than to 
the availability of carbon. Consequently, it could be concluded that a PBF-
LB processed alloy in the as-built condition, has more carbon in solid solu-
tion compared to an as-cast material with the same composition. The low 
carbon content in alloy L inhibited the formation of secondary carbides 
while also resulting in a lower stacking fault energy. This allowed a more 
extensive formation of annealing twins in alloy L compared to that in alloy 
N. As the formation of annealing twins facilitated the removal of anisotropic 
microstructural features, a lower carbon content appears to be favourable if 
isotropic properties are desired. While the overall impact of carbon content 
on the mechanical properties was limited, paper I illustrates that alloys de-
veloped with casting and forging as the main manufacturing route can be 
tuned to better suit the PBF-LB process. Hence, future work on tuning of 
conventional alloy compositions to better suit the PBF-LB process is en-
couraged.  

In paper II it was shown that the sustainability of Alloy 625 processed us-
ing PBF-LB could be increased by tuning the alloy composition, to allow it 
to be atomized using nitrogen gas instead of Argon gas. By limiting the Ti 
content in the nitrogen gas atomized alloy, precipitation of TiN during the 
PBF-LB process was limited to such levels that it was not detected by the 
used analysis techniques. The higher nitrogen content in alloy N resulted in 
precipitation of NbCrN precipitates in the grain boundaries during HIP. This 
had a limiting effect on the of recrystallization, allowing non-recrystallized 
grains to maintain the microstructural features seen for grains in the as-built 
condition. The combined effects from the NbCrN precipitates and the limited 
recrystallization primarily resulted in a reduced ductility and a noticeably 
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higher yield stress compared to the reference material. However, the ductili-
ty in alloy N was not impaired to such extent that the material should be 
considered brittle. When evaluating the corrosion properties, both alloy N 
and the reference material displayed characteristics typical of corrosion re-
sistant materials, with an equally good abilities to passivate their surfaces. 
Given the above findings, alloy N is a plausible alloy 625 candidate with a 
lower environmental footprint, suitable for low stress - high temperature 
applications where corrosion resistance is important. Further research should 
focus on fatigue properties and the impact of prolonged exposure to elevated 
temperatures, i.e. high service temperatures. 

In paper III, cylindrical samples were produced using different build ori-
entations and scanning strategies. This resulted in that the produced cylin-
ders had different microstructures relative to the sample surface orientation. 
The impact of the resulting microstructure on rolling contact fatigue was 
investigated. It was shown that the different Alloy 625 grain morphologies 
relative to the sample surface had an influence on the nucleation and the 
propagation of fatigue cracks. In the PBF-LB processed materials, the fa-
tigue crack propagation was primarily transgranular while the conventional 
samples showed intergranular cracks. The vertically built cylinder and the 
conventional cylinder, both showed accumulation of many small damage 
sites while the horizontally built cylinder and the vertically built cylinder 
with an added contour scan instead displayed a single but larger damage site. 
This indicates that secondary crack formation was more extensive for the 
vertically built and the conventional cylinder.  

The study showcases the possibility to tailor local material properties in 
the produced material. This may primarily be utilized for alloys that are used 
in the as-built condition, without subsequent heat treatment which would 
remove much of the microstructural features in the PBF-LB processed mate-
rials.  

The effects of process conditions on the developing residual stresses in 
PBF-LB processed Alloy 625 and 718 was investigated in paper IV and V. A 
thermomechanical model which included a mechanism-based material model 
was used to predict the residual stresses.  

In paper IV it was shown that the incorporation of the mechanism-based 
material model, allowed relaxation effects to be simulated which resulted in 
overall better model predictions compared to when relying on tabulated flow 
stresses. Furthermore, the stresses predicted by the thermomechanical model 
agreed nicely with the trends and magnitudes of stresses calculated from 
experimental data. Also, it was shown that the VED had limited impact on 
the residual stresses in the printed wall geometry.  

In paper V, the hatch-by-hatch lumping approach was implemented to the 
thermo-mechanical model, with the purpose to allow different scanning 
strategies to be modelled. With this implementation, the thermo-mechanical 
model was able to outperform the inherent strain model that is the current 
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industry standard for stress calculation in PBF-LB processed components. It 
was shown that the different scanning strategies had a larger impact on the 
developing residual stresses than different VED. Despite the initial outlook, 
that the thermo-mechanical model should be generic with respect to used 
process parameters, it was found that the current version of the thermo-
mechanical model requires recalibration whenever changing the process 
parameters. This is because the heat input model used, does not account for 
energy losses due to spatter formation, which in turn is strongly influenced 
by used process parameters. Therefore, it is suggested that further model 
development should focus on implementing the impact of spatter formation 
in the heat-input part of model. 
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7. Sammanfattning på svenska 

Additiv tillverkning är en relativt ny tillverkningsmetod, i alla fall jämfört 
med de konventionella tillverkningsmetoderna, som sedan den industriella 
revolutionen tryggat läsarens bekvämliga tillvaro. Vid additiv tillverkning, 
till skillnad från de så kallade konventionella teknikerna, adderas material 
där det är önskat i stället för att material subtraheras från ett ursprungligen 
större arbetsstycke. Således finns det stora miljömässiga och ekonomiska 
vinster att göra med hjälp av additiv tillverkning, givet den mindre material-
åtgången vid tillverkning. Flera olika tekniker inryms inom begreppet addi-
tiv tillverkning, där en av de vanligast förekommande är laserpulverbädds-
tekniken (PBF-LB), vilken också är den huvudsakliga tekniken som används 
i denna avhandling.  

Grund principen i laserpulverbäddstekniken är spridandet av mycket 
tunna pulverlager, vars tjocklek ofta är tunnare än ett hårstrå. Olika områden 
av det spridda pulverlagret smälts därefter selektivt med hjälp av en fokuse-
rad laser. Detta låter pulverpartiklarna bli en del av den tillverkade kompo-
nenten. Vidare korresponderar de områden som smälts mot ett tvärsnitt av 
komponenten vid given lager höjd, se Figur 7.1. Efter att ett lager smälts, 
sprids ett nytt lager av pulver ovan på det föregående, och det område som 
skall smältas för det nya lagret exponeras återigen med den fokuserade la-
sern. Denna process återupprepas, lager för lager, tills dess att samtliga lager 
som utgör den tillverkade komponenten har deponerats. Givet att endast en 
liten del av det tillförda materialet befinner sig i smält tillstånd vid varje 
givet ögonblick, resulterar detta i ett mycket snabbt stelningsförlopp. Detta 
skiljer sig markant från exempelvis gjutning där ett långsammare stelnings-
förlopp gör sig gällande. Detta har en stark inverkan på den resulterande 
mikrostrukturen när metalliska material tillverkas med laserpulverbäddstek-
niken och det är med denna beskrivning av laserpulverbäddtekniken som 
denna avhandling tar avstamp.  
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Figur 1.2: Visar de områden om skall smältas för ett givet lager och hur 
dessa förhåller sig till den printade komponentens geometri. 

Additiv tillverkning av superlegeringarna 625 och 718 med PBF-LB proces-
sen underlättas av det faktum att dessa två legeringar utvecklats som svets-
bara alternativ till andra höghållfasta och högtemperatur superlegeringar. 
Men med tanke på att dessa legeringar utvecklades med gjutning och smide 
som den huvudsakliga tillverkningsvägen, kan legeringssammansättningen 
av dessa legeringar möjligen anpassas för att bättre passa PBF-LB-
processen. I denna avhandling gjordes små förändringar av sammansättning-
arna i legering 625 och 718 med målen att antingen förbättra materialegen-
skaperna eller minska deras miljöpåverkan. För legering 718 undersöktes 
inverkan av kolhalten på den resulterande mikrostrukturen och de mekaniska 
egenskaperna både i as-built och värmebehandlat tillstånd. En liknande stu-
die, men även med inkluderade korrosionsexperiment, utfördes för legering 
625 vars sammansättning hade justerats så att den kunde atomiseras med 
kväve i stället för argon, en övergång som resulterar i miljöfördelar eftersom 
argon gas för med sig ett större miljöavtryck jämfört med kvävgas. Utöver 
det ovanstående, eftersom processförhållandena i PBF-LB-processen har ett 
starkt inflytande på den resulterande mikrostrukturen. Undersöktes även 
processförhållandenas inverkan på utmattning i rullkontakt. Rullkontaktut-
mattningsexperimenten utfördes på legering 625 och inkluderade en frakto-
grafisk studie. Denna visade att de olika kornstrukturer som kunde åstad-
kommas beroende på använda processtillstånd påverkade utvecklingen av 
utmattning skadorna. Slutligen undersöktes hur processförhållanden i PBF-
LB processen påverkar restspänningar i det tillverkade materialet. Restspän-
ningsexperimenten utfördes på både legering 625 och 718. Restspänningarna 
i materialen beräknades först med hjälp av experimentella data erhållna från 
diffraktionsexperiment med högenergisynkrotronljus. Dessa resultat jämför-
des sedan med de predikterade restspänningarna från en termomekanisk 
modell. Den termomekaniska modellen inkluderade en inbyggd mekanism-
baserad materialmodell som visade sig framgångsrikt kunna simulera relax-
ationseffekter som härrör från den cykliska uppvärmningen av materialet 
under PBF-LB-processen. Vidareutveckling av modelleringsmetoden resul-
terade i förmågan för modellen att framgångsrikt kunna prediktera de resul-
terande restspänningarna vid användning av olika skanningsstrategier. 



 

 78 

8. Acknowledgements 

Throughout my years at the Ångström Laboratory I have met and collaborated with 
many people whom I wish to recognise in these acknowledgements. First and fore-
most, my main supervisor, Urban. I am grateful for the trust and freedom I was 
given whilst pursuing my PhD. Rightfully so, many mistakes were made, but I al-
ways knew that any troubles could be handled easily by an efficient discussion with 
you. I would also like to thank my second supervisor, Staffan. The way you con-
veyed your knowledge of the field of tribology during my master’s thesis was a 
strong reason for me to pursue a PhD. A big thanks is also extended to both former 
and present members of the Tribomaterials group. While my research might not 
have been as focused on tribology as your own, you have always offered your sup-
port and the time of thought for my research questions. A special thanks must of 
course be extended to Andres. A true friend with a unique ability to bring laughter 
into a room, and a colleague with whom I have had the pleasure of sharing one of 
the messiest offices at Ångström with. Nevertheless, many interesting discussions 
were held there. 

As most of the work in this thesis was made in collaboration with others, I would 
like to stary by thanking Peter and Sandvik Additive Manufacturing for the interest-
ing projects we have worked on and for the supply of materials. Also, a big thanks to 
the people from the SSF funded AM project: Dennis, Johan, Anders, Inga, Victor, 
Jithin, Andreas M, Andreas L, Martin F and Martin S and Ulf with whom I have 
collaborated with in one way or another. Lastly, a big thank you to Maria P for 
helping me with the electrochemical experiments on my materials. 

Cecilia and Erik, I would like to thank you for giving me the opportunity to ex-
pand my knowledge towards the life sciences, and for responsibility that you be-
stowed upon me when hiring me a research engineer. Also, I am very grateful that I 
got the opportunity to get to know all the people in the BMS group much better than 
I otherwise would have.  

Another key person in the work presented in this thesis is Leif, thank you for all 
the knowledge that you have shared with me and the interesting talks we have 
shared in the workshop. An afternoon could easily be lost talking to you and I’m 
sorry for constantly misplacing your tools. 

Of course, nothing in this thesis would have been realized without the support 
from friends and family, and I want to extend a special thanks to my mother whose 
tireless support has made all the difference during these years. 

Last but most important in all this, Frida, thank you for making this thesis possi-
ble, and for being such an excellent partner in life, our journey continues. 
 
Financial support was provided by the Swedish Foundation for Strategic 
Research, SSF, project Development of Process and Material in Additive 
Manufacturing, Reference number GMT14-0048. 



 

 79

9. References 

1. Eisenstein, E. L. The Printing Revolution in Early Modern Europe. (2005). 
2. Munck, T. Conflict and Enlightenment. (Cambridge University Press, 2019). 
3. Coha, S. Air Force Heavy Press Program Moves From Planning Board Into 

Fabrication. 624–626 (1953). 
4. Barnett, M. R. Forming of magnesium and its alloys. in Fundamentals of 

Magnesium Alloy Metallurgy 197–368 (2013). 
5. National Historic Mechanical Engineering Landmark:50,000 Ton Closed Die 

Forging Press. in National Historic Mechanical Engineering 
Landmark:50,000 Ton Closed Die Forging Press (1981). 

6. Cookson, G. The Age of Machinery. (Boydell & Brewer, 2018). 
7. Deboer, B., Nguyen, N., Diba, F. & Hosseini, A. Additive , subtractive , and 

formative manufacturing of metal components : a life cycle assessment 
comparison. 413–432 (2021). 

8. Sice, V. Comparing Environmental Impacts of Metal Additive Manufacturing 
to Conventional Manufacturing. in International Conference On Engineering 
Design, ICED21 16–20 (2021). doi:10.1017/pds.2021.67. 

9. Ba, M. & Cronska, M. Production of customized hip stem prostheses – a 
comparison between conventional machining and electron beam melting ( 
EBM ). 5, 365–372 (2013). 

10. Heaney, D. F. Handbook of Metal injection Molding. (Elsevier, 2019). 
11. Shinde, M. S. & Ashtankar, K. M. Additive manufacturing – assisted 

conformal cooling channels in mold manufacturing processes. 9, 1–14 
(2017). 

12. Pontevedra, V. et al. A Novel Approach to Optimize the Design of Parts for 
Additive. Procedia Manuf. 17, 53–61 (2018). 

13. Kodama, H. Automatic method for fabricating a three- dimensional plastic 
model with photo- hardening polymer. Rev. Sci. Instrum. 52, 1770 (1981). 

14. Kodama, H. A Scheme for Three-Dimensional Display by Automatic 
Fabrication of Three-Dimensional Model. IEICE Trans. Electron. (Japanese 
Ed. J64-C, 237–241 (1981). 

15. Kocovic, P. 3D Printing and Its Impact on the Production fo Fully 
Functional Components. (2017). doi:10.4018/978-1-5225-2289-8.ch001. 

16. Debroy, T. et al. Additive manufacturing of metallic components – Process , 
structure and properties. Prog. Mater. Sci. 92, 112–224 (2018). 

17. Brandt, M. Laser Additive Manufacturing - Materials, Design, Technologies, 
and Applications. Woodhead Publishing, Duxford (2016). 

18. Gokuldoss, P. K., Kolla, S. & Eckert, J. Additive Manufacturing Processes : 
Selective Laser Melting , Electron Beam Melting and Binder. Materials 
(Basel). 10, 672 (2017). 

19. Durgun, I. & Ertan, R. Experimental investigation of FDM process for 
improvement of mechanical properties and. Rapid Prototyp. J. 3, 228–235 
(2014). 



 

 80 

20. Williams, H. & Butler-jones, E. Additive manufacturing standards for space 
resource utilization. Addit. Manuf. 28, 676–681 (2019). 

21. Milewski, J. O. Additive Manufacturing of Metals. (Springer, 2017). 
22. Yang, L., Hsu, K., Baughman, B., Godfrey, D. & Medina, F. Additive 

Manufacturing of Metals : The Technology , Materials , Design and 
Production. (Springer International Publishing, 2017). 

23. Li, F. C. et al. Amorphous e nanocrystalline alloys : fabrication , properties , 
and applications. 4, (2019). 

24. Deckler, R. F. & Sims, T. C. The Metallurgy of Nickle-Based Alloys. in The 
Superalloys 33–79 (1972). 

25. Kriege, O. H. & Baris, J. M. The Chemical Partitioning of Elements in 
Gamma Separated from Precipitation-Hardened, High-Temperature Nickel-
Based Alloys. ASM 62, 195–200 (1969). 

26. Mahajan, S., Pande, C. S., IMAM, M. A. & Rath, B. B. Formation of 
annealing twins in f.c.c crystals. 45, 2633–2638 (1997). 

27. Decker, R. F. Strengthening mechanics in nickel-based superalloys. in 
Climax Molybdenum Company Symposium (1969). 

28. Lee, J., Koo, Y. M., Lu, S., Vitos, L. & Kwon, S. K. The behaviour of 
stacking fault energy upon interstitial alloying. Sci. Rep. 17–22 (2017) 
doi:10.1038/s41598-017-11328-4. 

29. Muzyka, D. R. The Metallurgy of Nickel-Iron Alloys. in The Superalloys 
(eds. Sims, T. C. & William, C. H.) 113--143 (Jhon Wiley & Sons, 1972). 

30. Irvine, K. J., Llewellyn, D. T. & Pickering, F. B. High-Strength austenitic 
stainless steels. J. Iron Steel Inst. 199, 153–175 (1961). 

31. Roy, A. K. & Venkatesh, A. Evaluation of yield strength anomaly of Alloy 
718 at 700 – 800 C. J. Alloys Compd. 496, 393–398 (2010). 

32. Oblak, J. M., Paulonis, D. F. & Duvall, D. S. Coherency Strengthening in Ni 
Base Alloys Hardened by D022 Precipitates. Met. Trans. 5, 143–153 (1974). 

33. Benhadad, S., Richards, N. L. & Chaturvedi, M. C. The influence of minor 
elements on the weldability of an INCONEL 718-type superalloy. Metall. 
Mater. Trans. A Phys. Metall. Mater. Sci. 33, 2005–2017 (2002). 

34. Wagner, H. J. & Hall, A. M. Physical metallurgy of Alloy 718. (1965). 
35. Pineau, D. A. Morphology of Y’ and Y" Precipitates and Thermal Stability of 

Inconel 718 Type Alloys. 4, (1973). 
36. Quist, W. E., Polonis, D. H., Taggart, R. & Engineering, M. The Influence of 

Iron and Aluminum on the Precipitation of Metastable Ni3Nb Phases in the 
Ni-Nb System. 2, (1971). 

37. Jena, A. K. On the Stability of Precipitating Phases in Nickel Base 
Superalloys. Mater. Sci. Forum 3, 281–289 (1985). 

38. Reed, R. C. The physical metallurgy of nickel and its alloys. The Superalloys 
33–120 (2017) doi:10.1063/1.1745806. 

39. Sundararaman, M., Mukhopadhyay, P. & Banerjee, S. Deformation 
Behaviour of ɣ´´ Strengthened Inconel 718. Acta Met. 36, 847–864 (1988). 

40. Krawczyk, J., Bednarek, S. & Wojtaszek, M. Strain Induced Recrystallization 
in Hot Forged Inconel 718 Alloy. Arch. Met. Mater. 57, (2012). 

41. Xiao, L., Chen, D. L. & Chaturvedi, M. C. Shearing of ɣ´´ precipitates and 
formation of planar slip bands in Inconel 718 during cyclic deformation. Scr. 
Mater. 52, 603–607 (2005). 

42. Mitchell, A., Schmalz, A. J., Schvezov, C. & Cockroft, S. L. The 
Precipitation of Primary Carbides in Alloy 718. 65–78 (2012) 
doi:10.7449/1994/superalloys_1994_65_78. 



 

 81

43. Zheng, W. jie et al. Effects of carbon content on mechanical properties of 
inconel 718 alloy. J. Iron Steel Res. Int. 22, 78–83 (2015). 

44. Piearcey, B. J. & Smashey, R. W. . Trans. AIME 239, 451–457 (1967). 
45. Jena, A. K. The Role of Alloying Elements in the Design of Nickel-Based 

Superalloys. J. Mat. Sci. 19, 3121–3139 (1984). 
46. Heydt, G. B. . Trans. ASM 54, 220–226 (1961). 
47. Cozar, R. & Pineau, A. Morphology of gamma prime and gamma double 

prime precipitates and thermal stability of Inconel 718 type alloys. Met. 
Trans. 4, 47–59 (1973). 

48. Hussain, S. Z. et al. Feedback Control of Melt Pool Area in Selective Laser 
Melting. Processes 9, 1547 (2021). 

49. Panwisawas, C., Tang, Y. T. & Reed, R. C. Metal 3D printing as a disruptive 
technology for superalloys. Nat. Commun. 1–4 (2020) doi:10.1038/s41467-
020-16188-7. 

50. Farhang, B., Ravichander, B. B., Venturi, F., Amerinatanzi, A. & Shayesteh 
Moghaddam, N. Study on variations of microstructure and metallurgical 
properties in various heat-affected zones of SLM fabricated Nickel–Titanium 
alloy. Mater. Sci. Eng. A 774, 138919 (2020). 

51. Kiesslin, R. Encyclopedia of Materials - Science and Technology. (Elsevier 
Ltd, 2011). doi:10.1016/B0-08-043152-6/01114-1. 

52. Chen, Q., Guillemot, G., Gandin, C. & Bellet, M. Three-dimensional finite 
element thermomechanical modeling of additive manufacturing by selective 
laser melting for ceramic materials. Addit. Manuf. 16, 124–137 (2017). 

53. Markl, M. & Carolin, K. Multiscale Modeling of Powder Bed – Based 
Additive Manufacturing. Annu. Rev. Mater. Res. 46, 1–34 (2016). 

54. Mukherjee, T., Wei, H. L., De, A. & Debroy, T. Heat and fl uid fl ow in 
additive manufacturing — Part I : Modeling of powder bed fusion. Comput. 
mater. Sci. 150, 304–313 (2018). 

55. Criales, L. E., Arısoy, M., Lane, B., Moylan, S. & Donmez, A. Predictive 
modeling and optimization of multi-track processing for laser powder bed 
fusion of nickel alloy 625 ଝ. Addit. Manuf. 13, 14–36 (2017). 

56. Klassen, A., Scharowsky, T. & Carolin, K. Evaporation model for beam 
based additive manufacturing using free surface lattice. J. Phys. D. Appl. 
Phys. 47, (2014). 

57. Khairallah, S. A., Anderson, A. T., Rubenchik, A. & King, W. E. Laser 
powder-bed fusion additive manufacturing : Physics of complex melt fl ow 
and formation mechanisms of pores , spatter , and denudation zones. Acta 
Mater. 108, 36–45 (2016). 

58. Weinberg, F. & Chalmers, B. Further Observations on Dendritic Growth in 
Metals. Can. J. Phys. 30, (1952). 

59. Amato, K. N. et al. Microstructures and mechanical behavior of Inconel 718 
fabricated by selective laser melting. Acta Mater. 60, 2229–2239 (2012). 

60. Kreitcberg, A., Brailovski, V. & Turenne, S. Effect of heat treatment and hot 
isostatic pressing on the microstructure and mechanical properties of Inconel 
625 alloy processed by laser powder bed fusion. Mater. Sci. Eng. A 689, 1–10 
(2017). 

61. Liu, L. et al. Dislocation network in additive manufactured steel breaks 
strength – ductility trade-off. Mater. Today 21, 354–361 (2018). 

62. Guan, K., Wang, Z., Gao, M., Li, X. & Zeng, X. Effects of processing 
parameters on tensile properties of selective laser melted 304 stainless steel. 
Mater. Des. 50, 581–586 (2013). 



 

 82 

63. Körner, C., Helmer, H., Bauereiß, A. & Singer, R. F. Tailoring the grain 
structure of IN718 during selective electron beam melting. MATEC Web 
Conf. 14, 08001 (2014). 

64. Thijs, L. et al. Strong morphological and crystallographic texture and 
resulting yield strength anisotropy in selective laser melted tantalum. Acta 
Mater. 61, 4657–4668 (2013). 

65. James, J. et al. The effect of laser scanning strategies on texture , mechanical 
properties , and site-speci fi c grain orientation in selective laser melted 316L 
SS. 193, (2020). 

66. Leicht, A., Yu, C. H., Luzin, V., Klement, U. & Hryha, E. Materials 
Characterization Effect of scan rotation on the microstructure development 
and mechanical properties of 316L parts produced by laser powder bed 
fusion. 163, 2–10 (2020). 

67. Zhang, J. & Singer, R. F. Hot tearing of nickel-based superalloys during 
directional solidification. Acta Mater. 50, 1869–1879 (2002). 

68. Cheng, B., Shrestha, S. & Chou, K. Stress and deformation evaluations of 
scanning strategy effect in selective laser melting. Addit. Manuf. 12, 240–251 
(2016). 

69. Parry, L., Ashcroft, I. A. & Wildman, R. D. Understanding the effect of laser 
scan strategy on residual stress in selective laser melting through thermo-
mechanical simulation. Addit. Manuf. 12, 1–15 (2016). 

70. Zhang, W., Tong, M. & Harrison, N. M. Scanning strategies effect on 
temperature, residual stress and deformation by multi-laser beam powder bed 
fusion manufacturing. Addit. Manuf. 36, 101507 (2020). 

71. Snow, Z., Martukanitz, R. & Joshi, S. On the development of powder 
spreadability metrics and feedstock requirements for powder bed fusion 
additive manufacturing. Addit. Manuf. 28, 78–86 (2019). 

72. Vock, S., Klöden, B., Kirchner, A., Weißgärber, T. & Kieback, B. Powders 
for powder bed fusion : a review. Prog. Addit. Manuf. 4, 383–397 (2019). 

73. Lawley, L. Methods of Atomization. in Encyclopedia of Materials: Science 
and Technology 387–393 (2001). 

74. Khorasani, M. et al. A comprehensive study on meltpool depth in laser ‑ 
based powder bed fusion of Inconel 718. 2345–2362 (2022) 
doi:10.1007/s00170-021-08618-7. 

75. Yadroitsev, I., Gusarov, A., Yadroitsava, I. & Smurov, I. Journal of Materials 
Processing Technology Single track formation in selective laser melting of 
metal powders. 210, 1624–1631 (2010). 

76. Gunenthiram, V. et al. Analysis of laser – melt pool – powder bed interaction 
during the selective laser melting of a stainless steel. J. Laser Appl. 29, 
(2017). 

77. Manyalibo, J. M. et al. Acta Materialia Denudation of metal powder layers in 
laser powder bed fusion processes. Acta Mater. 114, 33–42 (2016). 

78. EOS GmbH. EOS M100 Metal 3D Printer. https://www.eos.info/en/additive-
manufacturing/3d-printing-metal/eos-metal-systems/eos-m-100. 

79. Wang, Z. et al. Residual stress mapping in Inconel 625 fabricated through 
additive manufacturing : Method for neutron diffraction measurements to 
validate thermomechanical model predictions ☆. JMADE 113, 169–177 
(2017). 

80. Ramirez-Rico, J., Lee, S.-Y., Ling, J. J. & Noyan, I. C. Stress measurement 
using area detectors: a theoretical and experimental comparison of different 
methods in ferritic steel using a portable X-ray apparatus. J. Mater. Sci. 51, 
5343–5355 (2016). 



 

 83

81. Noyan, I. C. & Cohen, J. B. Residual Stress - Measurement by Driffraction 
and Interpretation. (Springer Science, 1987). 

82. Rycerz, P., Olver, A. & Kadiric, A. Propagation of surface initiated rolling 
contact fatigue cracks in bearing steel. Int. J. Fatigue 97, 29–38 (2017). 

83. Novovic, D., Dewes, R. C., Aspinwall, D. K., Voice, W. & Bowen, P. The 
effect of machined topography and integrity on fatigue life. Int. J. Mach. 
Tools Manuf. 44, 125–134 (2004). 

84. Olver, A. V. The mechanism of rolling contact fatigue: An update. Proc. Inst. 
Mech. Eng. Part J J. Eng. Tribol. 219, 313–330 (2005). 

85. Malmelöv, A., Fisk, M., Lundbäck, A. & Lindgren, L.-E. Mechanism Based 
Flow Stress Model for Alloy 625 and Alloy 718. Materials (Basel). 13, 5620 
(2020). 

86. Malmelöv, A., Lundbäck, A. & Lindgren, L.-E. History Reduction by 
Lumping for Time-Efficient Simulation of Additive Manufacturing. Metals 
(Basel). (2019) doi:10.3390/met10010058. 

87. Ganeriwala, R. K. et al. Evaluation of a thermomechanical model for 
prediction of residual stress during laser powder bed fusion of Ti-6Al-4V. 
Addit. Manuf. 27, 489–502 (2019). 

88. Sundararaman, M., Mukhopadhyay, P. & Banerjee, S. Carbide Precipitation 
in Nickel Base Superalloys 718 and 625 and Their Effect on Mechanical 
Properties. 367–378 (2012) doi:10.7449/1997/superalloys_1997_367_378. 

89. Burke, J. E. The Formation of Annealing Twins. 188, 1324–1328 (1951). 
90. Fullman, R. L. & Ficher, J. C. Formation of Annealing Twins During Grain 

Growth. 1350, (2008). 
91. Gleiter, H. The formation of annealing twins. Acta Met. 17, 1421 (1969). 
92. Salem, A. A., Kalidindi, S. R. & Doherty, R. D. Strain hardening regimes and 

microstructure evolution during large strain compression of high purity 
titanium. 46, 419–423 (2002). 

93. Rohatgi, A., Vecchio, K. S. & Iii, G. T. G. The Influence of Stacking Fault 
Energy on the Mechanical Behavior of Cu and Cu-Al Alloys : Deformation 
Twinning , Work Hardening , and Dynamic Recovery. 32, 135–145 (2001). 

94. Dopler, M. & Weiß, C. Energy Consumption in Metal Powder 
ProductionEnergieverbrauch bei der Metallpulverherstellung. BHM Berg- 
und Hüttenmännische Monatshefte 166, 2–8 (2021). 

95. Chen, Z. Surface Integrity and Fatigue Performance of Nickel-based 
Superalloys Zhe Chen. (2017). 

96. Jones, M. J. & Humphreys, F. J. Interaction of recrystallization and 
precipitation : The effect of Al 3 Sc on the recrystallization behaviour of 
deformed aluminium. Acta Mater. 51, 2149–2159 (2003). 

97. Kang, K. B., Lee, W. B. & Park, C. G. EFFECT OF PRECIPITATION ON 
THE RECRYSTALLIZATION BEHAVIOR OF A Nb CONTAINING 
STEEL. Scr. Mater. 36, 1303–1308 (1997). 

 



Acta Universitatis Upsaliensis
Digital Comprehensive Summaries of Uppsala Dissertations
from the Faculty of Science and Technology 2183

Editor: The Dean of the Faculty of Science and Technology

A doctoral dissertation from the Faculty of Science and
Technology, Uppsala University, is usually a summary of a
number of papers. A few copies of the complete dissertation
are kept at major Swedish research libraries, while the
summary alone is distributed internationally through
the series Digital Comprehensive Summaries of Uppsala
Dissertations from the Faculty of Science and Technology.
(Prior to January, 2005, the series was published under the
title “Comprehensive Summaries of Uppsala Dissertations
from the Faculty of Science and Technology”.)

Distribution: publications.uu.se
urn:nbn:se:uu:diva-482716

ACTA
UNIVERSITATIS

UPSALIENSIS
UPPSALA

2022


	Abstract
	List of Papers
	Author’s contributions to the papers
	Contents
	Abbreviations
	1 Introduction
	1.1 Conventional manufacturing
	1.1.2 Conventional design aspects

	1.2 Additive manufacturing
	1.2.1 Additive manufacturing design aspects
	1.2.2 Alloying for AM


	2 Metallurgy of Ni-Fe superalloys
	2.1 Solid solutioning strengthening
	2.2 Precipitation hardening
	2.2.1 The Ni3M phases
	2.2.2 Carbides
	2.2.3 Other phases

	2.3 Heat treatment

	3 The PBF-LB process
	3.1 The melt pool
	3.2 Microstructure
	3.2.1 Influence of scanning strategies
	3.2.2 Tailoring of local microstructure

	3.3 Residual stresses
	3.4 Defects
	3.4.1 Lack of fusion
	3.4.2 Keyhole
	3.4.3 Entrapped gas porosity
	3.4.4 Cracks

	3.5 Powders for the PBF-LB process
	3.6 Parameter development

	4 Methods
	4.1 Powder Bed Fusion – Laser Beam
	4.2 Post processing
	4.2.1 Hot Isostatic Pressing
	4.2.2 Heat treatment

	4.3 Microstructural analysis
	4.3.1 Scanning electron microscope
	4.3.2 Transmission electron microscopy

	4.4 Synchrotron light experiments
	4.4.1 Calculating residual strains from diffraction patterns

	4.5 Mechanical properties
	4.5.1 Tensile and impact testing
	4.5.2 Hardness
	4.5.2 Rolling contact fatigue

	4.6 Corrosion test
	4.7 Modelling of residual stresses

	5 Results & discussion
	5.1 Influence of carbon in AM Alloy 718
	5.2 Alloying for nitrogen gas-atomization and AM of Alloy 625
	5.3 Impact of AM microstructure on rolling-contact-fatigue
	5.4 Residual stresses in AM Alloy 718 and 625

	6. Conclusions and outlook
	7. Sammanfattning på svenska
	8. Acknowledgements
	9. References



