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Abstract
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Digital Comprehensive Summaries of Uppsala Dissertations from the Faculty of Science and
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This thesis explores the design of metallic coatings for corrosion protection. The subject of
the study was the new class of materials multicomponent alloys (MCAs, also known as high
entropy alloys). They consist of near-equal concentrations of many (four or more) metals and
are often reported to form a single phase with a simple crystal structure. Due to the complexity
and range of possible MCA compositions, there is a need for design principles as guidelines
for how the alloying elements can be chosen and combined. This work aimed at finding such
principles through the systematic study of the synthesis and properties of three MCA systems.
Their compositions were carefully chosen to answer fundamental questions about the materials
class and the synthesis method and to generate conclusions that could be generalized to a larger
group of MCAs. All three systems were based on the elements Cr, Fe, and Ni, and can therefore
be considered an extension of stainless steels.

The first alloy was CoCrFeMnNi, which is well-known as a single-phase bulk MCA.
A systematic exploration of the synthesis parameters showed that there are fundamental
differences in the phase formation of CoCrFeMnNi through magnetron sputtering compared
to typical bulk synthesis. Literature studies revealed that this conclusion can be generalized;
single-phase MCAs should not necessarily be expected from magnetron sputtering. It was also
shown that the choice of substrate and even the crystal orientation of the individual substrate
grains strongly influenced the outcomes of synthesis, including the phase formation, growth
rate, morphology, and the formation of stacking fault structures.

Two novel alloy systems were also explored: CrFeNiTa and CrFeNiW. Ta and W were added
to achieve an alloy with higher corrosion resistance than stainless steels and more generally,
to examine the interplay between passivating elements in MCAs during corrosion. Based on
geometrical considerations, it was predicted that equal amounts of Ta and W would be needed
to protect alloys from corroding (less than 20 at%). It was found that the prediction was only
valid for the CrFeNiTa alloy system. The reason behind this was explored and a new criterion
was then proposed: In an MCA, each passivating element should have similar electrochemical
nobility.

Further design possibilities were demonstrated by adding up to 50 at% carbon to the
alloys. Thermodynamic calculations predicted decomposition into multiple metallic and carbide
phases. However, the limited diffusion during magnetron sputtering suppressed the segregation.
At lower carbon contents, the carbon-containing alloys were single-phase and amorphous. At
higher carbon contents they formed alloy/amorphous carbon nanocomposites. The addition of
carbon made the alloys stronger, more corrosion resistant, and more crack resistant.
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Chapter 1. Introduction

In fall of 2022, Europe is facing an historic energy crisis. A transition to do-
mestic energy production is necessary, and meanwhile, clean energy goals are
endangered. At the same time, France, a global leader in nuclear power, has
been forced to shut down 12 of its 54 reactors due to an age-old problem:
corrosion. Stainless steel pipes carrying vital cooling water had begun to crack
from stress corrosion, threatening the integrity of the core. [1-3]

Corrosion is the degradation of a material through (electro)chemical reac-
tions with its environment. For metallic materials, corrosion is caused by the
oxidation of the metal, which is spontaneous (except for gold) in the presence
of air or water. The process cannot be stopped, only slowed down. This means
that all alloys are affected by corrosion to some extent and corrosion needs to
be considered when constructing components or infrastructure, from the se-
lection of materials to the final design.

The impact of corrosion on society comes in many forms. It can, among
other things, decrease the life time of components, lead to loss of material, and
cause unreliable and delayed production of goods or energy [4]. Corrosion can
sometimes result in a slow degradation of the performance of a component. In
other cases, the failure is sudden and unexpected, especially when coupled
with mechanical failure (there is no shortage of examples of corrosion-related
accidents [5]). It is clear that the design of corrosion protection should not
come as an afterthought in materials research; it must be studied and optimized
in parallel with other desired properties.

Furthermore, materials design for corrosion protection requires knowledge
of more than just the electrochemical reactions at the surface. An understand-
ing of the material is necessary, including knowledge of its phase formation,
control of microstructure, mechanical properties, and thermal stability. Steels,
for example, are some of the most important technical alloys. They are cheap,
have high strength, and can easily be processed in large volumes. Stainless
steel is alloyed with Cr, which is known to form Cr-rich oxides that cover the
surface of the alloy and slow down its dissolution compared to pure iron or
carbon steels. But stainless steels are also highly vulnerable to certain envi-
ronments. The steel used in the nuclear reactors mentioned above failed be-
cause of a specific combination of circumstances: heat from welding that
caused a change in the microstructure, the mechanical stress on the pipes, and
the corrosive aqueous environment [6]. This resulted in the unexpected failure
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of a steel that has satisfactory corrosion performance in other environments
[3].

The development of corrosion resistant materials must not only improve
current technology but also meet new criteria as technology progresses, for
example, to reduce the reliance on fossil fuels. The development of hydrogen
as an energy source includes improving electrolyzers and fuel cells to not only
be effective and safe but also cheap and with a long enough lifetime to com-
pete with the combustion engine alternative. The internal components in fuel
cells, which should ideally be metallic to decrease production costs [7], are
subjected to highly corrosive environments, for example, a low pH or high
potential. Finding materials that suit these applications is a new challenge.

This work is on the materials design of corrosion resistant alloys. The cho-
sen material compositions will be synthesized as coatings with thicknesses in
the scale of hundreds of nanometers that can be used on many substrates. The
use of coatings over bulk materials has multiple advantages. Since the amount
of used materials is smaller, the composition can be chosen more freely, given
that economic factors and problems with supply are not as critical. Another
benefit is the fact that the properties of the substrate and the coating can be
chosen separately, and thus be better optimized for the application. The focus
of the work will be on finding the parameters with which the material proper-
ties can be tuned in general. However, certain properties will be prioritized for
the intended applications, which are electrodes and current collectors in acidic,
and/or high-voltage environments. The mechanical properties will be evalu-
ated in parallel with the corrosion resistance. Here, the aim will be to improve
the ability of the coatings to be produced on a large scale, for example in roll-
to-roll production of coatings on metallic foils. This means that the coatings
should be ductile enough to deform without severe failure through cracking
and hard enough to resist wear.

The subject of the study will be a new class of materials: high entropy al-
loys (HEAs), also known as multicomponent alloys (MCAs). These alloys,
which are mixtures of many metals at near-equal concentrations, were discov-
ered in 2004 [8,9] and opened up a vast space of unexplored alloy composi-
tions. HEAs offer the prospect of new materials with useful qualities. But be-
cause of the range of possible compositions, it is vital to establish principles
for choosing the alloying elements and tuning their concentrations to achieve
specific desired properties. The chosen synthesis method, which will be in
focus throughout the thesis, is magnetron sputter deposition. It is an excellent
method for depositing coatings with complex compositions. The next two
chapters will provide the necessary background on the synthesis technique and
the chosen class of materials.

14



Chapter 2. Magnetron sputter deposition

Magnetron sputtering is a synthesis method for depositing coatings from the
gas phase. The principles of the method are illustrated in Figure 1. Atoms are
ejected from a target (source) material by accelerated ions in a magnetron
plasma. The target atoms then make their way to the surface of a substrate,
where a coating (or film') will grow. By using multiple targets of different
elements or compounds, almost any material can be synthesized. Furthermore,
since the growing material does not need to be heated during the synthesis,
even thermally sensitive substrate materials can be coated with this technique.
Due to its versatility and relatively low cost, it is widely used in both research
and industrial applications.

Magnetron

Plé3ma spul’:]:ering..

@
o

O Ar atom B 3!—\‘ o
®Arion o )
@Electron

growing

coating
Substrate

ultra-high vacuum chamber

Figure 1. The main processes during magnetron sputtering. Based on an illustration

inref. [10]

Like all synthesis methods, magnetron sputtering produces materials with typ-
ical characteristics. One example is a small crystal grain size, often in the na-
nometer range, which is caused by the simultaneous nucleation at many points
on the substrate. Another example is high residual stresses in the deposited
material, which affect the mechanical properties.

! Note on the terminology: This type of materials can be called either coatings or, perhaps more
commonly, thin films or just films [150]. The word coating was chosen in this text and will be
used exclusively in order to avoid ambiguity between the deposited materials and the much
thinner passive films formed during oxidation. However, some of the included papers and man-
uscripts use the word thin film to describe the deposited materials.
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One feature that will be of particular importance in this work is the control
of diffusion during magnetron sputtering. Since the deposition takes place at
low temperatures, often close to room temperature, the diffusion of atoms can
be limited compared to high-temperature synthesis methods like melting and
casting. This makes it possible to synthesize materials under kinetic control,
far from thermodynamic equilibrium. When diffusion is limited, simple struc-
tures with small unit cells and phases that require no elemental separation are
favored, while more complex structures and the formation of multiphase ma-
terials can be suppressed. A well-known example is the hard and wear-re-
sistant cubic phase of TiixAlKN, which is commonly used as a coating for
cutting tools. The single cubic phase material is metastable. However, through
sputter deposition, it is possible to suppress the formation of the thermody-
namically favored hexagonal phase that causes a breakdown of the mechanical
properties. [11]

On the other hand, diffusion is not always slower than for bulk methods.
At low temperatures, the atomic movement in the bulk of a crystal is almost
negligible, while surface diffusion is several orders of magnitude faster. Dur-
ing coating growth, each atom spends time on the surface of the growing film,
where it can diffuse rapidly. What happens during this short time is crucial to
the phase formation and determines the structure and morphology of the coat-
ing. There is also a connection between the typically small grain size of the
films and the diffusion rates. The energy of the atoms in grain boundaries is
higher, since they are less ordered, and this lowers the energy barrier for their
movement. A high density of grain boundaries can therefore result in higher
diffusion rates. The many grain boundaries can also provide more sites for
nucleation. An illustrative example of the effect of enhanced diffusion at low
temperatures is the sputter deposition of 316L stainless steel. 316L typically
forms a single fcc phase when synthesized from the melt, but during sputter
deposition, the low-temperature bee phase can easily form [12].

The extent of diffusion can be controlled by changing the deposition pa-
rameters. For example, by applying a substrate bias voltage, the energy of the
atoms at the surface increases, thus promoting diffusion. A higher deposition
rate has the opposite effect: the higher flux of incoming atoms results in a
shorter time for surface diffusion. Heating the substrate during deposition in-
creases the energy both on the surface and in the bulk of the coating.

In this thesis, multicomponent alloys and carbon-containing materials
based on these will be explored using magnetron sputtering. The unique as-
pects of the synthesis technique are discussed throughout the thesis, but espe-
cially in Sections 6.1 and 7.2, and 7.4.1. In Section 6.1, the phase formation
of a multicomponent alloy is compared to synthesis through melting and the
effects of both the limited diffusion and the enhanced diffusion are exempli-
fied. Sections 7.2. and 7.4.1. concern the properties of the material that are
directly linked to the deposition technique.
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Chapter 3. Multicomponent materials

3.1 High entropy alloys

High entropy alloys (HEA) are a class of materials first described in 2004 by
Cantor et al. [8] and Yeh et al. [9]. In traditional alloy design, an alloy consists
of one principal element with smaller amounts of other alloying elements, as
shown in Figure 2(a). In a HEA, near-equal amounts of many elements are
mixed, as in Figure 2(b). Four or five elements are usually considered the min-
imum. Based on the principles of traditional metallurgy, alloys with such com-
plex compositions were expected to decompose into a mixture of phases, since
the number of potential intermetallic phases is large [13,14]. Instead, HEAs
stabilize into a single phase with a solid solution of all elements, crystallized
in a simple structure, such as body-centered cubic (bcc) or cubic close-packed
structure (ccp) (a.k.a face-centered cubic, fcc)2. This was proposed to be due
to the high configurational entropy of the solid solution, which is maximized
with a large number of elements at an equimolar composition [15]. The new
class of materials was, therefore, named high entropy alloys. The HEA con-
cept and design approach quickly became a large research field. Part of the
appeal was the large uncharted compositional space, since, at least in theory,
the number of possible compositions is much larger than that for traditional
alloys. Considering all combinations of five transition metals, there should be
hundreds of thousands of new single-phase alloys to explore.

Figure 2. Schematic illustration of a conventional alloy and a single-phase solid so-
lution high entropy alloy. Reprinted from ref [16lunder the CC BY NC ND license.

2 Note on the terminology. The terms ccp and fec are often used interchangebly, although the
former is a crystal structure and the latter is a crystal lattice. The term fcc is more ambiguous,
since it could describe any structure based on the fcc lattice, for example NaCl or the highly
complex Cr23Cs. The term ccp is more precise, but it can be argued that an alloy with elements
of different sizes cannot be truly close packed. In this text, the term fcc was chosen simply
because it is more commonly used in the HEA field. However, in some of the papers, ccp was
used, and the term can therefore be found in some of the figures adapted from these papers.
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3.1.1 Criteria for single-phase formation

Already from the first few publications on HEAs, it became clear that not all
equimolar alloys of five elements can form an entropy-stabilized single phase
[8,9]. Some will, instead, decompose into multiple phases with segregation of
the elements. Different semi-empirical criteria for single-phase formation
have been proposed, based on parameters such as valence electron concentra-
tions, atomic radii differences, and electronegativities [16]. According to the
fundamental principles behind the formation of HEAs, the entropy term of
Gibbs free energy

AG = AH,y;p — T ASpix Eq. 1

must be higher than the enthalpy of all possible intermetallic combinations for
the single phase to form. With this criterion, the pool of possible single-phase
HEAs is lowered from hundreds of thousands to only a few hundred [17].
This simple principle is expanded with the CALPHAD method, in which
calculations are used to predict phase compositions through the use of ther-
modynamic databases for similar systems. The results from these calculations,
many of which have been validated through experiments, support the idea that
the HEAs are entropy stabilized at higher temperatures where the entropy term
is larger [18]. A typical phase fraction diagram of a HEA is seen in Figure
3(a). It shows the thermodynamically stable phases of a single HEA compo-
sition as a function of the temperature. Single-phase regions are often seen at
high temperatures, while at lower temperatures, multiple phases are stable. In
the diagram in Figure 3(a), the o phase formed at lower temperatures is an
intermetallic phase, i.e. an ordered compound of multiple metals.

3.1.2 Multi-phase and amorphous high entropy alloys

So, what happens in HEAs if they do not form a single phase? As expected
from the principles shown above, not all equimolar alloy systems with more
than five elements display single-phase regions in their calculated phase frac-
tions. In the diagram in Figure 3(b), two solid solutions coexist at high tem-
peratures: fcc and multiple bee phases with different compositions. The third
diagram in Figure 3(c) is an example where an intermetallic phase, C14 Laves,
is present at all temperatures. The search for single-phase HEAs is often jus-
tified by the fact that intermetallic phases are embrittling, and this is true in
many cases [16]. The corrosion protection is also generally better in single-
phase materials since the segregation of elements can form regions with lower
resistance or galvanic couples between different grains [19]. But this is not
always the case, and in recent years, the potential of multi-phase alloys has
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been explored, for example by the development of eutectic high entropy alloys
[20]. These alloys have compositions chosen to form multiple phases with
very fine-grained microstructures. Their toughness can be high even though
they contain intermetallics and their properties can be finetuned by changing
the size of grains [21]. As for corrosion, it is also possible to design multi-
phase alloys were the composition of each phase is tuned to achieve sufficient
corrosion resistance [22].

(a) CoCrFeMnNi (b) Al ,(CoCrFeMnNi) (c) TiZrHfCuNi
1.0 I 1.0 1.0
09 09 0.9
0.8 |IqUId 0.8 08
0.7 0.7 c 0.7
c o
.5 06 006 506
g § Sos| b
'go.s Bos b cc
Vo4 9 04 9 04
s e N
Fos3 & 03 & o3| NiTi,
02
02 bCC 02
ol \ o o|Cl4 Iaves'\phnse
0.0 0.0 0.0
500 750 1000 1250 1500 500 750 1000 1250 1500 500 750 1000 1250 1500 1750
Temperature (°C) Temperature (°C) Temperature (°C)

Figure 3. Phase fractions at equilibrium of (a) CoCrFeMnNi (a.k.a. the Cantor alloy)
[8], (b) Ali1o(CoCrFeMnNi)[23], and (c) TiZrHfCuNi[24] from Calphad calculations.
The references are examples from the literature of the alloys synthesized as bulk ma-
terials. The alloys in (a), (b), and (c) are known to form a single fcc phase, a mixture
of fec and bece, and metallic glass, respectively.

There is a third possibility for the phase formation in HEA compositions:
avoiding crystallization altogether to create amorphous alloys, sometimes
called metallic glasses. These alloys are not thermodynamically stable but
form through rapid cooling from the melt or gas phase to the solid state. In the
1990s, Akihisa Inoue defined empirical rules for enhancing the ability of al-
loys to suppress crystallization, a.k.a. the glass-forming ability (GFA) [25].
One of the rules was mixing at least three alloying elements. This means that
many HEAs also have high GFAs. An example of this is the alloy in Figure 3
(c). The other two criteria proposed by Inoue were a large difference in atomic
radii and a negative enthalpy of mixing [25]. Zhang et al [26] classified HEA
using two parameters related to the two latter rules. The atomic size difference
was described as

N

5= Z ci(1 = 1,/7)? Eq. 2

i=1
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where N is the number of components, ¢ is the atomic concentration of the
component, r is the radius of component i, and r is the weighted average of the
atomic radius of all components. The enthalpy of mixing, AHmix, of the alloy
was calculated through

n
AHpix = Z 0ijcic; Eq. 3

i=1,i#j

where Qij is 4-AHnix of the binary combination of elements and c is the atomic
concentration of a component.

When Zhang et al. categorized HEAs as a function of these two parameters,
they found two-dimensional regions that were dominated by random solid so-
lutions, ordered solid solutions, intermetallic phases, and amorphous alloys,
respectively. These are shown in Figure 4. Random solid solutions were more
easily formed in alloys with low 6 and AHmix close to zero. At slightly higher
0 and lower AHmiy, ordered solid solutions were preferred. In the regions with
even higher 6 and lower AHnix, both multiphase and amorphous alloys were
formed, with amorphous microstructures dominating the region with the high-
est d values.
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Figure 4. Categorization of some high entropy alloys by mixing enthalpy, AHmix, and
atomic size differences, 0, calculated using Eq. 2 and Eq. 3, respectively. The different
markers represent alloys that form random and solid solutions, intermediate (inter-
metallic) phases, and amorphous structures. Reprinted from ref [26] with permission
from John Wiley and Sons.
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3.1.1 Notes on the definition of high entropy alloys

Since the discovery of high entropy alloys, their definition has been under
discussion. Yeh et al, who coined the term HEA, defined the alloy class based
on composition: at least five elements should be mixed with concentrations
between 5 and 35 at% [9]. No criteria were placed relating to the entropy or
phase composition. It was only later that definitions were discussed based on
the magnitude of the entropy, or others that included only single-phase alloys.
The emergence of these definitions was related to the fact that avoiding inter-
metallics was considered the main motivation behind HEA research [16].
Since then, the development of equimolar alloys has crossed the boundaries
of all the above-mentioned definitions, for example through the exploration of
four-element alloys [27] and the increased interest in multi-phase microstruc-
tures [20]. Other terms have been proposed that describe the many-element,
equimolar composition with fewer restrictions and no association with the sin-
gle-phase criterion, for example, multicomponent alloys (MCAs), complex
concentrated alloys (CCAs), and multi-principal element alloys (MPEAs)
[16]. Though there will likely be a continued discussion on the definitions,
these alloys are a distinct material class with a common denominator: they
exist in the previously uncharted central regions of multi-dimensional compo-
sitional space.

In this work, the term multicomponent alloy (MCA) will be used to signify
alloys with multiple elements (at least four) at near-equimolar concentrations,
whether they can form a single phase or not. In one of the projects, the alloys
will be modified with carbon, and when it is no longer justified to refer to
them as alloys, they will be called multicomponent materials. The term high
entropy alloy (HEA) will be used in certain parts of the thesis, specifically in
discussions relating to single-phase formation. It will be used when studying
the synthesis conditions needed for single-phase formation in the well-known
single-phase HEA CoCrFeMnNi. I would like to stress that this choice is
mainly due to the history of the alloy and the motivation behind the work. It
is not meant to set this alloy apart from other MCAs.

3.2 The Cantor alloy and 3d transition metal MCAs

The first alloy studied in this thesis, CoCrFeMnNi, was one of the first to be
identified as a HEA, and it was named ‘the Cantor alloy’ after Brian Cantor,
the main author behind the first paper published on these materials [8]. Today,
the Cantor alloy is one of the most well-studied HEAs [28]. As a bulk material,
the alloy typically forms a single face centered cubic (fcc) phase. CALPHAD
calculations, as illustrated in Figure 3(a), showed that the single phase is only
stable above 800 °C [29]. Below this temperature, the alloy should form a
phase mixture. However, the low-temperature equilibrium phases were seen
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in bulk samples only after very long annealing studies. In one study of arc-
melted bulk samples, the equilibrium phases formed after about one year [30].
On the other hand, in nanocrystalline materials [31] (including a study on
magnetron sputtered coatings [32]) the decomposition of the single fcc phase
was greatly accelerated through grain boundary diffusion and precipitation.
The equilibrium phases were seen already after one hour. In as-deposited
CoCrFeMnNi synthesized by magnetron sputtering, both single-phase fcc ma-
terials [32—35] and other crystal phases [36,37] have been reported. One of the
aims of Paper I was to explain the varying results reported in different studies
of the same alloy composition.

The Cantor alloy belongs to the family of MCAs known as the 3d transition
metal group. These are alloys containing Al, Co, Cr, Cu, Fe, Mn, Ni, Ti, and
V as the base elements and are by far the most well-studied type of MCA.
Their compositions and material properties are in many ways reminiscent of
stainless steels or superalloys. Some of them form single-phase fcc solid so-
lutions, while others form fcc-bee mixtures or fcc with intermetallic precipi-
tation. Most of them contain Cr [16] and in corrosive environments, they rely
on its ability to form a Cr-rich oxide layer that slows down the dissolution of
the alloy [38], just like stainless steel [39]. This is the case for the Cantor alloy
which was shown to have comparable corrosion resistant to 304 stainless steel
in an acidic environment [40].

The Cantor alloy and certain 3d transition metal MCAs also possess inter-
esting mechanical properties. Contrary to most materials, the ductility of the
Cantor alloy has been reported to increase with decreasing temperatures be-
tween 293 K and 77 K [41]. The plastic deformation of alloys typically hap-
pens through the movement of dislocations, which are crystallographic de-
fects. The resistance to deformation can be altered by adding or removing fea-
tures that hinder the dislocation movement: solute atoms, grain boundaries,
and precipitates. While these features increase the hardness, they have the
drawback of simultaneously embrittling the material. It is therefore a chal-
lenge to optimize a material for both hardness and ductility. Some alloys over-
come this trade-off by deforming through a different mechanism. The high
plasticity at 77 K was reported to be due to the formation of twins in the crystal
structure [41], another type of defect depicted in Figure 5 (c). Twins form
when the stacking order of atomic planes is reversed. When many, densely
spaced twins form under stress, the alloy can deform plastically. This is called
deformation twinning.

The observation of deformation twinning is associated with a low stacking
fault energy (SFE). Stacking faults is the more general term for irregularities
in the sequence of the atomic planes of the crystal, including twins. The SFE
is the excess energy to form an irregularity from perfect stacking (depicted in
Figure 5 (b)), and this can be tuned by changing the chemical composition of
the alloy [42]. Low SFEs have been found for some cubic materials with an
fce structure such as Cu, Al, and some stainless steels [43]. Several high
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entropy alloys are also known to have very low SFE [44]. The Cantor alloy
has an SFE of only 21 mJ/m? at room temperature [45], which can be reduced
further by an increase in the Mn content [46].

Figure 5. Schematic images of an fcc crystal showing (a) a unit cell where the atoms
in each (111) plane have different colors, (b) perfect stacking of (111) planes, and (c)
stacking of (111) planes including two twin boundaries marked with arrows.

Nanotwins have also been observed in magnetron sputtered HEA coatings
already in the as-deposited state [37,47]. This effect has not been fully ex-
plained but could be due to the high intrinsic stress associated with the depo-
sition process. The effect of the already-formed twins on the mechanical prop-
erties is not fully understood either, but Wang et al. [47] reported that the
hardness was affected by the spacing between the twins, which is in agreement
with current knowledge on stacking faults in general [48].

3.3 Adding carbon to MCAs

Alloys can be modified by the addition of small non-metallic elements, such
as carbon. Interstitial hardening by carbon addition is a well-known mecha-
nism and carbon can also act as a grain refiner, which also leads to strength-
ening. The addition of carbon to MCAs is, in principle, analogous. However,
since the carbon interacts differently with each component, the complexity
increases. For instance, there is a high likelihood that carbon has a higher af-
finity for certain metals in the alloy. The carbon affinity for the elements will,
for example, determine the solubility of carbon in the alloy phase. It will also
determine whether a metal carbide can be formed or not.

MCAs in which the components have high carbon affinities can form high
entropy carbides, some of which are single-phase materials [49]. Alloys in
which none of the components are stable carbide formers decompose and form
a composite material with an alloy phase and graphite [50]. The alloys ex-
plored in this thesis represent the third case: each of them is a mixture of ele-
ments known to form carbides (Cr, Mn, Ta, and W) and elements that have no
thermodynamically stable carbides (Fe, Co, and Ni). In bulk materials, this
usually results in phase segregation with the formation of carbide precipitates,
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and the strong carbide-forming elements are then depleted from the alloy
phase [51,52].

Carbon addition to the Cantor alloy CoCrFeMnNi has been explored pre-
viously for bulk materials. Up to 1 at% carbon was reported dissolve intersti-
tially while maintaining a single phase and this strengthens the alloy [53] and
also increases its resistance to aqueous corrosion [54]. At higher carbon con-
tents, Cr-rich carbides precipitates, which further strengthens the material, but
simultaneously embrittles it [S5]. The corrosion resistance has also been re-
ported to be negatively affected by the carbide formation which the authors
attributed to pitting corrosion close to the precipitates [54]. Considering the
material properties desired in this work, it appears that the low solubility of
carbon limits the benefits of carbon-addition. However, the addition of carbon
through magnetron sputtering gives different results.

As explained in Section 2, magnetron sputtering at low temperatures can
result in materials that are far from thermodynamic equilibrium. The limited
diffusion favors simple crystal structures while suppressing phase segregation.
In previous studies on carbon-containing metal films, the synthesis method
has been used to suppress the formation of crystalline carbides in both single-
element and HEA coatings [56,57]. In these studies, carbon was added beyond
the solubility at equilibrium, creating super-saturated solutions in the bcc ma-
trix. The carbon was reported to decrease the grain size of the materials and
make the coatings both harder and more crack resistant. When even more car-
bon is added, it can begin to precipitate in the grain boundaries, which can
result in corrosion resistant materials with good electrical properties [58,59].

The addition of carbon to magnetron sputtered MCA coatings has thus far
been limited to alloys containing the early transition metals, which are strong
carbide formers [60]. In this work, carbon was added to the alloys
CoCrFeMnNi and CrFeNiTa through magnetron sputtering at close to room
temperature, to suppress segregation and carbide precipitation. The compari-
son between the two alloy systems will be used to understand how the con-
centration of strong carbide formers affects the results.

3.4 Why should we study MCA coatings?

In the early days of MCA research, statements about their promising proper-
ties were often over-generalized. For example, the “superior corrosion re-
sistance” of MCAs was treated as a standard feature in paper introductions,
where articles on corrosion resistant HEAs were often cited regardless of the
similarity to the studied composition (see for example refs [37,61]. However,
recent reviews on the corrosion of MCAs make no such claims about MCAs
as a group [38,62,63]. A similar development was seen for the concept of slug-
gish diffusion, which was considered one of the core effects of MCAs but was
later shown to be tied to specific compositions [16,64]. There may be
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properties that are indeed enhanced specifically due to the equimolar compo-
sition (the lattice distortion leading to a higher strength is still under discussion
[16]). However, as more different MCAs are explored, it becomes clearer that
their properties are as diverse as their compositions. So why should we study
them?

It was argued by Brian Cantor, one of the inventors of the MCA concept,
and by several authors of subsequent reviews [8,16,62], that the main promise
of the MCA field lies in the vast number of combinations and variations of
elements. The central regions of compositional space have been almost com-
pletely unexplored, and the possible range of compositions is greater than for
alloys with one or two principal elements. Somewhere in that uncharted space,
there may be extraordinary materials. And since their invention, there have
indeed been critical discoveries of MCAs that surpassed all conventional al-
loys in some regard. One example was the Cantor alloy with its high toughness
at cryogenic temperatures [41]. The main problem is finding interesting com-
positions without having to screen the entire compositional space. That is why
fundamental studies are needed to find the parameters for how to tune their
properties.

Most research on MCAs is performed on bulk samples, but the use of MCA
as coatings could be of greater interest in the future. Compared to many tradi-
tional technical alloys, the cost of the alloying elements will be greater for
MCA:s. Stainless steel, for example, is composed of around 70 at% Fe, which
is by far the cheapest metallic element. For comparison, the prize of raw Co
is about 500 times higher. The reliance on a bulk MCA would also mean a
greater risk since the supply of metals is always changing [65]. This would be
solved by using MCAs as thin (nanometer scale) coatings on more widely
available and less costly substrates.

The synthesis of MCAs by magnetron sputtering is also interesting for fun-
damental reasons. In the section on the thermodynamic basis of HEAs, it was
explained that the single phase in HEAs is stabilized at high temperatures.
Considering this, the relevance of the high entropy concepts for low-tempera-
ture synthesis methods, such as magnetron sputtering, is not obvious. Never-
theless, magnetron sputtering is the most common way of synthesizing HEA
coatings [66], and in most of the published articles (see the Appendix) single-
phase coatings are reported. The reasons behind this trend will be explored in
Section 6.1.
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Chapter 4. Aim and scope

The overhead aim of this work was to formulate design principles for new
multicomponent materials with high corrosion resistance, hardness, and crack
resistance. These are, as explained in the introduction, the requirements for
coatings on stainless steel components in fuel cells and electrolyzers. How-
ever, this combination of properties could be beneficial for a number of other
applications.

CoCrFeMnNi, a.k.a. the Cantor alloy, was chosen as the first model system
to understand the phase formation of MCAs during magnetron sputtering. The
choice of CoCrFeMnNi was mainly due to the relatively large number of ex-
isting studies on the alloy compared to other MCAs, and because many MCAs
are based around this composition. This means that there is more prior
knowledge about the alloy and that conclusions made on this system can more
likely be generalized to other MCA systems.

After studying the model system, new alloys were designed. From the elec-
trochemical tests on CoCrFeMnNi, it was found that Mn and Co were the least
beneficial elements for corrosion protection, and they were, therefore, not in-
cluded in the new alloys. Ta and W were chosen as replacements because of
their resistance to corrosion in high-potential environments. They will be used
to increase the corrosion resistance of CrFeNi-based MCAs. Furthermore,
their different nobilities make it possible to test a fundamental principle con-
cerning the corrosion resistance of alloys. The equimolar CrFeNiTa and
CrFeNiW systems have not been studied previously.

Carbon was also added to the alloys, to study if the addition of a p-element
can improve both the mechanical properties and the corrosion resistance. The
modification with carbon was tested on two different alloy compositions to
understand the effect of the base alloy composition on the resulting phases and
properties.

All the elements included in the studies are shown in Figure 6.
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1 H 2 13 14 16 16 17 | He

2 | Li |Be B|J|C|N|O|F |Ne

3 [NafMg| 3 + s 6 7 8 g 10 1 12 |Al|Si|P|S|Cl|Ar

4 K|Ca|Sc|Ti|V |CriMn|Fe|Co|Ni|Cu|Zn|Ga|Ge|As|Se|Br | Kr

5 |[Rb|Sr| Y |Zr|Nb|[Mo|Tc |Ru|Rh|Pd|Ag|Cd|In |[Sn|Sb[Te| I |Xe

5 |Cs|Ba|la|Hf[Ta|W |Re|Os|Ir |Pt|Au|Hg| Tl |Pb| Bi |Po| At |Rn

Figure 6. Periodic table of elements showing the elements included in the studied
materials. The elements in the first model system are marked in blue, the red are the
elements added to the novel alloy compositions, and carbon, marked in black, is the
modifying p-element.

The main results of the projects are presented in Chapters 6 and 7. Chapter 6
concerns the relationship between the synthesis conditions and the structure
of the materials. It is a systematic exploration of how the crystal structure (or
lack thereof) and morphology can be controlled during synthesis and subse-
quent annealing. The studied parameters include the concentration of the met-
als in the alloy, the carbon content, several sputter process parameters, the
choice of substrate material, and the annealing temperature.

Chapter 7 investigates the relationship between material characteristics
(structure, microstructure, and morphology) and material properties (mechan-
ical and electrochemical). Through the results of the study, we can better un-
derstand how to tune the properties and define strategies for future materials
design.

Each of the included papers has a narrower aim and is based on a few de-
limited scientific questions. The questions are listed below:

L What are the fundamental differences in the phase formation
through sputtering deposition and bulk synthesis of the
CoCrFeMnNi HEA? Why do some studies on magnetron sputtered
CoCrFeMnNi report a single phase while others report phase mix-

tures?
IL. How do a commercial substrate material and its crystal orientation
affect the growth of magnetron sputtered CoCrFeMnNi coatings?
I11. What is the lowest concentration of Ta or W, needed to achieve

corrosion protection in (CrFeNi)Xy (X = Ta, W) at high potentials?
What is the importance of the nobility of the added elements?

V. Does carbon addition to magnetron sputtered CoCrFeMnNi coat-
ings result in increased segregation of the metallic elements?

V. Can the addition of up to 11 at% C to CoCrFeMnNi improve the
mechanical properties and corrosion resistance?
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VL

VIL

28

How does the inclusion of carbon affect the corrosion behavior of
CoCrFeMnNi in different electrolytes?

Can the addition of up to 49 at% carbon to MCAs result in a com-
posite material with improved mechanical properties? How does
the concentration of strong carbide-forming elements affect their
phase formation and properties?



Chapter 5. Methods

5.1 Thermodynamic calculations

The CALPHAD method, which stands for CALculation of PHAse Diagrams,
was developed in the 1970s [67] and is a way to predict the phase properties
of alloys by using thermodynamic databases. Many high entropy alloy sys-
tems have been explored based on thermodynamic data from binary and ter-
nary sub-systems [18]. In this work, the CALPHAD method was used to pre-
dict the phases of alloys at equilibrium at different compositions and temper-
atures. The calculations were performed in the Thermo-Calc Software using
the TCS High Entropy Alloys Database version 3 (TCHEA3) [68].

5.2 Synthesis

The coatings in the study were synthesized with direct current (dc) magnetron
sputtering in an ultra-high vacuum deposition chamber with a base pressure
below 10 Pa. The system has four magnetrons that can fit cylindrical sputter
targets of either 51 or 76 mm in diameter. The targets were, in most cases,
focused directly on the middle of the sample holder, which is at a distance of
130 mm from the targets. CoCrFeMnNi alloy coatings were deposited with a
single, spark-plasma sintered target with equimolar composition. CrFeNiTa
and CrFeNiW alloy coatings were synthesized by using a similar sintered
CrFeNi target and pure Ta or W targets. The powers of the Ta and W targets
were varied to achieve different concentrations of these two metals. Carbon
was added to the alloys by co-sputtering with a single graphite target. The
process parameters, such as temperature, pressure, target powers, and sub-
strate bias were varied, as was the deposition time.

In most cases, the substrate was rotated to achieve a homogenous compo-
sition and thickness on the samples. In one study, however, the rotation was
turned off to intentionally form a gradient in the composition over the surface
of the sample holder. This made it possible to screen through a range of com-
positions with a single deposition. This is called a combinatorial approach [69]
and is beneficial for studying the compositional space of multicomponent sys-
tems [70]. The combinatorial approach was utilized to synthesize samples in
the CoCrFeMnNi and CrFeNiTa systems with varying carbon concentrations.
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The standard substrate material used for characterization was single-crys-
talline Si(001) that had been oxidized to form a 1.5 um thick amorphous oxide
on the surface. This substrate has multiple benefits: It simplified diffraction
analysis since the single crystal gives only a few reflections. The substrate
could easily be cleaved along the (001) crystal plane to produce cross-section
samples of the coatings. The amorphous oxide ensures that no lattice matching
was possible between the substrate and coating. This is referred to as a “neu-
tral” substrate. Furthermore, the oxide was both thermally stable and resistant
to corrosion, allowing the samples to be annealed without reactions at the sub-
strate/coating interphase and ensuring that the substrate contributed with only
a low current if it was exposed during electrochemical tests.

The effect of the substrate on the coating structure and morphology was
studied by using crystalline materials: Si(001), A1,O3(0001), and finally, pol-
ycrystalline 316L stainless steel, which is more relevant for the potential ap-
plication of these coatings. Lastly, polyimide strips were coated for mechani-
cal tests. These flexible polymer substrates can be used to isolate the behavior
of the coatings under tensile stress, a method described in Section 5.4.

5.3 Materials characterization

The following set of techniques was used to characterize the materials in terms
of chemical composition, chemical environment, crystal structure, microstruc-
ture, and morphology.

Electron microscopy

The morphology of the films, such as grain sizes and shapes, the coating thick-
ness, and other features at this scale were studied with scanning electron mi-
croscopy (SEM). SEM is performed in a vacuum chamber, where a focused
electron beam is scanned over the sample, and backscattered or secondary
electrons are detected to form a micrograph image. Most of the measurements
in this work were performed using the in-lens or secondary electron detectors
in three different instruments, a Zeiss Merlin, a Zeiss 1550, or a Zeiss 1530
instrument. The acceleration voltage, beam current, and sample tilt were var-
ied for each use.

Transmission electron microscopy (TEM) is a related technique, where
electrons are transmitted through thin samples. Electron-transparent cross-
section samples were prepared with a focused ion beam. Bright-field and dark-
field imaging, as well as scanning TEM (STEM), were used to study the mor-
phology.

Both SEM and TEM can be combined with energy-dispersive X-ray spec-
troscopy (EDS or EDX). When atoms are excited by electrons, they emit X-
rays with an energy that is characteristic of the element. This signal can be
used to quantify the atomic composition and create maps of the distribution of
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the elements. EDS maps were used in this work to study the elemental segre-
gation in the films. EDS was performed in the Zeiss 1530 or Zeiss 1550 SEM
using an 80 mm? silicon drift detector, and in the FEI Titan Themis using the
SuperX system.

Profilometry

Profilometry is used to map the topography of a surface. Optical profilometry
was used in this work to measure nanometer-scale height differences over the
sample surfaces. The measurements were performed on a Wyko NT9100 in-
strument from Veeco, used in phase shift interferometry mode. This mode uti-
lizes the interference between the light projected onto the sample and onto a
reference surface with a known distance from the light source. This can then
be reconstructed into a 3D image of the surface.

Profilometry was also used to measure the roughness evolution on the sur-
face during corrosion. Since this roughness can be in the sub-nanometer scale,
a higher resolution was required. This was achieved with atomic force micros-
copy (AFM). The method function by letting a sharp, oscillating tip, placed
on a cantilever, interact with the surface of the sample. The electrostatic forces
from the surface perturb the movement of the tip, and this signal is used to
measure the distance from the surface. The tip is scanned over the surface and
a topography image is constructed. Roughness parameters, such as Ra, can
then be extracted from the data.

Diffraction

X-ray diffraction (XRD) is a method for studying the structures of materials
through the elastic scattering of X-rays by the lattice planes in the crystal. In
this work, 6-20 measurements were used to probe the crystal planes parallel
to the substrate. Grazing-incidence (GI) measurements were performed to iso-
late the crystal phase compositions of the coatings by minimizing the signal
from the substrate.

Diffraction was also performed with electrons in the TEM. Due to the fo-
cused electron beam and the simultaneous imaging of the sample, it is possible
to study the diffraction of a selected area, like a crystal grain, through selected
area electron diffraction (SAED). Smaller grain sizes can be analyzed, which
is important when working with nanocrystalline materials that may appear
amorphous when analyzed with X-rays. There are multiple techniques that can
be used to localize the signal of a certain crystal structure, such as hollow cone
dark-field imaging or 4D scanning transmission electron microscopy (4D
STEM, formerly known as STEM diffraction imaging). These techniques
were used to create maps of the regions with different crystal structures.

Another diffraction-based technique is electron backscatter diffraction
(EBSD). The technique works by recording the backscattered electrons emit-
ted in the SEM, a Zeiss Sigma FEG-SEM. The scattering of the electrons as
they exit the sample gives rise to so-called Kikuchi patterns. These can be
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analyzed to find the orientations of a crystal if the structure is known. Many
Kikuchi patterns are recorded as the electron beams sweep over the surface,
after which a map can be constructed showing the crystal orientation of each
grain. When performed on a lamella instead of a top-view sample, the tech-
nique is called transmission Kikuchi diffraction (TKD), and a higher lateral
resolution is achieved with this technique. The detected signal can also be
compiled to form a microscopy image with strong crystallographic contrast.
This is called band contrast imaging.

Electron spectroscopy and synchrotron-based techniques

X-ray photoelectron spectroscopy (XPS) was used to study the chemical en-
vironments around different elements in the coatings. The technique is based
on the photoelectric effect. Incoming X-rays ionize the atoms in the material
which then emit electrons. The kinetic energy of the electrons is related to the
binding energy of that electron in the material, which varies with the element
and the chemical environment.

The XPS analysis was performed in a PHI Quantera II 2000 scanning XPS
microprobe with monochromatic Al Ka radiation. When studying the bulk of
the films, the oxide layers were removed by sputtering with 200 eV Ar” ions.
When performing surface analysis, the angle between the sample surface and
the electron energy analyzer was varied to achieve different information
depths. XPS was used to find the composition of a material since the relative
signal from each element is proportional to its concentration. This was used
to quantify oxygen and carbon in most studies since EDX lacks sensitivity for
these light elements. Relative sensitivity factors were needed for the quantifi-
cation, and they were calculated using reference samples measured by elastic
recoil detection analysis (ERDA). By combining chemical information with
the ability for quantification, the relative signal from each metal in its oxidized
state was used to calculate the cation fraction of each element in the surface
oxides.

A form of XPS can also be performed at a synchrotron. The photons are
then generated by the deceleration of electrons. The photon energies can be
much higher than the in-house XPS (this is then called hard XPS, HAXPES)
and the energy can be precisely controlled. This makes it possible to vary the
information depth and achieve more bulk-sensitive information without the
need for sputter etching, which can damage the material. It is also useful for
separating XPS peaks from Auger electron signals. At some beamlines, a
higher energy resolution can also be achieved [71].

The high and variable photon energy can also be used for X-ray absorption
studies. The photon energy is then swept and the absorption of photons at dif-
ferent energies is recorded by measuring either the sample current or the flu-
orescence. This technique also gives chemical information and can be used as
a complement to XPS.
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Time-of-flight elastic recoil detection analysis (ToF-ERDA)

ToF ERDA is a technique for quantifying the elements in a material without
the use of references. The technique works through the bombardment of heavy
ions with a high energy (36 MeV ''I"® or 44 MeV ''I''%), which causes elastic
recoil of the atoms in the material. The measurements in this work were per-
formed at the Tandem laboratory at Uppsala university. The technique is
highly sensitive to light species, so the relative concentration of C and O in
the films could be found with high accuracy. For some of the sample series,
all the samples were quantified with ERDA. For other studies, ERDA was
performed on reference samples that were then used to calculate the relative
sensitivity factors used for quantification in XPS. However, ERDA cannot
separate heavier elements with similar mass, so EDS was always used to quan-
tify the metals.

5.4 Testing of material properties

5.4.1 Corrosion testing

Electrochemical methods with a three-electrode cell

Electrochemistry is the study of chemical reactions that involve an electric
current. In an electrochemical cell, reaction rates of redox processes can be
measured as currents and the driving forces as electrical potentials. By actively
applying currents or potentials, the reactions can also be driven in a certain
direction, for example, to accelerate a corrosion process.

Ag/AgCI
Reference .

Pt wire
electrode

Counter

electrode
Sample
Working
electrode

Electrolyte
0.05 H,SO/HCI

Cu tape

j Rubber o-ring

Figure 7. lllustration of the experimental set-up for the electrochemical experiments,
depicted in cross-section.

A three-electrode setup was used for the tests. The samples were placed in
an in-house made Teflon cell, shown schematically in Figure 7, and used as
working electrodes. The samples were at the bottom of a cylindrical reservoir
where the electrolyte (0.05 M H>SO4 or 0.05 M HCI) was added. An O-ring
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with an inner diameter of 5 mm provided a consistent working electrode area.
The counter electrode was a Pt wire and the reference was a Ag/AgCl 3 M
NaCl) electrode. The electrodes were connected to a potentiostat/galvanostat,
an Autolab PGSTAT302N from Metrohm Instruments, or a VersaSTAT 4
from Princeton Applied Research.

All the measurements were performed at room temperature. The following
three techniques were used:

Open Circuit Potential (OCP)

The open circuit potential is the potential between the working electrode and
the reference when no current is flowing in the cell. In a corrosion test, this
entails that the sample is allowed to corrode freely in the electrolyte. The OCP
value depends on the rate of the corrosion reactions. The corrosion tests were
started by keeping the samples at the OCP for up to 2 hours until the values
were nearly stable. This ensured that the reactions were at a steady-state before
starting additional measurements.

Electrochemical Impedance Spectroscopy (EIS)

Electrochemical impedance spectroscopy (EIS) can be used to compare the
corrosion resistances of materials. An ac voltage with an amplitude of 10 mV
was applied on top of the OCP. The ac frequency was then varied from 100
kHz (initial frequency) to 100 mHz (final frequency) and the current response
was recorded. The impedance data can be interpreted by fitting it to a model
circuit, where the circuit elements represent the characteristics of the corrosion
cell. In this way, comparative values can be acquired, such as the charge trans-
fer resistance during the corrosion.

Potentiostatic or potentiodynamic polarization

The samples were polarized by applying a potential between the reference and
working electrodes, and the current response in the cell was recorded. A higher
potential means that the driving force for corrosion is increased, and the cur-
rent is a measure of the oxidation rate. In linear sweep voltammetry (LSV),
also known as potentiodynamic polarization (PDP), the potential between the
sample and the reference electrode is scanned from one potential to another.
The starting potential and the scan rate (V/s) were varied to obtain different
types of information. The results were plotted as polarization curves. Several
parameters can be extracted from such a curve, which describes the corrosion
behavior of a material in a specific electrolyte, including the corrosion current
density jeorr , the corrosion potential Ecorr, and the passive current density jpassive.
The samples can also be polarized by applying a static potential to isolate the
changes in the current over time.
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Inductively coupled plasma-mass spectrometry (ICP-MS)

ICP-MS is a method for measuring the concentration of ions in a solution. In
this work, it was used as a complement to the electrochemical tests by meas-
uring the concentrations of dissolved metal ions in the electrolyte after the
electrochemical experiments.

5.4.2. Mechanical testing of coatings

The formulated requirements for the coatings in this project, to be durable and
deform without cracking, can be condensed to a few mechanical properties
that describe the plastic deformation. Durability, the resistance to wear and
scratches, is related to the hardness of the coatings. The crack resistance is
more complex; for coatings, it depends on the strength and ductility of the
coating material, but also the adhesion to the substrate.

Because of this complexity, few lab-scale tests are fully representative of
the real-life application. In this work, multiple methods were combined to
achieve a deeper understanding of the deformation of the coatings under dif-
ferent types of loading.

Nanoindentation

The most common method for testing the mechanical properties of coatings is
nanoindentation [72]. It is performed by pressing a hard tip into the sample
and recording the load as a function of the displacement. The behavior of a
coating during the indentation depends on the resistance to both elastic and
plastic deformation. To isolate the coating behavior from that of the substrate,
the depth of the indents cannot exceed 10% of the coating thickness. Indents
were made using a CSM instrument, and a Berkovich diamond tip. The hard-
ness and the reduced elastic modulus were calculated using the Oliver and
Pharr method [73].

Nanoindentation can also be used to qualitatively study the deformation of
coatings, including cracking behavior under stress, by making deeper indents
into the material [72]. In this study, indents of more than twice the thickness
of the coatings were made using a cube-corner diamond tip, after which the
indents were studied with SEM.

However, this technique cannot simulate deformation under tensile strain.
Other methods are available, such as tensile tests on free-standing films [74],
but they often require extensive sample preparation and are limited to thicker
coatings. In this thesis, tensile testing on polymer substrates is used. It is more
representative of the application than nanoindentation, while also producing
quantitative data.
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Fragmentation testing

To study the crack resistance of the coatings under tensile stress, fragmenta-
tion tests were carried out. The flexible polymer substrates were stretched in
a Deben tensile stage using a displacement rate of 0.1 mm/min, inside a Hita-
chi SEM at 15 kV acceleration voltage. Three areas on each sample where
selected and the number of cracks in that area were recorded at different strains
until crack saturation was reached.

The crack density (CD) can be described by the probability of failure ac-
cording to the Hui model [75]:

F, = CD(0)/CDy = 1—exp[—(0/0s )P] Eq. 4

where CD., is the crack density at saturation, o is the stress on the coating, and
p and o, are the Weibull shape and scale parameters, respectively. The
Weibull parameters were fitted to the crack density data, and the values were
used to compare the coatings. A higher 6, means that the coating is stronger,
and a higher p means that there is a lower scatter in the strength.

When this model is typically used, the coatings are assumed to have only
elastic behavior until fracture. This can then be modeled by Hooke’s law o =
Ee, where E is the reduced Young’s modulus extracted from nanoindentation
and ¢ is the strain. For the softer coatings in this work, however, this model
did not fit the data. This was because there was a significant contribution from
plastic deformation during the tensile tests. In these cases, a second term was
added to account for the plastic deformation after yield stress oy was sur-
passed. This is described in greater detail in Paper VII.

5.4.3. Interfacial contact resistance

The interfacial contact resistance (ICR) is the resistance between two materi-
als in contact. It is a complex property that depends on the intrinsic electrical
resistance of each material but also on its mechanical properties. This is be-
cause the contact area (which is very different from the geometric area) be-
tween the surfaces changes as the materials deform under compression. In this
work, the ICR measurements were performed according to a method devel-
oped for bipolar plate materials [76]. The ICR was measured by placing a
sheet of Freudenberg 23H carbon paper (a gas diffusion layer material) be-
tween two stainless steel plates coated with the material of interest. The re-
sistance was then measured under increasing compressive load. The measure-
ments were performed before and after potentiostatic polarization to study
how the formation of a passivating oxide affected the ICR.
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Chapter 6. Synthesis of multicomponent
coatings

6.1. Controlling the phase formation in sputtered HEAs

CoCrFeMnNi, a.k.a. the Cantor alloy, was used as a model system to under-
stand the principles of phase formation during magnetron sputtering of HEAs.
The primary aim of Paper I was to answer the question of whether there is a
fundamental difference between magnetron sputtering and melting of HEAs.
This question will be answered step by step in the next few sections. The phase
formation was first explored through a variation of process parameters during
deposition on a single type of substrate: Si with a 1.5 um thick amorphous
oxide grown on top (Section 6.1.1). An amorphous substrate ensured that it
could not influence the growth of the coating through lattice matching. The
phase formation was then compared to studies on bulk CoCrFeMnNi, and the
key differences were described (Section 6.1.2.). A literature review on mag-
netron sputtered HEAs was also performed to understand if the principles
found for the Cantor alloy are valid for HEAs in general (Section 6.1.3.). The
final two sections examine the influence of the substrate material on the phase
formation of CoCrFeMnNi (Section 6.1.4.), and lastly, the special case of
CoCrFeMnNi deposited on polycrystalline stainless steel (Section 6.1.5.).

6.1.1 Effect of process conditions

A series of samples were deposited using a single equimolar composite
CoCrFeMnNi target. Three deposition parameters were varied one at a time:
the substrate temperature, the target power, and the substrate rf-bias. The tem-
perature had the greatest influence on the material and will be the focus of this
section, while the series with different target powers is excluded, as no differ-
ences were observed with microscopy or diffraction. All the films in the tem-
perature series were deposited with a floating bias. The lowest temperatures
(20-60 °C) were achieved without any applied heating, while the rest of the
depositions were performed with active heating of up to 600 °C. The increase
in the substrate temperature had three main effects: a change in the crystal
phase composition, grain growth, and increased separation of the elements.
The influence of temperature on the phase composition is depicted in Fig-
ure 8. In the samples deposited at 400 °C and above, a phase mixture of fcc
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and o (sigma) phase could be seen. The ¢ phase peaks decreased in intensity
with increasing temperature, pointing to a reduction in the relative amount of
this phase. Using electron diffraction in TEM, a small amount of the MnNi-
rich phase L1y was also observed. It appears that the phases formed in this
temperature range were the same as those reported after the long-term anneal-
ing of the bulk material at 700 °C [30] and the short annealing of the coatings
near 300 °C [32]. The results partly agree with the CALPHAD calculation
(seen in Figure 3), which correctly predicted a decreasing amount of ¢ phase
at higher temperatures. At 300 °C, no ¢ phase was present, and the coatings
consisted of a mixture of fcc and bece phases. A preference for bee over 6 phase
after long-term annealing of bulk samples at 500°C has been reported in the
literature [30,31].
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Figure 8. The phase compositions of the CoCrFeMnNi films deposited at varying sub-
strate temperatures (a) and bias voltage (b), as measured by GI-XRD. A narrower 20
range for samples 200 °C and 300 °C is shown in c) and d). The figure is adapted
from Paper 1.

In the samples deposited without heating (marked RT), an fcc and the inter-
metallic  (chi) phase were present, the latter as multiple overlapping peaks.
The y phase has a complex cubic structure (I-43m) with a unit cell of 58 atoms.
Like the o phase, it can display a range of compositions by substitution with
similar transition metals [77,78]. The  phase has been reported in a HEA
coating similar to CoCrFeMnNi [79], but it is most well-known as one of the
intermetallic phases causing embrittlement in ferritic, austenitic, and duplex
stainless steels [80—82]. In steels, it is almost exclusively observed together
with the o phase. It often precipitates at lower temperatures than the ¢ phase
and is consumed by the ¢ phase as the latter one forms. It is, therefore, sug-
gested to be a meta-stable phase in many steels, and can be regarded as a pre-
cursor to the ¢ phase [81]. The development of these phases can be seen in the

38



bias series (Figure 8 (b)), which was deposited without heating. The intensities
of the y phase peaks increased with the increasing bias voltage.

A second effect of the increasing substrate temperature was the formation
of larger grains, shown in Figure 9. This is typically seen in sputtered films at
higher temperatures and can be explained by an increased diffusion rate of
atoms at higher temperatures.

The third effect was an increase in the segregation of elements. TEM-EDX
maps of two selected samples are shown in Figure 10. The segregation was
prominent in the sample deposited at 500°C. The composition of each of the
grains is displayed in Figure 10 (c) and shows that the separation of the ele-
ments was slightly less evolved than in the annealing studies, where the o
phase obtained at both 350 °C and 700 °C consisted of around 50 at.% Cr.
[30,32]. This indicates that the equilibrium compositions had not yet been
reached. The TEM-EDX maps of a sample deposited without heating but with
-100V substrate bias are presented in Figure 10 (e). In the maps, there is no
evidence of elemental segregation, even in the regions where clear diffraction
contrast is seen in STEM. It seems that, although multiple phases were pre-
sent, they had the same composition. This points to a highly limited diffusion
during deposition at lower temperatures. The two phases were most likely a
product of simultaneous nucleation and kinetically controlled growth. The rel-
ative increase in the  phase with increasing bias is evidence of this; the fcc
phase, with its simple structure and a small unit cell, needs less atomic move-
ment to form than the large and complex y phase. The fcc phase is, therefore,
favored by reduced atom mobility.

Figure 9. Morphology of the films deposited at various substrate temperatures, from
room-temperature (RT) to 600 °C, as seen by top-view SEM using an in-lens detector
at 8 kV acceleration voltage. Note that the scales vary in the different images. The
figure is adapted from Paper 1.

To summarize this section, none of the films in this study formed the single

fcc phase that is expected for HEA. At high temperatures, the materials ap-
peared to be close to equilibrium and formed the multiple phases that are seen
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in annealing studies [30,32]. At low temperatures, the atomic diffusion was
very limited, and the phase selection was, therefore, kinetically controlled.
These results illustrate the two simultaneous effects that an increase in en-
ergy input has on the phase selection: a change in the thermodynamic equilib-
rium state, and an enhanced ability to diffuse toward the equilibrium state.
This was exemplified by the change in the relative amount of the fcc phase in
the films. At the lowest energy (the RT sample deposited with floating bias),
the fce phase is favored by kinetics. When applying a bias voltage, the relative
amount of fcc decreased, as the ability to form the more complex y phase was
improved. However, at even higher energy input, in the films deposited with
substrate heating, the fcc phase was favored again. This time it was due to
thermodynamics, as it was stabilized by the high entropy, and the high atom
mobility allowed the material to rapidly approach equilibrium. If both these
effects were to be further enhanced, we should see a single-phase material
when sputtering above 800 °C, according to the CALPHAD calculations in
Figure 3. This is, however, outside the limits of our deposition system.

¢) EDX quantification 500 °C

Concentration [at%]

e

e) EDX maps d) EDX maps

RT,-100V

Figure 10. Maps of elemental distribution, measured by EDX in TEM on cross-section
samples prepared with a FIB. a) — d) depict the analysis of the sample deposited at
500 °C, while e) depicts the -100 V sample, deposited without heating. The figure is
adapted from Paper I.

6.1.2. Phase formation mechanisms

The secondary aim of Paper I was to understand why a single fcc phase was
reported in certain studies of sputtered coatings while others obtained multi-
phase materials [32—37]. In this section, the phase formation mechanisms are
described, the fundamental differences between the two synthesis methods are
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defined, and the conditions needed to achieve a single fcc phase in the coating
are discussed. The different synthesis routes are visualized in Figure 11.

The left path in Figure 11 depicts the solidification of the bulk alloy from
the melt and the subsequent annealing. At temperatures above 800 °C, a single
fce phase is thermodynamically stable, and therefore, this phase is first nucle-
ated from the melt. As the sample is cooled, the other phases become favorable
but to precipitate them solid-state diffusion and nucleation are required. The
diffusion is slow in a typical bulk alloy with grains in the pm-mm range.
Laplanche et al. [83] studied the kinetics of the phase decomposition in
CoCrFeMnNi and found that to form o precipitates, the cooling rate needs to
be lower than 0.02 K/s. In the methods used to synthesize bulk HEAs, such as
arc-melting, the cooling rates are much higher, and thus the initially formed
fcc phase remains. The multiple equilibrium phases can form during pro-
longed annealing [30], a process that can be accelerated by smaller grain sizes
[31,84].

Synthesis

bulk coating high T coating low T

— pm-mm scale — nm scale

Case A Case B

l Annealing [ O substrate
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@ O phase
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© other meta-
stable phases

Figure 11. Phase formation mechanisms for CoCrFeMnNi during bulk synthesis from
the melt, coating deposition at low and high substrate temperatures. and subsequent
annealing. The figure is adapted from Paper 1.

During magnetron sputtering, on the other hand, the atoms are quenched from

the gas directly to the temperature at the surface of the growing film. In a
typical deposition, this is below 800 °C, meaning that the synthesis occurs in
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the multi-phase region (see Figure 3). This is the first fundamental difference
between the methods and the reason why a single-phase material should not
necessarily be expected. The phase formation follows different paths depend-
ing on the substrate temperature. When the temperature is high (middle route
in Figure 11), the multiple equilibrium phases can form through rapid diffu-
sion at the surface and in the grain boundaries. This diffusion is enhanced by
the fact that the grains in magnetron sputtered coatings typically are nanocrys-
talline, which can be compared to the micro-millimeter-sized grains of bulk
materials. When the substrate temperature is low (right route in Figure 11),
the phase formation is kinetically controlled, and either a single fcc phase
(Case A) or other meta-stable phases and phase mixtures (Case B) are formed.
In all the literature studies, the deposition was performed without heating, and
the phase selection is, therefore, best described as Case A vs Case B. No ob-
vious difference regarding the remaining deposition parameters (such as the
bias voltage, target-substrate distance, target powers, etc.) could be found be-
tween the studies. It appears that the selection of phases is sensitive to small
changes in the deposition conditions, including differences in the specific
plasma conditions of the chambers which cannot be identified through the
deposition parameters but could be better understood through plasma diagnos-
tics. As will be shown in Section 6.1.4., the selected substrate has a great in-
fluence on the phase formation of the coatings in the kinetic regime.

6.1.3. Literature review: Single-phase or multi-phase formation
in magnetron sputtered multicomponent alloys

The literature on magnetron sputtered multicomponent alloy (MCAs) films
was reviewed to investigate whether the principles found for CoCrFeMnNi
can be applied to HEAs in general. The scope of the review is presented below,
followed by a summary of the results, an analysis based on the mechanisms
proposed in the previous section, and lastly, some notable examples of alloys.

The review was a summary of studies available in March 2021 and included
coatings of the two most well-studied groups of MCAs [16]. The first is the
3d transition metal group (marked in orange in Figure 12). These alloys, which
include the Cantor alloy, usually form an fcc phase. The second group (marked
in blue) is the refractory metal group. These alloys crystallize with a bcc struc-
ture and consist of metals known for their high hardness and heat resistance.
Alloys were included in the review if they were described as MCAs or HEAs
and had four or more elements, so long as most of those elements belonged to
the defined groups. A record was kept of the atomic compositions, the reported
phases, any substrate heating, and post-deposition annealing. The full list of
studies and data is found as an appendix to this thesis. The general trends are
visualized in Figure 13.
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Figure 12. Periodic table showing the main elements included in two groups of mul-
ticomponent alloys: the 3d transition metal group is marked in orange, and the re-
fractory metal group is blue. Ti, V, and Cr belong to both groups.

In the review, 38 examples of 3d transition metal MCAs coatings were
found. Only five cases used substrate heating, and three of those obtained
multi-phase films. Seven studies formed multiple phases even without heat-
ing. Four cases of amorphous or X-ray amorphous films were reported. The
remaining 22 studies used no active heating, and a single phase was obtained;
19 formed fcc and three formed bee. Four studies annealed the fcc samples,
all leading to the precipitation of multiple phases in a short time: as little as
one hour at 300 °C.
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Figure 13. Results from the literature review of the phase formation in magnetron
sputtered multicomponent alloys (MCAs). The encircled numbers represent the num-
ber of alloys displaying a certain phase constitution.
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Fewer studies on refractory metal MCAs were found; only 17 examples. In
this group, more than half of the cases used substrate heating. Ten studies re-
ported a single bce phase, which was achieved both without heating and with
heating of up to 350 °C. Three cases of multiple phases were found, achieved
by using substrate heating of 450 °C and above. Three studies obtained amor-
phous or X-ray amorphous films without heating. Finally, six of the studies
annealed the bee films and found that the single phase was retained at temper-
atures above 700 °C. The longest annealing was performed at 1100 °C for 3
days.

These results indicate that the proposed mechanisms in Figure 11 are valid
for many, perhaps most, of the alloys in these groups. In the 3d transition metal
group, almost every single-phase material was obtained through synthesis
close to room temperature. It is, therefore, apparent that the stabilization of a
single phase is highly dependent on kinetics (as in Figure 11, Case A). The
number of reported multiphase materials is relatively low, which could be ev-
idence of kinetic stabilization of the simple crystal structure above more com-
plex intermetallics, but it could also partly be due to the under-reporting of
multi-phase films. The decomposition of the fcc phase with any type of heat-
ing (following Figure 11, high T or annealing) demonstrates the generally low
thermal stability of the coatings in this group. The refractory metals form more
thermally stable MCAs with a bce structure, which is expected. However,
while the higher bond strengths of these metals shift all the diffusion processes
to higher temperatures, there is no evidence that the core principles differ.

In the introduction, it was discussed how few equimolar alloys may possess
a thermodynamically stable single-phase region. The importance of this ob-
servation for sputter deposition can now be evaluated. Several alloys from the
literature review were selected and their equilibrium phases were calculated
using the CALPHAD method. It was found that some alloys that formed a
single fcc phase in the films, did not exhibit any temperature region where the
single phase was stable. A notable example was in the FeCoNiNb system,
where the fcc phase was predicted to be mixed with intermetallic phases at all
temperatures. In the coatings, a single fcc phase could be achieved at certain
process conditions and favored by, for example, increasing the target power
[85]. The same principles seem to apply to CoCrFeMnNiV [34],
CoCrCuFeNbNi [86], and CtNbTaTiW [57], once more emphasizing the im-
portance of kinetics in determining the phase composition.

6.1.4. The effect of the substrate on phase formation

In Paper I, all the CoCrFeMnNi coatings were deposited on amorphous Si
oxide substrates, and a single fcc phase was never observed within the ex-
plored parameter space. It was only when the alloy was deposited on other
types of substrates that a single phase was achieved. This is another kind of
kinetic stabilization. Figure 14 displays diffractograms of the Cantor alloy
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deposited on four different substrate materials. They were all deposited with-
out substrate heating and with a high substrate bias, meaning that the synthesis
was under kinetic control (Case A or Case B in Figure 11) but with enhanced
adatom mobility. The target power and working pressure were similar for all
the depositions, between 0.4-0.7 Pa and between 150 and 180 W.

The coatings deposited on SiO; and polyimide formed the same phases seen
in Section 6.1.1: a mixture of fcc and ¢ phase. The coatings on polycrystalline
316L stainless steel and 0001-oriented Al,Os, on the other hand, formed a sin-
gle fcc phase. This can be explained by epitaxial stabilization, which means
that the energy of nucleation of certain phases is lowered if there is a crystal-
lographic relationship to the underlying matrix.
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Figure 14. Diffractograms of CoCrFeMnNi coatings deposited under similar deposi-
tion conditions on different substrates. The data is from Paper I, Paper II, and Paper
V and unpublished material.

When growing on amorphous substrates, like SiO; or polyimide, no matching
is possible. They are neutral substrates. For 316L SS substrates, the crystal
structure of the coating and the substrate are the same. The coating can, there-
fore, grow by a simple cube-on-cube relationship. The lattice mismatch (in %)
is defined by

Qcoating —Asubstrate % 100 Eq 5

Asubstrate
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where acoating and asupstrate are the relevant lattice parameters. It is almost 0% for
the Cantor alloy on 316L (the reported bulk cell parameters of the two mate-
rials overlap). It is commonly accepted that coatings with a mismatch smaller
than 10 % can grow epitaxially [87]. The proposed relationship between the
(0001)-oriented Al,O3 and the Cantor alloy is described in refs [88,89]. The
lattice mismatch is higher in this case, 7.6 %, which should make epitaxial
growth less favorable since the coatings would be more strained. It was indeed
found that the formation of a single phase was more sensitive to changes in
the deposition conditions than when growing the coatings on 316L SS. For
example, a small change in the target-substrate distance or the angle between
the magnetrons was enough to case a shift to multi-phase formation.
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6.1.5. Depositing the Cantor alloy on stainless steel — a study of
surface energies, growth modes, and stacking faults

In this section, the growth of CoCrFeMnNi on polycrystalline stainless-steel
substrates was explored in greater detail. There were multiple motivations for
this study, the first being that steel is the substrate material for several of the
potential applications of these coatings, such as the bipolar plates in fuel cells
or electrolyzers. In lab-scale research, single crystalline substrates are most
often used since they are standardized and simplify the analysis. However,
considering how strongly the substrate affects the growth of the coatings, it is
important to use substrates more similar to the intended application already in
the early stages of materials design.

Commercial
SS316L

Figure 15. Methodology for studying the growth of coatings on polycrystalline stain-
less steel substrates. Adapted from Paper II.

The second motivation is understanding the effects of substrate orientation
on the coatings. Single crystalline substrates are usually available in a few
different crystal orientations (such as 100, 110, and 111), and the choice of
orientation can strongly affect the growth behavior of the coatings [90,91]. By
using a polycrystalline substrate with a near-random orientation of grains, the
trends relating to substrate orientation can be viewed more clearly and with
better statistics.

The methodology of the study is schematically shown in Figure 15 Poly-
crystalline steel substrates were first annealed to enlarge the grains to simplify
the analysis. They were then polished to achieve a smooth surface suitable for
EBSD analysis. The substrates were then analyzed with EBSD. After the coat-
ing experiments, the same area was analyzed with EBSD, making it possible
to compare the orientation of the coating relative to the individual substrate
grains. Multiple methods were then used to characterize the coating on differ-
ently oriented grains.
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Influence of substrate orientation on morphology and growth rate

The following section explores the effect of the orientation on the texture,
morphology, and growth rate. These results are from Paper 11, although some
additional unpublished results are also included. Figure 16 shows a top-view
SEM micrograph of a 500 nm thick Cantor alloy coating at a grain junction of
a polycrystalline 316L stainless steel. The substrate grain boundary is marked
with a dashed line, but it is clearly visible due to the distinct coating morphol-
ogy on the different grains, which varies from nanometer-scale rounded grains
to completely smooth.

Figure 16. Topview SEM micrograph of a coating of CoCrFeMnNi deposited on 316L
stainless steel, showing a grain junction between three different substrate grains. The
coating was deposited using a substrate bias of -100 V. Unpublished data.

These differences were studied systematically following the method shown in
Figure 15. In a preliminary study, the deposition temperature, working pres-
sure, target power, and substrate bias were varied. It was found that the sub-
strate bias had the greatest effect on the morphology. At a floating potential
(no bias), the coating grew with a columnar microstructure and the morphol-
ogy had no strong substrate dependence. With an increase in bias, the substrate
dependence was enhanced. The focus in this section will, therefore, be on the
coatings deposited with the highest applied bias: -100V.

Figure 17 (a) and (b) show EBSD maps of an area of the sample before and
after depositing a 500 nm thick CoCrFeMnNi coating. On most grains, the
detected orientation of the coating was the same as that of the underlying sub-
strate. This confirms that the coating grew with a strong epitaxial relationship
to the substrate. On certain grains, the orientation of the coating could not be
assigned, which then appears as a black pixel on the map. The thicker the
coating grew, the more areas with unassigned pixels were found. Furthermore,
they were found preferentially on blue, cyan, purple, and pink grains, meaning
that they had orientations close to [111]. The distribution of orientations can
be visualized using inverse pole figure (IPF) scatter plots. Figure 17 (¢) dis-
plays the orientations of the substrate and while Figure 17 (d) and (e) show
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the distribution of orientations in coatings deposited under the same conditions
but to different thicknesses: 100nm and 500 nm, respectively. The substrate
and the thinner coating displayed a near-random distribution of orientations.
However, at a thickness of 500 nm, orientations close to [111] and [001] were
missing from the scatter plot, confirming the observation that more unassigned
areas were found. The reason for this was later revealed to be the formation of
stacking fault structures, which is shown in the TEM studies in the next sec-
tion.

a) substrate

b) coating 500 nm
g -

e) coating
500 nm

101 1ol

Figure 17. a) EBSD of a 316L substrate prior to deposition, b) EBSD of the 500 nm
thick Cantor alloy coating deposited with -100 V substrate bias c) IPF scatter plot of
the substrate grain orientations, d) IPF scatter plot of a 100 nm thick and e) a 500 nm
thick Cantor alloy coating. Adapted from Paper I1.

Figure 18 displays top-view and cross-section band contrast images of the
CoCrFeMnNi coating deposited on [102]-adjacent and [111]-adjacent sub-
strate grains. On the [102]-adjacent grains, the coating was completely smooth
and appeared to be free of grain boundaries. The TKD image in Figure 18 (¢)
shows that the orientation of the coating was exactly the same as the substrate.
This means that, on the [102]-adjacent grains, the coating grew as perfectly
epitaxial single crystals. The single-crystalline sections of the coatings appear
to be as large as the substrate grains, which can be up to 100 pm in diameter.

On the [111]-adjacent substrate grains, the coatings had a completely dif-
ferent morphology. The grains appeared rounded in the top-view and were
found, with cross-section studied, to be columnar. TKD of the cross-section
sample showed that the substrate was [343]-orientated (i.e. [111]-adjacent).
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The coating had two distinct crystal orientations, intermixed in the whole coat-
ing [343] and [232]. Most of the coating could not be indexed with TKD.

[102]-adjacent [111]-adjacent

SEM

topview

Band contrast
cross-section

TKD

coating

substrate [343]

Figure 18. A CoCrFeMnNi coating on stainless steel deposited using -100 V on [102]
and [111]-adjacent substrate grains, depicted using a-b) top-view SEM c-d) cross-
section band contrast imaging (e-f) TKD. Adapted from Paper II.

The samples were also mapped using profilometry, which revealed that the
thickness of the coatings varied by about 10% over the surface. To examine if
the effect was related to the substrate orientation, the heights on different
grains were displayed in an inverse pole figure scatter plot, shown in Figure
19(a). A clear trend could then be seen. The thinnest and thickest part of the
coatings were found on the [111] and [102]-adjacent grains, respectively.

50



o (a) Coating thickness (b) Surface energy of fcc Ni

ool

~ | 450
z 4 -
£ < [Hi400

oo

= £ Mlizso
i3 =
_g g 1300
g < 1250
o w
= 1200
o
o

102

102
i

Figure 19. Inverse pole figure scatter plots showing (a) the relative thickness of the
coating on different orientations and (b) the surface energy of Ni (data from ref [92])
The figure is adapted from Paper II.

In the literature, the morphology of magnetron sputtered coatings is usually
described based on structure zone models, SZMs (see e.g. ref. [93]), where the
microstructure is assumed to be dependent on the deposition temperature,
pressure, and/or ion bombardment. These parameters influence the surface
diffusion rate of adsorbed atoms, and therefore, the final microstructure. The
results in Paper II, however, show that completely different microstructures
can be obtained from the same deposition on different grains. This means that
the typical SZM cannot be applied to explain the growth behavior on some
substrates.

The texture development during magnetron sputtering is often described as
a competition between atomic planes with different surface energies (see e.g.
ref [94]). These models, however, can only be applied to neutral substrates,
i.e. substrates not influencing the growth. Furthermore, to apply this model,
the regions with competing orientations have to be small (nanometer-scale
[95]), allowing diffusion of atoms between them. This is obviously not the
case in the present study, where the regions with different orientations are in
the order of 10-100 pum.

The reason behind the large differences in morphology and growth rate ob-
served in Paper II has not yet been fully identified. It would require funda-
mental knowledge of the surface reactions on each of the crystal orientations
and, to our knowledge, this has not been well-studied for the growth of either
pure fcc metals or fcc alloys. However, a possible mechanism was proposed.
The most interesting clue is displayed in Figure 19(b). Here, the surface ener-
gies of an fcc metal (Ni) were visualized in an IPF scatter plot. There appears
to be a connection between the surface energies and the trends in morphology
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and growth rate. Firstly, the large, epitaxial grains in Figure 18 were formed
on the grains with the highest surface energy, while the columnar growth of
more randomly oriented crystallites was observed on grains with the lowest
surface energy. Secondly, there was a remarkably similar trend between the
coating thickness and the surface energy (Compare Figure 19(a) and (b)). It
appears that the coating thickness and the surface energy increased in the same
order, from [111]to [102]. The dependence was not linear, as can be seen from
the color scale bars.

Several explanations were considered relating the surface energies to, for
example, the sticking coefficient [96,97] or the re-sputtering rate [98]. How-
ever, in each case, no evidence could be found that this effect was dominating
or that it should result in the trends shown above. It was also considered that
the rougher surface could increase the re-sputtering on [111]-adjacent grains,
leading to a thinning of the coating on these grains [99]. This does, however,
not explain why the morphologies differed in the first place.

Figure 20. Schematic image of ideal surfaces of the fcc phase in different orientations.
The surfaces from 111 to 102 have increasing surface energies and decreasing widths
of the 111-like terraces.

The most plausible hypothesis for the difference in morphology is related
to the surface structures on different crystal orientations. It has been predicted
through theoretical methods that the adatom diffusion should be most rapid on
the low energy (111)-surface, and slower on the higher energy surfaces
[100,101]. This is related to the density of step edges. In Figure 20, ideal mod-
els of the surfaces of the different orientations are displayed. The (111)-sur-
face is perfectly smooth, as it consists of a close-packed plane. Surfaces close
to (111) can be seen as tilted (111)-terraces separated by surface steps. These
are known as vicinal (111) surfaces. When moving from (111) to (102), the
terrace width decreases, meaning that the density of steps increases. This
change is important because it has been shown that the presence of step edges
is crucial in the nucleation and growth process. Atoms can more easily stick
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to an edge position. On surfaces with many steps, the atoms will therefore stay
closer to where they land. This means that the coating can more easily grow
layer-by-layer, also known as 2D growth. It has been shown experimentally
that surfaces with steps more easily lead to the growth of large, epitaxial single
crystals [102]. The atoms arriving at the (111) surfacer, on the other hand, can
diffuse over longer distances. This allows for clustering and changes the
growth mode to a 3D or island growth.

Influence of substrate orientation on stacking fault structures

As discussed in the introduction, one of the interesting features of the Cantor
alloy is that it has a relatively low stacking fault energy. This means that it can
easily form twin boundaries. Twinning has been reported in the literature to
be the primary deformation mode at low temperatures, making the Cantor al-
loy one of the toughest alloys at cryogenic temperatures [41]. In bulk
CoCrFeMnNi, twins form under stress when the alloy is deformed. In magne-
tron sputtered coatings, however, twins can be present already in the as-de-
posited coatings. In this section, the influence of the substrate on the formation
of stacking faults will be explored. The results in this section are unpublished
and will be complemented with further TEM investigation and theoretical
work in a future paper.

Cantor alloy coating Ni coating

Crystal orientation

©3 twins

Figure 21. Maps showing the orientation of the fcc crystal grains and X3 twins in
CoCrFeMnNi coatings deposited to a thickness of 100 nm and 500 nm, respectively,
as well as a coating of pure Ni deposited to a thickness of 500 nm under the same
conditions. Unpublished data.

The previous study of the EBSD maps (in Figure 17) showed that there
were areas where the coating could not be fully indexed. Using the same data,
maps were generated highlighting the interphases between grains that had a
60° rotation in the 111 planes. This rotation means that the two adjacent
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crystals are crystallographic twins, specifically £3 twins. Figure 21 displays
such maps for Cantor alloy coatings deposited to two different thicknesses:
100 and 500 nm and a pure Ni coating deposited to a thickness of 500 nm
under the same deposition conditions. Some of the grain boundaries of the
substrate in all three samples were found to have this twinning relationship. In
the Cantor alloy coatings, twins were also found in the coating. The areas of
the coatings that had poor indexing in EBSD (low hit rate) also had a high
density of £3 twins. As shown in Figure 17, there was a larger number of areas
with a low hit rate in the thicker coating. This was reflected in an increased
number of twins. In the pure Ni sample, there were almost no regions with
low hit rate, and accordingly, no £3 twins were seen except for in between the
substrate grains. The higher density of X3 {111} twins in the Cantor alloys
compared to Ni can be explained by the lower stacking fault energy of the
alloy. The energies are 125 J/m? for Ni [43] and 21 mJ/m? for the Cantor alloy
[45].

The coatings were then studied using 4D-STEM. Figure 22(b) shows the
diffraction patterns found in the substrate and the coating on a single [111]-
adjacent substrate grain. The substrate was easily identified as pure fcc, while
in the coating, different patterns were found at different distances from the
substrate. The thickness dependence will be discussed later. For now, it can
be concluded that the patterns can be identified as fcc with different stacking
fault structures. The different stackings are depicted in Figure 22 (a).

Part of the coating was “perfect” fcc meaning that it did not have a high
density of stacking faults. A streaking (blurring in one direction) of the dif-
fraction pattern was found in part of the coating. This is evidence of a high
density of intrinsic stacking faults (e.g. ABCABABCABC). The disordered
stacking fault could be observed with high-resolution TEM (see Figure 22
(d)).

There were also two different ordered stacking fault structures, which gave
rise to additional spots rather than streaking. The two structures could be sep-
arated since the additional spots had different intensities, as can be seen in the
integrated patterns in Figure 22(b). Part of the coating was dominated by twin-
ning, which is when the order in stacking is reversed (e.g. ABCABCBACBA).
Another part of the coating was identified as a mixture of fcc and the more
complex 9R structure. 9R can be described as a stacking fault in every third
plane (ABCABCBCACABCABC).

The 9R structure has been observed previously in magnetron sputtered fcc
metals and alloys [103], including a high entropy alloy [104]. Their formation
can be explained by the presence of the £3{111} twin boundaries which are
truncated by short £3 {112} incoherent twin boundaries (ITBs) [105]. The X3
{112} ITBs can be described as partial Shockley dislocations giving rise to an
ordered stacking sequence of 9R. The formation of such 9R stacking se-
quences is facilitated by stress [105].
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Figure 22. (a) Schematic images of different stacking structures (layers A, B, and C
are the closed-packed 111-planes), (b) electron diffraction patterns acquired with 4D
STEM from different regions of a Cantor alloy coating on a single [111]-adjacent
substrate grain, (c) integrated intensities from the blue areas of the diffraction pat-
terns in (b), and (d) high-resolution TEM images of two areas dominated by disor-
dered stacking faults and fcc with 9R regions, respectively. The thickness marked with
a black arrow consists of two repeated 9R sequences and stretches between two col-
umn boundaries in the coating. Unpublished data.
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The width of the 9R region has been estimated for other metals. In Ag, for
example, it was found to be only about 1 nm [105]. Our results, however,
showed that the 9R regions were considerably broader in the coatings. This
can be seen in Figure 22 (d), where the 9R region was more than 10 nm in
width. The 9R regions often extended over an entire column (10-20 nm). The
reason for such an extensive formation of ordered stacking fault structures is
unclear, but calculations with density functional theory (DFT) are on-going to
determine the stability of a 9R structure compared to fcc.

The maps in Figure 21 showed that the prevalence of nanotwins was higher
on the [111]-adjacent grains. It also showed that the number of orientations
with twins increased as the coating grew. Figure 23 clarifies the orientation
dependence. TEM images recorded with a high-angle annular dark field
(HAADF) detector and the integrated diffraction patterns from different layers
of the coatings are displayed for three orientations: [102], [314], and [223] (a
[111]-adjacent orientation).

The [102]-oriented grain had no features that could be seen in the micro-
graph, such as grains or columns, and the patterns of the grain and the coating
were almost perfectly overlapping. This means that the entire coating con-
sisted of fcc with no stacking faults. On the [314]-oriented grain, the first 70
nm of the coating were “perfect” fcc. The next layer was also around 70 nm
and consisted of fcc mixed with the 9R structure. The rest of the layer was
dominated by twinning. On the [223]-oriented grain, there was no “perfect”
fcc layer. The coating closest to the substrate consisted of fcc and 9R, followed
by two layers dominated by twinning and stacking faults, respectively.

This type of study was performed in TEM for many grains with different
orientations. It was found that the layers with different stacking fault structures
were found in the same order from the substrate to the surface: the pure fcc
layer, when present, was always found closest to the substrate, followed by
layers dominated by 9R, twinning, and finally stacking faults. Not all layers
were found on all grains, and the different structures were often intermixed.

To clarify the orientation dependence with better statistics, the thickness of
the first coating layer (fcc) is presented in a pole figure scatter plot in Figure
23(c). On the orientations close to [102] and [101], the fcc layer was around
500 nm, meaning that the whole coating was fcc. When moving toward [111]
in the IPF, the stacking fault structures initiated closer to the substrate. On
certain [111]-adjacent orientations, such as the [223]-oriented grain depicted
in Figure 23, no fcc layer was present.

The reason behind this trend has not yet been established. A possible ex-
planation is that the nanocrystalline, columnar morphology of the [111]-adja-
cent coatings promotes the initiation of stacking faults and, consequently, 9R
stacking. Another reason could be that there was an increasing strain with the
coating thickness and that the strain evolution is different depending on the
crystal orientation. This will be further explored in the ongoing study.
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Figure 23. (a) HAADF images and (b) integrated diffraction patterns of the Cantor
alloy coating on three substrate grains. (c) inverse pole figure scatter plot displaying
the thickness of the fcc layer in the coating on a number of substrate grains with dif-
ferent orientations. The crosses represent orientations where the stacking fault struc-
tures reached the substrate so the fcc layer thickness was zero. Unpublished data.
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Implications of the substrate dependence on coating properties

To conclude, the study of the Cantor alloy showed that the orientation of the
substrate strongly affects the growth mode, the morphology, the deposition
rate, and the density and type of stacking faults in the coatings. In planned
future studies, the effects of these features on the coating properties will be
explored. Tensile tests will be used to study the ductility of the coatings, map-
ping with nanoindentation to investigate the hardness, and electrochemical
studies to explore the corrosion mechanisms and quantify the corrosion rates.
This could have important implications for the applications of HEAs and other
fce alloys deposited on stainless steel. The orientation distribution of a steel
component can, to some extent, be tuned by parameters during forming and
post-annealing. If the substrate-coating interactions are considered, the sub-
strate texture could be used to, for example, lower the overall corrosion rates
or increase the crack resistance of a component.

A preliminary corrosion study was performed on the samples deposited
with -100 V bias on 316L. The samples were corroded rapidly by applying a
potential of 1 V vs Ag/AgCl in a 0.5 M H,SO4 solution. This is in the trans-
passive region, where Cr, which usually protects the alloy by forming a pas-
sivation oxide layer, forms soluble species. It was observed that the coating
dissolved more rapidly on some of the grains, which was attributed to the
rough morphology. It would be interesting to study these materials with local-
ized electrochemical techniques to measure the electrochemical response of
the coating on each grain.

Figure 24. SEM micrograph of a CoCrFeMnNi coating on a 316L substrate after
polarization to 1 V for 3 hours in 0.5 M H:SOy. The coating was fully dissolved only
on some of the substrate grains. Unpublished data.
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6.2. Synthesis of amorphous multicomponent alloys

In Paper 111, two four-component systems, CrFeNiTa and CrFeNiW were in-
vestigated. The calculated phase fractions of four selected alloy compositions
are presented in Figure 25. They are the alloys with the lowest and highest
concentrations of Ta and W, respectively, included in the study. Contrary to
the calculations on the Cantor alloy (shown in Figure 3 (a)), no single-phase
region was predicted for these alloy systems. Instead, the alloys were pre-
dicted to form phase mixtures with both solid solutions and intermetallic
phases, with severe segregation of the elements. Additional calculations
showed that the fcc phase can dissolve at most around 6 at% Ta or W. The bcc
phase can dissolve 4 at% Ta and 10 at% W. The synthesis of these alloys at
high temperatures, such as traditional melting and casting, would, therefore,
lead to phase separation.
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Figure 25. Calculated phase fraction diagrams of alloys in the CrFeNiTa and
CrFeNiW systems, with Ta and W concentrations reflecting the highest and lowest
concentrations found in the samples. Adapted from Paper II1.

When depositing coatings in these materials systems, all the alloys in the
composition range suppressed the formation of multiple phases. The diffrac-
tion study of the coatings is found in Paper III. Only one alloy formed a crys-
talline material. It was the alloy with 13 at% W, which was identified as a
single fcc phase. All the remaining alloys formed, instead, a single amorphous
phase. Electron diffraction in the TEM was performed on two selected sam-
ples (with 25 % Ta and 25% W) to rule out the presence of small crystallites.
The morphology of the coatings was completely smooth and featureless, with
no columns or grain boundaries found in SEM and STEM. Elemental maps

59



measured by EDS in TEM showed that the amorphous phase was also com-
pletely homogenous down to the nanometer scale.

There is only one report in the literature of X-ray amorphous CoCrFeMnNi,
which was, furthermore, revealed with TEM to be partially nanocrystalline
[106]. The reason why CrFeNiTa and CrFeNiW can form amorphous coatings
more easily can be explained by several factors that favor the glass formation
ability (GFA). A higher atomic size mismatch, 5, and a smaller enthalpy of
mixing, AHmix, promotes a higher GFA, as explained in Section 3.1.2. For
equimolar CoCrFeMnNi, 6=0.92 and AHpmix = -4.1 kJ/mol which, according to
Zhang et al. [26], is within the ranges for single-phase crystalline alloys. The
values for the CrFeNiTa and CrFeNiW systems vary with the composition as
illustrated in Figure 26. § increased with the addition of both W and T, while
AHpix increased with added W and decreased with added Ta. The Ta concen-
trations of the alloys in this study were between 11 and 25 at%, meaning that
the o value of the Ta series varied between 5.0 and 6.7 while AHuix was be-
tween -10 and -15 kJ/mol. The alloys in the CrFeNiW system had W concen-
etrations between 13 and 45 at%, so 6 was between 3.9 and 5.4, while AHmix
was between -3.7 and -2.0 kJ/mol.

CrFeNi + W
CrFeNi + Ta

= = = Equimolar CoCrFeMnNi

N oW R~ ®

AH, . (kJ/mol)
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Figure 26. Parameters 6 and AH,i for the alloy CrFeNi with the addition of either
Ta or W. The red dashed line is the value for equimolar CoCrFeMnNi. 6 and AH yix
were calculated using equations 2 and 3, respectively, and values from ref[107] and
ref [108], respectively. Adapted from Paper I11.

Based on the classification by Zhang et al [26], the alloys in the CrFeNiTa
system would be amorphous, while the CrFeNiW alloys fall in the regime of
single-phase or ordered solid solutions. This explains why it was easier to
form a crystalline alloy for the lowest W content. The formation of amorphous
CrFeNiW at higher W concentrations is not unexpected. The cooling can be
more rapid during magnetron sputtering at room temperature than for the
methods used to produce bulk metallic glasses. Since the cooling rate is a lim-
iting factor for glass formation, this would lead to a shift of the boundaries to
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include lower d values and higher AH values. There are also other factors that
favor amorphization that are not necessarily captured by the criteria by Zhang
et al. The use of AHmix as a predictor for glass formation is justified by the
fact that it captures the range where the metals interact strongly enough to mix
easily but not so strongly that they form stable intermetallics [26]. However,
while the AHyuix of the binaries Cr-W, Fe-W, and Ni-W are all close to zero
and similar to the binaries of the Cantor alloy, the enthalpies of formation,
AHjy, of the binary compounds are considerably more negative [17]. This is
reflected in the calculated phase fraction diagrams shown in Figure 25; the
alloys have multiple stable intermetallic phases. This is further confirmed by
studying the binary and ternary subsystems of CrFeNiW. At least two inter-
metallic phases with W exist in each of the Fe-W, Ni-W, Cr-Fe-W, and Fe-
Ni-W subsystems. The existence of multiple intermetallics has been discussed
as another predictor for glass formation. The glass-forming compositions of
alloys are often found in the space between two intermetallics, where diffusion
of elements into different domains is necessary for crystallization [109,110].
This is, for example, true for the glass forming alloy presented in Figure 3(c).
This principle, combined with a low of solubility of W in the solid solution
phases of the CrFeNi alloy, means that crystallization should be relatively easy
to suppress.

6. 3. Adding carbon to multicomponent alloys

Carbon was added to modify the equimolar alloy CoCrFeMnNi and the near-
equimolar alloy Crz7Fe»7NixTazo (henceforth referred to as CrFeNiTa for sim-
plicity) to improve their mechanical properties and corrosion resistance. In the
following sections, the synthesis of the modified materials will be explored.
First, thermodynamic calculation will be used to predict the equilibrium
phases of the alloys at different carbon concentrations. The results from the
kinetically controlled synthesis will then be presented. The results are mainly
from Paper VII, although some conclusions from Papers IV and V are in-
cluded as well.

6.3.1. Thermodynamic calculations

Figure 27 shows the stable phases found at 500 °C at equilibrium for the two
alloy systems, as a function of the carbon content. Due to the large number of
phases, the diagram has been simplified by categorizing them into alloys (solid
solutions and intermetallics), Cr-rich carbides, Ta-rich carbides, and graphite.

At higher temperatures, a small amount of carbon (~1 at% at 1200°C) was
predicted to dissolve into the single fcc phase CoCrFeMnNi. This has been
confirmed experimentally for CoCrFeMnNi [55,111]. At 500 °C, however, no
carbon can be dissolved in either of the systems. The carbon should, instead,
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form separate metal carbide phases. The mixed Cr-rich carbides M23Cs, M7Cs,
and Cr,C; were found in both systems. TaC was also present in the CrFeNiTa
system. At even higher carbon contents, a graphite phase was expected to
form. Since the metal carbide phases were enriched in the stronger carbide-
forming elements Cr and Ta, the alloy phases were depleted of the two metals.
The depletion increased with the carbon concentration.
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Figure 27. Phase fraction diagrams from CALPHAD thermodynamic calculations at
500°C on (a) the equimolar CoCrFeMnNi system and (b) the near-equimolar CrFeN-
iTa system with up to 50 at% carbon. To simplify the diagrams, the alloy phases and
the Cr-rich carbides were grouped. The alloy phases include fcc, bee, o phase, C14
Laves, and NisTa. The Cr-rich carbides are M>;Cs, M;Cs and M3C,. Adapted from
Paper VII.

Based on these predictions, the carbon-containing materials would not be
expected to possess the desired properties when manufactured via high-tem-
perature syntheses, such as melting and casting. The depletion of Cr and Ta
from the alloy phase could lead to areas where a stable passive layer cannot
be formed, and the formation of carbide precipitates could make the material
harder but would simultaneously lead to embrittlement. Similar results have
been reported for the studies of the CoCrFeMnNiC system as a bulk material;
the carbon increases the hardness and can also improve the corrosion re-
sistance up to a very limited concentration. Above 1 at.% C the formation of
the carbide phase causes both embrittlement and increased pitting corrosion
[54,55]. The success of this design approach relies on the ability of sputter
deposition to create materials far from thermodynamic equilibrium.

6.3.2. Amorphization and formation of composite coatings

The CoCrFeMnNi alloy was modified with between 6 and 49 at% carbon,
while CrFeNiTa alloys were modified with between 22 and 44 at% carbon.
All the coatings with added carbon were X-ray amorphous, and the amorphous
structure was also confirmed with electron diffraction for CoCrFeMnNi with
11 and 49 at% carbon and CrFeNiTa with 22 and 44 at% carbon, ruling out

62



the presence of nanocrystallites. The carbon-free CoCrFeMnNi alloy was
nanocrystalline and contained both an fcc and a y phase, as explained in Sec-
tion 6.1.1., while the CrFeNiTa alloy was amorphous even without carbon
addition.

The formation of amorphous materials when adding carbon to sputtered
metallic coatings is a well-known phenomenon [59]. To form these materials,
crystallization must be avoided by, for example, rapid quenching from the
melt or, in this case, through synthesis at low temperatures. With magnetron
sputtering, the maximum solubility in alloys can be exceeded as supersatu-
rated solutions of carbon can be formed by kinetic stabilization [56]. Amor-
phization typically occurs at an even higher carbon concentration, as the en-
ergy cost of dissolving more carbon increases, while the low mobility of the
atoms suppresses the formation of the more complex crystalline carbides. In
alloys, increasing the concentration of weak carbide-formers can progres-
sively shift the amorphization to lower carbon contents [112]. In this case, the
stronger carbide formers Cr and Ta were alloyed with very weak carbide for-
mers Fe, Co, and Ni, which should promote the formation of amorphous ma-
terials. The chemical environment of the carbon was studied with XPS. It was
found that the addition of carbon resulted in two phase-formation regimes.

The single-phase amorphous regime

At lower carbon contents, the carbon was fully incorporated into the amor-
phous alloy. The materials also appeared completely homogenous. One of the
fundamental questions surrounding these materials systems was if the metallic
elements would tend to segregate when carbon was added, due to the widely
different carbon affinities, or if the carbon would be found bonded only to
some of the metals. This was studied in-depth for the CoCrFeMnNi(C) system
in Paper IV, using a combination of synchrotron techniques and TEM. It was
found that all the metals were affected by the presence of carbon, even Ni and
Co, which have very low carbon-affinities. The Ni, for example, displayed a
less metallic environment when carbon was present. Furthermore, evidence
was found that the segregation of elements did not increase with increasing
carbon content.

The mechanical and electrochemical properties of the coatings were stud-
ied in depth in Paper V and Paper VI, to test whether the change from crystal-
line to amorphous, as well as the incorporation of more carbon into the amor-
phous phase, could improve the corrosion resistance and crack resistance.

The two-phase nanocomposite regime

At higher carbon contents, the carbon was, additionally, found as a segregated
carbon-rich phase. This is displayed in Figure 28(a) and (b), where core-level
Cls spectra from the two materials systems with around 20 — 50 at% carbon
are presented. In all the samples, the lowest contributing peak was found at
282.9 - 283.1 eV, which is a typical binding energy for C-Me in the carbides
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of the alloying elements and amorphous metal-carbon materials of similar
composition [58,113,114]. At higher carbon contents, several peaks were
found that corresponded to sp* and sp® hybridized C in a C-rich environment
[115,116]. The sp® contribution was only around 20 % of the C-C signal,
which means that the short-range order of the carbon phase was similar to
graphite. The XRD analysis, however, showed no indication of a graphite
phase and this phase is therefore in the following described as amorphous free
carbon (a-C).

(2) CoCrFeMnNi + C gradient (b) CrFeNiTa+ C gradient
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Figure 28. Results from XPS studies showing the Cls spectra of selected samples from
(a) the CoCrFeMnNi system and (b) the CrFeNiTa system with added carbon,
including an example of the fitted peaks. (c) shows the fraction of C-C carbon for each
of the sample series while (d) shows the fraction of carbon found as graphite in the
CALPHAD calculations at 500 °C. Adapted from Paper VII.

The existence of a segregated graphite phase above a certain carbon concen-
tration was predicted with CALPHAD. The fraction of carbon found in the
graphite phase at equilibrium is presented as a function of the carbon content
in Figure 28(d). This can be compared to the experimentally determined frac-
tion of a-C in Figure 28(c). The two graphs show the same trend: a free carbon
phase was present from around 25 at% C in the CoCrFeMnNi system and
around 30 at% C in the CrFeNiTa. (A baseline fraction of 0.1 was found
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experimentally for all samples, regardless of the carbon content, and it was
attributed to carbon contamination.) The amount of free carbon then increased
linearly with the carbon content. For the same carbon concentration, more free
carbon was present in the CoCrFeMnNi system than in CrFeNiTa. In other
words, more carbon could be incorporated into the CrFeNiTa metal-rich
phase. This should be expected since the average carbon affinity is higher in
the CrFeNiTa alloy and the Ta forms more stable carbides than any of the
other elements. The good agreement between the calculated and measured
carbon phase is an example of how thermodynamic calculations are useful for
understanding and predicting the phase formation in amorphous coatings,
even though they are non-equilibrium materials.

The distribution of the carbon phase was observed through TEM studies,
as shown in Figure 29. The a-C was visible in the TEM images and the EDS
maps as a clustering around the grains of the carbon-containing alloy phase.
The granular structure was more pronounced for the CoCrFeMnNi system.
This microstructure was similar to other amorphous carbon-containing coat-
ings based on transition metals [113,117]. These materials can be described as
alloy/a-C composite materials and are expected to possess properties that are
dependent on the individual traits of each phase. This was studied in Paper
VIIL

(a) CoCrFeMnNi + 49 at% C (b) CrFeNiTa + 45 at% C

STEM BF

Chemical composition (at%)

Figure 29. Top-view TEM studies of (a) CoCrFeMnNi with 49 at% C and (b) CrFeN-
iTa with 45 at% C showing the morphology with high-resolution TEM imaging (over-
view and a highly magnified image), the amorphous halos in the SAED, and elemental
maps recorded with EDS. Adapted from Paper VII.
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Chapter 7. Tuning the properties of
multicomponent materials

7.1. Designing corrosion resistant alloys

In this section, principles of designing corrosion resistant alloys will be ex-
plored theoretically and experimentally. First, the well-studied principles for
designing corrosion resistant binary alloys will be reviewed. Then, experi-
ments will be used to study the use and limitations of these principles when
applied to multicomponent alloy compositions.

7.1.1. Passivation of metals and alloys

Almost every metal is found in nature in its oxidized form, and so the process
of extracting a metal from the ore involves reducing it to its metallic state.
Once reduced, the metals react spontaneously with the oxygen in air and water
and immediately begin the process of returning to their oxidized states. The
reason why metals can be used as engineering materials is that in most cases,
this process is extremely slow. This is because of a self-protective mechanism:
a type of kinetic control called passivation.

Passivation is when corrosion products are formed on the surface of a
metal, usually in the form of metal oxides or hydroxides, and serve as a barrier,
lowering the oxidation rate of the metal [118]. The nature of this layer is char-
acteristic of the combination of a metal and an environment, and not all com-
binations form sufficiently stable passive layers. In alloys, a single element
with superior passivating abilities can protect the rest of the material. The most
well-known example is stainless steel, where the more soluble iron oxide
(rust) fails to protect the steel in many acidic environments. By adding enough
Cr (what "enough" means in this context will be explained later) a Cr-rich
oxide forms on the entire surface of the material when the Fe oxide is dis-
solved [39].

Even when the metal is passivated, the oxidation continues, although the
rates are typically several orders of magnitude lower than for the unprotected
surface. Passivation is a dynamic process that causes the suppression of the
redox reaction by the separation of the metal from the electrolyte with a layer
of metal oxide. Once passivated, the corrosion reactions reach a steady-state.
The rate of corrosion then depends on the balance of reactions seen in Figure
30: the oxidation at the metal/oxide interphase, the dissolution at the
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oxide/solution interphase, and the migration of metal and oxygen ions through
the oxide layer [118].
Alloy Oxide Electrolyte

dissolution
z+

migration
o~

+
M2y

oxidation

Figure 30. Processes that determine the corrosion rate of a passivated metal: the ox-
idation of the metal at the metal-oxide interphase, the migration of metal and oxygen
ions through the oxide, and the dissolution of the oxide by the electrolyte. Observe
that the oxidation and dissolution processes are not displayed as balanced chemical
reactions, but only express the change in the predominant chemical species.

This balance of reactions is sensitive to changes in the alloy composition and
microstructure, as well as in the environment. There are, therefore, many mod-
ifications that can be used to tune the resistance of alloys to specific environ-
ments and lower the corrosion rates of already-passive alloys. This type of
subtler improvement is the topic of Section 7.3., which describes what hap-
pens when carbon was added to the alloys. In Section 7.1., however, the sci-
entific question is more blunt; the only concern is whether the alloys can form
a passive layer or not.

7.1.2. Using a percolation model to design passivating alloys

Stainless steels are some of the best-known examples of alloys where one al-
loying element is responsible for the passivation. In stainless steels, it is the
less soluble Cr oxide that remains on the surface when the more soluble Fe
oxide is dissolved. Stainless steel was discovered in 1911 when Philip Mon-
nartz found that steels became resistant to acids if they contained at least 12
at% Cr [119]. This was an empirical finding, and it was only later that a theo-
retical framework was applied to understand the origin of this value.

In 1986, Sieradzki and Newman connected the critical value to the mathe-
matical concept of percolation [120]. Percolation theory (developed by Broad-
bent and Hammarsly in 1957 [121]) describes the connectivity in a lattice
where the sites can be either open or closed. An open site can connect to its
neighbors, a closed site is isolated from the network. Percolation theory in its
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simplest form answers the following question: for a lattice with a random dis-
tribution of open and closed sites, what fraction of sites (p) need to be open
for there to exist an interconnected network that spans the entire lattice? The
answer is in the form of a probability. Below a certain fraction, the probability
of finding such a network is zero; only smaller, disconnected clusters can
form. Above a certain fraction, the probability is one. Between these extremes,
there is a critical fraction or percentage, p., called the percolation threshold.
pc depends on the lattice in question. It also depends on whether the open sites
can connect only to their nearest neighbors (1 NN) or if the connection ex-
tends to the 2" or 3 NN, etc [122].

This principle can easily be tested and visualized through a rudimentary
Monte Carlo simulation starting in two dimensions. A simple cubic lattice was
filled with a random distribution of closed and open sites (they were simply
represented by ones or zeros in a 2D matrix). A script was then written in
Matlab that searched for percolating clusters, given that each open site was
allowed to connect only with its 1* NN. A percolating cluster was defined as
a cluster that connected the top and bottom edges of the matrix. Three such
experiments are displayed in the first row in Figure 31, showing one experi-
ment below, one above, and one exactly at the percolation threshold p. [122].
The dots represent the sites, the dark blue dots are closed sites, the yellow dots
are open sites, and the green dots are sites belonging to the percolating cluster.
At p = 55 %, there was nearly zero probability of clustering. At p = 60 %,
small clusters formed in some of the experiments. At p = 65 %, large clusters
formed in almost every experiment.

The same type of simulation was performed in three dimensions on a sim-
ple cubic lattice considering only 1% NN, and finally, a face-centered cubic
(fcc) lattice with connectivity up to 2™ NN (more relevant to the experiments
in this work). For the 3D lattices, percolation was defined as the existence of
a cluster that reached the top and bottom surfaces of the matrix. The results of
some of these experiments are also presented in Figure 31.

Repeated experiments were then performed for the three lattices for p=10 -
100 %, using 0.1 % steps and 100 randomly generated lattices for each step.
Slightly larger lattices were used to achieve better statistics. Based on these
experiments, the probability of finding a percolating cluster is presented as a
function of p (Figure 31, bottom right). In this graph, the critical nature of
percolation becomes apparent. Below pc, which is found at the inflection point
of each curve, the percolation probability quickly decreases to zero. Above p.,
it rises sharply. In these experiments, p. was found to be 14, 30, and 60 %, for
the fce, simple cubic, and square lattice, respectively. These were close to the
values given in ref [122], which were originally determined with similar
Monte Carlo experiments [123].
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Figure 31. Percolation simulations performed on a square lattice, a simple cubic lat-
tice, and a face centered cubic lattice. The size and connectivity are specified for each
lattice. In the lower right corner is a percolation probability diagram which is the
results of repeated percolation experiments with p from 0 to 1. Unpublished results.

When simulating the passivation process in an alloy, the lattice represents
the crystal lattice, and the sites are the atoms. Open sites are usually defined
as the atoms of the passivating element, e.g., Cr in stainless steel. The maxi-
mum separation between open sites is based on the simple assumption that
two Cr atoms are connected if they are close enough to be bridged with a Cr-
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O-Cr bond. This distance can be derived from ionic radii data [124]. For a
random distribution of Cr in austenitic stainless steel, this means that Cr can
bridge to their 1% and 2" NN, but not to their 3". The passivation of austenitic
steel is thus represented by the simulation of the fcc lattice in Figure 31. The
calculated p. of 14 % is an estimate of the minimum concentration of Cr
needed to passivate the steel. This is because, above pc, Cr can form a contin-
uous oxide network that cannot be removed by dissolving the Fe (and Ni) that
surrounds it.

Since the percolation model was first proposed, it has been refined to de-
scribe the corrosion process more realistically. p. is only the minimum Cr con-
centration that is necessary to form a network. But for Cr oxide to cover the
surface of an alloy with exactly 14 at% Cr, the non-passivating element (Fe,
Ni, etc.) would have to dissolve to a depth of thousands of monolayers. Xie et
al. [124] have, therefore, proposed to calculate a new passivation threshold
that sets an upper limit for the number of dissolved atomic layers. The pas-
sivation threshold is then given by

[M]passivation =pct (h/c)—1.139 Eq. 6

where p. is the percolation threshold expressed as a fraction, h is the number
of layers, and c is a constant of order unity. The derivation of this relationship
is described in detail in ref [125].

While the model has been successful in predicting the passivation thresh-
olds of multiple alloys, it is obviously an extremely simplified description of
the corrosion process. The diffusion of atoms both inside the alloy and on the
surface is assumed to be non-existent, passivation by precipitation of corro-
sion products is not considered, and it offers no clue as to which elements can
be passivating in the first place. Nevertheless, it is a necessary theoretical
framework for understanding why the passivation thresholds vary for different
alloys. It can also provide a background to why certain material characteris-
tics, like elemental fluctuations or a high surface area, make it more difficult
to achieve stable passivation.

The following method is therefore proposed to predict the passivating abil-
ity of a new alloy:

1. Use Pourbaix diagrams to find the range of pH and potential where
an element exists as solid oxidation products at equilibrium

2. Use studies of the single element in the relevant electrolyte to find
if the oxide in question has sufficient stability to be considered pas-
sive

3. Calculate the passivation threshold with percolation theory to find
the minimum concentration of the passivating element(s) in the
new alloy
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7.1.3 Multicomponent alloys with a single passivating element

The first alloy studied in this work was the Cantor alloy, CoCrFeMnNi. In
acidic environments and at potentials between -0.4 and 0.9 V vs Ag/AgCl, Cr
is the only element that is expected to form a passive oxide [126]. Based on
the proposed theory above, CoCrFeMnNi with an fcc lattice (ccp structure)
should therefore have the same percolation threshold as austenitic stainless
steel, around 14 at% Cr. An equimolar composition with 20 at% Cr would
(according to Eq. 6) then limit the dissolution of the other metals to around 10
monolayers when the oxide is first formed, or when it repassivates after rup-
turing.

The corrosion behavior of bulk CoCrFeMnNi has been studied previously,
and it is indeed comparable to austenitic stainless steel [40,127]. The same
was found to be true for the CoCrFeMnNi coatings in this work. Figure 32
shows polarization curves of a CoCrFeMnNi alloy (deposited with no heating
and -100 V bias), compared to a bulk sample of a hyper-duplex stainless steel.
Both alloys formed a passive layer shortly after Ecor, although CoCrFeMnNi
also displayed an active peak, meaning that the passivation process was slower
for this sample. Both alloys then remained in a passivated state until reaching
0.9 V vs Ag/AgCl. This is the transpassive potential, where Cr oxidizes and
forms soluble Cr(VI) species. This led to the rapid oxidation and dissolution
of the previously passivated alloys. At potentials above 1.2 V, close to the end
of the polarization curve, a weaker passivation was observed for the
CoCrFeMnNi alloy. This was identified to be due to the formation of MnO,,
which is only thermodynamically stable at these high potentials [126].
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Figure 32. Polarization curve of a CoCrFeMnNi coating and a polished bulk piece of
hyper-duplex stainless steel (SAF 3207HD, Sandvik AB). The data is adapted from
Paper VI

The compositions of the oxides on austenitic stainless steel are well-studied

[39,128]. Steels are known to form a layered oxide structure based, among
other factors, on the oxygen affinity of the alloying elements. The less-noble
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Cr and Fe are more easily oxidized, while the nobler Ni is left behind, enriched
in the alloy phase under the oxide. This principle has also been reported to
apply to CoCrFeMnNi bulk alloy [129] and confirmed for the coatings in this
study (in Paper V).

The more detailed aspects of the passivation mechanisms were studied in
Paper V and Paper VI. This will be presented in later sections. In this part, the
conclusion is simply that the basic principles of passivation for conventional
alloys apply to the CoCrFeMnNi HEA.

7.1.4. Extending the passive region with a second passivating
element

This section concerns the passivation of the CrFeNiTa and CrFeNiW systems
from Paper III. The overhead aim was to find an alloy composition based on
a 3d transition metal base alloy, which surpassed the corrosion resistance of
stainless steels and the Cantor alloy by remaining passivated at potentials
above 1 V vs Ag/AgCl. This was achieved by adding a single element from
the refractory metal family to the equimolar CrFeNi alloy. The specific aim of
Paper III was to understand if the choice of refractory metal influenced the
ability to form a passive layer at high potentials.

The two selected refractory metals were Ta and W. They were first assessed
according to the list of criteria defined in Section 7.1.2. To begin with, they
both have thermodynamically stable oxides (Ta,Os and WOj3, respectively) at
high potentials [126]. The pure elements are both known to dissolve relatively
slowly in H>SO4 [130,131] and they are known to form passive layers in bi-
nary alloys [132,133]. The passivation thresholds were then estimated using
equation 6. Since the alloys were amorphous (see Section 6.2.), a calculation
using the real material structure would be complex. The task was simplified
by using the fcc phase, based on the assumption that the alloys were nearly
close-packed (the soundness of this assumption was assessed in Paper III).
The calculations predicted that the passivation threshold should be the same
for both alloy systems. The minimum value, given by the percolation thresh-
old for fcc, was around 14 %. With a limitation of 10 dissolved atomic layers,
the threshold value, Mpassivation, increased to around 20 at%. It should be noted
that this threshold value is valid when Ta or W is the only stable element. At
potentials below 0.9 V, Cr is also passive, and the passivation should in prin-
ciple be possible if the threshold value is lower than the sum of the concentra-
tions of Cr and Ta or W.

A final factor relating to the chosen metals was considered: their electro-
chemical nobilities. W is nobler than Fe, Cr, and Ni, while Ta is less noble
than all the included metals [134]. This should give rise to a layering of ele-
ments at the surface, similar to the effect seen in stainless steel or
CoCrFeMnNi, where the more noble element Ni was not present in the oxide
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layer to a high extent [39,128]. In the present case, this should mean that, when
oxidized freely in the electrolyte or at low potentials, the Ta should be prefer-
entially oxidized but the W should be less oxidized. This would lead to a lower
concentration of W in the initially formed oxide. It was hypothesized that the
lower W concentration would make it more difficult to suppress the dissolu-
tion of Cr above 0.9 V. It was, however, not certain whether this would affect
the ability to finally achieve passivation.

Figure 33 (b) and (c) display the main results of this study. The base alloy,
which is the red curve in both (a) and (b), exhibited a similar corrosion behav-
ior as that seen for the stainless steel, or the Cantor alloy, in Figure 32. At 1.5
V vs Ag/AgCl, the current decreased. This was not due to repassivation, but a
result of the complete dissolution of the coating and exposure of the SiO; sub-
strate. Meanwhile, the pure Ta and W coatings (light blue and dark brown,
respectively) stayed passivated until the end of the polarization curve experi-
ment.
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Figure 33. Polarization curves of (a) the equimolar CrFeNi base alloy and for pure
W and Ta coatings (b) the alloys in the CrFeNiTa system and (c) the alloys in the
CrFeNiW systems, including the CrFeNi base alloy, pure Ta and pure W as refer-
ences. The figure is adapted from Paper II1.

The rest of the curves are measurements on alloys with different concen-
trations of Ta or W, respectively. Contrary to the prediction, the two alloy
systems were not found to passivate at the same refractory metal concentra-
tion. The coatings with Ta remained passive at high potentials for concentra-
tions of 15 at% and above. Meanwhile, 45 at% W was required to passivate
the CrFeNiW alloys. All the other coatings with concentrations of Ta or W
below these experimental threshold values showed signs of failure and dis-
solved after an extended time at high potentials.

Post-corrosion surface studies with SEM, EDS, XPS, and AFM and mass
spectrometry of the electrolyte were used to investigate the mechanisms
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behind this large difference. It was found that the coatings that dissolved de-
spite being above the predicted threshold values of W, did not dissolve con-
gruently. Instead of just an exposed substrate at the end of the curve, there was
a W-rich oxide on the surface. Cr and Ni were completely dissolved, and the
Fe was partly dissolved, leading to the conclusion that the observed oxide was
nanoporous. This means that the assumption that the W was above the perco-
lation threshold must have been correct since there was a connectivity of W
throughout the alloy that allowed it to form a continuous W-oxide and not be
removed when the remaining elements dissolved around it (i.e. undercutting).
However, the oxide that formed was not passivating; it was porous and non-
protective. Only the sample with 45 at% W in the bulk was able to stabilize
the current and avoid dissolution.

The reason why W failed to passivate was further investigated and two fac-
tors were found that were likely contributors to this behavior. The first was
the lower concentration of W than Ta in the initial oxide, i.e., the oxide that
was formed at the beginning of the polarization curve. On the Ta-containing
alloys, the Ta was enriched in the oxide, and particularly close to the top sur-
face of the sample. The W in the oxide, on the other hand, was found closer
to the bulk of the alloy. This means that, for the same bulk concentration of
Ta and W, more of the initially formed oxide had to dissolve on the W-con-
taining samples, which is supported by the height of the peaks at 1 V in the
polarization curves. This process increased the roughness and porosity and
may have led to irreversible damage that made it more difficult to reach pas-
sivation by a new oxide.

The second factor was the pH sensitivity of the W oxides. The development
of porosity can lead to the formation of concentration gradients through a
build-up of corrosion products in the pores. During the anodic dissolution of
metals, this should include a locally decreased pH. The dissolution of WOs is
sensitive to the local pH and the initial porosity could, therefore, have led to a
locally increased dissolution of W. This could prevent it from forming a pas-
sivating oxide and thus allow for the continued development of porosity.

In Figure 34, the proposed processes for the CrFeNiW coatings are illus-
trated. Case A is valid when W is found below its percolation threshold. Case
B is valid when the percolation threshold is surpassed, but the W concentration
in the oxide is too low to achieve a stable passivation. Case C is when the W
can passivate the alloy.

7.1.5. Summarizing comments on passivation in MCAs

In the studies of the passivation of MCAs (Paper III and Paper VI), it was
found that multicomponent alloys follow the same basic principles for form-
ing passivating oxides as conventional alloys. For MCAs with only one pas-
sivating element, the criteria formulated for binary alloys can easily be ap-
plied. However, in MCAs with more than one passivating element, the
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complexity of the alloys means that additional factors have to be taken into
consideration.

It was found that the percolation theory could be applied successfully to
predict the percolation threshold of an element, meaning the concentration
where this element forms a continuous network through the alloy. However,
the connectivity did not necessarily lead to passivation. This was due to the
development of surface roughness and porosity.
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Figure 34. Schematic image of the corrosion process at high potentials for coatings
in the CrFeNiW alloy system. Case A is valid below the percolation threshold of W,
and Case B and C are valid when W is above the percolation threshold. The figure is
from Paper III.

One important conclusion from this observation is that the ability to form
a passive layer depends strongly on the damage that has already been caused
on the surface prior to the passivation step. In the specific procedure studied
in Paper 111, the damage could be minimized if the second passivating element
(Ta or W) was present in the initially formed oxide to a higher degree. This is
more likely if the chosen refractory metal is equally or less noble than Cr. This
can be applied as a more general design principle for multicomponent alloys:
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the passivating elements should have similar nobility so that they can both
incorporate into the initially formed alloy.

A final question is why the use of MCAs with refractory metals would be
preferrable to the use of pure refractory metal elements. There could be many
reasons: the 3d metal alloys are generally cheaper, lighter, more ductile, and
more widely available. In Paper III, the contact resistance of the alloys was
determined before and after corrosion and it was found that the alloys with
low concentrations of Ta had a much lower resistance than pure Ta. This
would make them more suitable for use in electrochemical devices where the
cell resistance must be minimized.

7.2. The corrosion in bulk samples and coatings

When comparing sputtered materials to similar bulk samples, it is important
to consider how the synthesis methods affect the properties. In Figure 35, po-
larization curves recorded for an equimolar bulk CoCrFeMnNi sample syn-
thesized by arc melting are compared to that for a magnetron sputtered sample
deposited without heating with -100 V bias voltage. Two different electrolytes
were used: 0.05 M H>SOs, which gives rise to more general corrosion, and
0.05 M HCI, which promotes pitting corrosion. The corrosion resistance of the
coatings was higher in both electrolytes, as seen by the passive currents. The
difference was about one order of magnitude in the H,SO4 solution and up to
three orders of magnitude in the HCI solution. The corrosion process of the
two coatings was very similar in both electrolytes. The coatings thus appear
to be much less susceptible to pitting compared to the bulk samples.
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Figure 35. Polarization curves recorded for a magnetron sputtered CoCrFeMnNi
coating sample deposited without heating and with -100 V substrate bias and an
equimolar CoCrFeMnNi bulk sample synthesized with arc-melting. The coating meas-
urements are from Paper VI, while the bulk measurements are unpublished.
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This difference could be attributed to the elemental distributions in the sam-
ples. Figure 36 shows EDX maps of the bulk sample performed with top-view
SEM. Mn and Ni had segregated to the grain boundaries, resulting in the rel-
ative depletion of Cr in these regions, which were in the micrometer scale.
Since Cr is the main passivating element, the grain boundaries should be more
susceptible to corrosion.

In the coatings, as shown by the TEM-EDX maps in Figure 10, the elements
were much more homogeneously distributed, as a consequence of the kinet-
ically controlled growth. While some very slight segregation of Mn to the
grain column boundaries could be observed at higher magnifications, it is not
certain that segregation at this scale would have any effects on the ability to
form a continuous passive layer.

.
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Figure 36. Elemental distribution map for a bulk CoCrFeMnNi sample synthesized
with arc melting. The maps were acquired with EDX in SEM. Unpublished data.

Another difference between the two types of samples, which could affect
the corrosion resistance, is the smaller grain size in the coating. Just as the
density of grain boundaries could affect the diffusion kinetics and nucleation
during growth, it could also influence the migration kinetics and oxide nucle-
ation during corrosion. Exactly how the grain boundaries influence the corro-
sion process, and whether there are general principles that are valid for many
materials systems, are questions that are under discussion within the corrosion
community [135,136].

7.3 Corrosion of alloys modified with carbon

In Section 6.3.2., the effect of carbon on the phase formation in MCAs was
described for two systems: CoCrFeMnNi(C) and CrFeNiTa(C). It was found
that the addition of carbon formed materials in two different regimes. At lower
concentrations, amorphous single-phase carbon-containing alloys were
formed. At higher contents, the carbon partly segregated to a separate phase,
creating a nanocomposite MCA/amorphous carbon (a-C) material. In the fol-
lowing sections, the effect of carbon on the corrosion resistance will be ex-
plored for the two regimes.
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7.3.1. The effect of carbon in the amorphous regime

The most significant results of the corrosion tests are shown in Figure 37 (a)
and (b), featuring two representative polarization curves recorded using
slightly different measurement parameters. In both cases, the films were first
placed in the test cell for 40 minutes at the OCP to corrode freely in the elec-
trolyte. For the polarization curves in (a) the cathodic region was shorter, only
from 0.3 V below the OCP, while the curves in (b) started at -0.7 V vs
Ag/AgCl. The scan rates were also different: 5 mV/s for the curves in (a) and
1 mV/s for the curves in (b). The main consequence of these differences ap-
pears to be that a slower scan and longer cathodic region in the (b) case al-
lowed the oxides to, at least partially, undergo reduction at the beginning of
the scan. The subsequent oxidation in (b) therefore involved a re-formation of
the passive layer, while curve (a) mainly depicts the performance of the al-
ready-formed passive layer.
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Figure 37. Polarization curves of the films with 0, 6, and 11 at.% C, performed in
0.05 H>SO, after 40 minutes under OCP conditions. The measurements in (a) and (b)
were performed using different scan rates and start potentials. Figure (a) is from Pa-
per V and Figure (b) is adapted form Paper VI

In both experiments, trends that depend on the carbon content could be ob-
served. In curve (a), both the corrosion current, jeorr, and the currents in the
early part of the passive region were lower for higher carbon contents. This
indicates that the passivated samples were more corrosion resistant when car-
bon was present. The curves in (b) provide complementary information. Since
the passive layers were (at least partially) reduced at the beginning of the po-
larization measurement, the layers must have reformed by an initial rapid ox-
idation, during which the passivating element was enriched in the oxide while
the other elements are dissolved. The current then decreased when a Cr-rich
oxide covers the surface. This process is evident in all three samples in Figure
37 (b). The main trend in the measurements concerns the magnitude of the
initial current peak; the oxidation process appears to be slower in the carbon-
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containing samples. This suppression of the current points to a limitation of
the corrosion rate. The same limitation could explain the lower currents in the
already-passivated carbon-containing coatings, seen in Figure 37 (a).

At higher potentials, around 1 V vs Ag/AgCl, all three coatings exhibited a
transpassive behavior, when the Cr(IIl) in the passive layer was oxidized to
soluble Cr(VI) species, as in stainless steel.

The passive layers formed on the coatings after 40 min at OCP conditions
were studied using X-ray photoelectron spectroscopy, to better understand the
state of the samples at the beginning of the polarization curve in Figure 37 (a).
The samples were exposed to air for a few days after the period at OCP, so
some change in the oxide was expected as the oxidation process continued.
However, there were clear differences in the thickness and composition of the
oxides formed under OCP conditions and those of the samples that had only
been exposed to air after the deposition. This suggests that the oxide formed
in the electrolyte was relatively stable in air.

3p core-level XPS peaks of the five metals, recorded at the surface and in
the bulk of the films after sputter etching, are shown in Figure 38 (a). The peak
fitting for two of the measurements is presented in (c) and (d), and a compila-
tion of the relative intensities of the fitted peaks is shown in (b). The results
were very similar for the films with 0 and 6 at.% C. After 40 minutes at the
OCP, Cr was enriched at the surface in its oxidized form. Mn, Fe and Co were
partly oxidized, and Ni was purely metallic, meaning that the signal was com-
ing from the alloy beneath the oxide. The similarity between the samples in-
dicates that the carbon did not dramatically change the oxidation mechanisms
of the metals. This supports the results from the polarization curves; the oxi-
dation process was similar, but the rate was suppressed by the added carbon.

The location of the carbon was also explored with XPS. At the surface of
the samples after the OCP period, only a thin layer of hydrocarbon contami-
nation was observed. As seen in Figure 39 (a), this contribution to the peak
was removed after 1 minute of sputter etching. The carbon in the material ap-
pears to be located mainly below the passive layer since the signal increases
with increasing sputter time. It was tentatively proposed in Paper V that the
carbon was enriched underneath the passive layer and that this carbon-en-
riched layer would act as a barrier for the diffusion of the metallic elements to
the metal-oxide interphase, thus yielding a decreased corrosion rate. However,
more recent XPS studies did not reveal any such carbon enrichment. In a sput-
ter depth profile of the passive layer performed with a low analysis angle (Fig-
ure 39 (a)) the C-Me peak simply increases until reaching the bulk level, which
is achieved after the same sputtering time as seen for the oxygen signal in
Figure 39 (b).
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Figure 38. (a) Core level peaks of the metal 3p regions of all the metallic elements in
two samples after 40 min at OCP, performed before and after sputter-etching. (b)
Relative peak intensities of the metallic elements separated into metallic and oxide
contributions. (c)-(d) Fitted peaks for two selected spectra. The measurements were
performed with an analysis angle of 45°. The Figure is from Paper V.

The current hypothesis is that the carbon slows down the diffusion of met-
als below the passive layer, but not necessarily through an enrichment at this
depth. One explanation could be that the added carbon atoms increase the en-
ergy of diffusion of metallic elements in the amorphous matrix. Another pos-
sibility is that there is a small difference in the domain size of the materials,
which barely would be detectable using diffraction.
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Figure 39. XPS sputter depth profiles on a sample with 6 at.% C after 40 min at the
OCP. (a) Cls core level peaks, including the ranges for literature reference values
[58,113,116] (b) Ols core level peak, including literature reference values [137,138]
The different curves correspond to the sputter times. The measurements were per-
formed with an analysis angle of 10°. The Figure is adapted from Paper VI.
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7.3.2. The effect of carbon in composite coatings

The study above showed that, in the low-carbon regime, the carbon was fully
incorporated into the alloy. It was found that when a passive layer had formed,
the carbon was not in contact with the solution, but was only present in the
bulk alloy. When higher concentrations of carbon were added, a separate free
carbon phase was formed. This means that, in this regime, carbon must be in
direct contact with the solution. The effect of this change was briefly studied
for the CoCrFeMnNi/a-C and CrFeNiTa/a-C nanocomposites coatings, to en-
sure that the free carbon did not degrade the corrosion resistance. It was re-
ported in a study on amorphous magnetron sputtered Cr-C, that the presence
of free carbon increased the current during a polarization curve [139]. How-
ever, the carbon did not dissolve to form the thermodynamically stable CO,.
Instead, it formed oxidized surface groups, which can be viewed as a kind of
passivation. It was, therefore, suggested that, once the oxidized layer is
formed, the carbon would be beneficial to the corrosion resistance [139].

This principle was tested in the present study through the repeated record-
ing of polarization curves for the coatings in the two alloy systems by com-
paring the performance of the coatings in the amorphous regime to that of
coatings with free carbon. The results, which are displayed in Figure 40,
showed that, contrary to the results in ref [139], the free carbon did not result
in higher currents during the first sweep. The corrosion potential was more
positive for the composite coatings while the passive currents were similar for
both regimes. When the potential sweep was repeated a second and third time,
the differences between the amorphous and composite coatings were even
smaller. We can thus conclude that in this electrolyte, the presence of carbon
has only a limited effect on the corrosion rate.

(a) CoCrFeMnNi gradient (b) CrFeNiTa gradient
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Figure 40. Electrochemical studies on coatings of CoCrFeMnNi and CrFeNiTa with
added carbon in the amorphous regime and with the presence of free carbon. The
experiments were performed in 0.05 M H,SO, with a sweep rate of 1 mV/s. The figure
is from Paper VII.
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7.4. Tuning the mechanical properties

The mechanical properties of a material depend on the characteristics of a
material at different scales, from the bonds between atoms to the crystal struc-
ture, to larger features such as grain size, grain shape, defect concentration,
segregation, etc. In this thesis, crystalline alloys, amorphous alloys, and com-
posites are studied, which each have different principles for their mechanical
response. For crystalline materials, the mechanisms behind plastic defor-
mation are well-studied and understood, while the equivalent principles in
amorphous metals are less well-explored. Crystals deform plastically through
the movement of dislocations, which are crystallographic defects. Amorphous
materials have no long-range order, and therefore, no dislocations. The defor-
mation is, therefore, often concentrated into bands of atoms, known as shear
bands [140]. Amorphous alloys are often harder than crystalline alloys, and
typically more brittle, but these properties can vary greatly with the composi-
tion and morphology. Since the area of research is relatively new, there is less
theory on how to tune the mechanical properties by controlling the formation
and movement of shear bands. Composite materials have properties that de-
pend on each phase in the material, but they also depend on the size of the
phases and the interface between them [141].

7.4.1. The unusually high hardness of magnetron sputtered
coatings

Just as the corrosion resistance, there are mechanical properties that are highly
dependent on the synthesis route of a material. It is, for example, well-known
that magnetron sputtered coatings can have very different hardness than the
corresponding bulk material.

This can be partly explained by the nanocrystallinity of the coating. The
hardness values of the Cantor alloy from the literature were compiled by Xiao
et al. [106] and plotted against the Hall-Petch equation, which relates the hard-
ness of a material to its average grain size. The figure from ref [106] is in-
cluded below (Figure 41). It can be seen that typical bulk alloys have reported
values of around 3 GPa, while nanocrystalline materials are considerably
harder.

In Paper I, hardness measurements were performed by nanoindentation on
carbon-free Cantor alloy coatings deposited without heating and with varying
substrate bias. The hardest material in the present study had an average col-
umn size of 11 nm, meaning that the value of 12.2 GPa in Paper I exceeded
the predicted Hall-Petch relationship by about 30%. This means that the high
hardness cannot be only due to the smaller grain size. Another contributing
factor is the high compressive stress in the coating. This is another feature that
is typical of magnetron sputtered materials.
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Figure 41. Compilation of hardness values reported for the Cantor alloy as a function
of d'”? where d is the average grain size. The dashed blue line is the Hall-Petch rela-
tionship for the Cantor alloy. The figure is from ref [106]. The hollow markers are
experimental data from ref [106]while the filled markers are values from other refer-
ences. Reprinted under the CC BY NC ND license.

7.4.2. The effect of carbon addition on the mechanical properties

Carbon was added to two multicomponent alloys (CoCrFeMnNi and CrFeN-
iTa) to improve their mechanical properties. This section presents the mechan-
ical tests on alloys with added carbon in the two regimes described in Section
6.3.2: single-phase amorphous and alloy/amorphous carbon (a-C) composites.
The purpose was to observe if the coatings with carbon were harder and more
crack resistant. This section is separated into two sections, one for the single-
phase amorphous and one for the nanocomposite regime, respectively.

The effect of carbon in the single-phase amorphous regime

Coatings in the CoCrFeMnNi(C) system with 0, 6, and 11 at% C were tested
with multiple methods. The hardness was determined by nanoindentation to
10% of the film thickness, using a Berkovich diamond tip. The hardness of
the coatings was calculated to be 7.9, 14.1, and 15.9 GPa, respectively, for the
films with 0, 6, and 11 % carbon. The same instrument was used to perform
indentations to a depth of 1250 nm, more than twice the film thickness, using
the maximum load of the instrument and a cube-corner diamond tip to achieve
a high strain at this load. The indents for the samples with 0 and 6 at.% C is
shown in Figure 42 (a) and (b). Both films appeared to be ductile and deform
without any cracking, forming pile-ups of material at the edges of the indents.
The pileups of the sample with 6 at.% C had a jagged shape. This is typical
for indents in amorphous materials, where the plastic deformation occurs as
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discrete events with the activation shear bands [140]. While some knowledge
was gained on the deformation mechanisms of the two materials, the method
was not suitable for comparing the crack resistance of these ductile coatings.

Figure 42. SEM micrographs of indents performed with a cube corner diamond tip,
to 1250 nm depth. The images were acquired while tilting the samples relative to the
electron beam. The figures are adapted from Paper V.

To better compare the materials, tensile testing was performed. Figure 43 (a)
shows representative SEM micrographs acquired in situ during the tensile tests
of the coatings on polymer substrates. Cracks formed in the films perpendic-
ular to the direction of the strain. The number of cracks per unit area increased
with the strain and was higher for the carbon-free coating. In Figure 43 (b),
the crack density is plotted as a function of the tensile strain
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Figure 43. (a) SEM micrographs of CoCrFeMnNi with and without carbon during
tensile tests on polyimide substrates and (b) crack density as a function of strain for
the three different compositions. The figures are adapted from Paper V.

To quantify the strength of the coatings during cracking, the fragmentation
data were fitted to the Weibull distribution function for the probability of fail-
ure of the coating, seen in Equation 1. The scale parameter c.., a measure of
the strength of the coating, increased from 2.0 GPa for the sample with no
carbon to 3.8 and 3.9 GPa for the samples with 6 and 11 at.% C, respectively.
The shape parameter p, which is inversely proportional to the scatter in the
coating strength, was lower for the carbon-containing samples, meaning that
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these samples cracked in a less homogenous manner. The crack onset strain
was also recorded for each experiment, but no significant differences in the
values were found. However, the carbon-containing films had a significantly
higher variance (0=0.05) demonstrating once more the heterogeneous behav-
ior of the amorphous coatings.

The carbon was thus seen to improve both the hardness and the crack re-
sistance of the CoCrFeMnNi coatings. The fact that the largest increase in both
hardness and crack resistance was between the carbon-free film and the two
carbon-containing films indicates that these values are related to the shift from
a crystalline to an amorphous state. The mechanisms for plastic deformation
are entirely different in crystalline and amorphous alloys and it is difficult to
compare the two materials. More in-depth studies with a larger sample set are
needed to explain the relatively high crack resistance of the amorphous films
and to investigate whether the addition of carbon favors the already amor-
phous alloys.

The effect of carbon in the nanocomposite regime

As described in section 6.3.2., a higher content leads to the formation of an
amorphous alloy/carbon nanocomposite coating. Figure 44(a) displays the
hardness and elastic modulus as a function of the fraction of carbon in the a-
C phase, for three samples from each of the two alloy systems
CoCrFeMnNi(C) and CrFeNiTa(C). The first point for each series is found at
no free carbon, meaning that it is in the amorphous single-phase regime. In
this regime, the CrFeNiTa(C) had a hardness of 13 GPa and was harder than
the CoCrFeMnNi(C) coating which had a hardness of 11 GPa. With higher a-
C contents, both HIT and Er decreased. The coatings with the highest amount
of free carbon had similar hardness values in both materials systems: around
9 GPa.

The same instrument was used to perform deeper indentations, to a depth
of around 1200 nm, using the maximum load of the instrument. The two sin-
gle-phase alloys both deformed through shear banding, but the pileups were
smaller and smoother in the CrFeNiTa samples. The two composite coatings
deformed smoothly with no cracks or pileups and looked almost identical to
each other. It appears that the presence of carbon was more important for the
deformation mechanism than the composition of the base alloy. A similar
trend was observed during tensile tests. The transition from single-phase
amorphous to composite material led to an increase in crack density and the
strength of the coatings was lower.
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Figure 44. (a) Indentation hardness and elastic modulus as a function of the fraction
of free carbon. The markers are the experimental data, the error bars show one stand-
ard deviation (from at least 15 indentations) and the lines are guides for the eye. (b)-
(e) SEM micrographs of indents performed with a cube corner diamond tip, to ap-
proximately 1200 nm depth. The images were acquired while tilting the samples 59 °
relative to the electron beam. The figures are adapted from Paper VII.

In the literature, there are examples of metal/a-C nanocomposite coatings
that are both harder and tougher than the single-phase materials. In the present
case, this was not achieved. This could be because the metallic phase was less
carbidic and more metallic and, therefore, softer compared to, for example,
Ti-C/a-C nanocomposites [142]. Another example from the literature where
a-C phase increased the hardness was a nanocomposite based on 316L stain-
less steel [113]. This material should be less carbidic, as in our case. However,
in ref [113], the addition of carbon led to the formation of a uniform nano-
tubular structure, like nanofibers parallel to the growth direction. This micro-
structure may be responsible for the high hardness. The present case is more
similar to an example of Cr-C/a-C nanocomposite coatings [117], which had
a similar particle size and distribution of carbon and also reported a softening
associated with the formation of the a-C phase. This shows that the achieved
mechanical properties do not only depend on the amount of each phase or the
chemical bonds within but also on the size and shape of the two phases. This
is in line with current knowledge about nanocomposite materials [141].

7.4.3. Decreased plasticity in annealed amorphous alloys

The mechanisms of deformation in amorphous alloys are still largely unex-
plored. This is in part because the field is relatively new compared to the study
of crystalline alloys. Another reason is that the lack of long-range order in
amorphous alloys makes them more challenging to characterize. However,
there have been many reported examples of how small structural or elemental
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changes in the nanometer scale lead to dramatically improved properties.
[140].

To gain more knowledge on the deformation mechanisms of the amorphous
alloys in this work, one of the alloys from Paper III was subjected to mechan-
ical tests before and after annealing. It was the equimolar CrFeNiTa. The aim
of the study was to understand how the mechanical properties changed after
annealing but before crystallization and relate the properties to nanoscale
changes. All the results in this section are unpublished.

After preliminary annealing experiments, it was found that CrFeNiTa be-
gan forming nanocrystallites at around 650°C (the first phase to form was a
C14 Laves phase). The alloy was therefore annealed in steps starting from 300
°C to final temperatures of 450, 550, and 650°C, spending 10 minutes at each
temperature.
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Figure 45. (a) Grazing incidence X-ray diffractograms of the CrFeNiTa coatings be-
fore and after annealing to 450, 550, and 650°C, (b) extracted data from the diffrac-
tograms, and (c) mechanical properties calculated from nanoindentation. The error
bars are 95% confidence intervals. Unpublished data.

The diffractograms from GI-XRD measurements and extracted data from
the same are found in Figure 45(a) and (b), respectively. At a first glance, the
four samples appeared to exhibit identical amorphous halos. However, the po-
sition of the halo shifted to higher 20 values and the width of the halo de-
creased during annealing to temperatures of up to 550°C. This means that the
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average atomic distances in the amorphous alloys became smaller and more
uniform. This is a sign of densification of the alloy, i.e. a decrease in the free
volume. The mechanical properties of alloys are related to the free volume.
Studies have shown that denser alloys are typically harder but more brittle
[143,144].

The mechanical properties were first studied by nanoindentation (using a
Berkovich tip and 50 nm deep indents). The hardness of the alloys increased
progressively during annealing from 11.3 to 13.8 GPa, as shown in Figure
45(c). The elastic modulus also increased, from 148 to 179 GPa, but the trend
was less clear. The changes from the as-deposited state to the sample annealed
to 550°C can be attributed to the densification. The increase in hardness from
550 to 650°C cannot be attributed to densification since the average atomic
distances were the same. A possible explanation could instead be the for-
mation of nanocrystallites.

The deformation and fracture were then studied qualitatively. The first
clear change between the as-deposited and annealed alloys was observed in
the fracture surfaces of the coatings. Cross-section samples were prepared by
cracking the oxidized Si substrates cleanly along the [001] direction. The SEM
cross-section micrographs Figure 46(a) of the fracture in the as-deposited sam-
ple looked completely smooth (apart from a small piece of the coating that
was chipped off). The annealed samples, however, displayed nanoscale vein
patterns. These are often observed in metallic glasses, and the density of veins
has been related to the fracture toughness; more closely spaced veins are typ-
ically a sign of a more brittle material in both bulk metallic glasses and amor-
phous coatings [145,146]. The fracture surface of the samples annealed to 650
°C had a more granular appearance which could be a sign of the formation of
nanocrystallites.

Deeper indents, to a depth of 1 pm, were then performed with a cube corner
tip, to study the deformation in a more controlled manner. The micrographs
are shown in Figure 46(b). The sample annealed to 650°C had radial cracks
initiating at the corners of the indent. This could be due to the formation of
nanocrystallites, although this was not confirmed with TEM. The remaining
samples were deformed without visible cracking, but with the formation of
pileups around the indents. All the pileups consisted of bands, which is a sign
of heterogenous flow through the formation of shear bands [147]. The as-de-
posited samples appeared to have a smaller number of bands, and they were
smoother than in the annealed samples.
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Figure 46. SEM micrographs of the fracture surface and indents performed with a
cube corner tip to a depth of 1 um. The indentation was load controlled and used a
loading and unloading rate of 10 mN/min. Unpublished data.

The indents were finally studied in cross-section TEM (except for the sam-
ple annealed to 650°C), as shown in Figure 47. The bands that were seen from
the top-view are clearly visible in the cross-section. It was confirmed that the
morphology of the deformed area was smoother in the as-deposited samples
and more jagged in the annealed coatings. Each band in the pileup should cor-
respond to a shear event during indentation. The shear bands in the material
were almost imperceptible except when using very high contrasts (they are
marked with black arrows). This means that the shear did not result in fracture
in most cases. However, in the coating annealed to 550°C, some shear bands
penetrated deeper into the material and one of the shear bands had started de-
veloping into a crack.

This study concludes that the as-deposited samples appear to have the high-
est fracture toughness. They deformed smoothly during indentation through
the formation of thin shear bands. After annealing, the samples became more
and more brittle, which was attributed to densification and possibly also the
formation of nanocrystallites. This shows the mechanical properties of these
amorphous alloys are thermally sensitive and may degrade even when no signs
of crystallization are observed.
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Figure 47. Cross-section study of the indents in the as-deposited CrFeNiTa alloy, as
well as annealed to 450 and 550 °C. The SEM in the bottom left corner shows the
approximate position of the lamella. The bottom right STEM HAAEDF image is an
overview of the indent in the sample annealed to 550 °C and the three upper images
are close-ups of the indents in different samples at the approximate position marked
by the circle. A small section of each image is presented with a higher contrast to
better visualize the shear bands, which are marked out with black arrows. The striped
pattern in the as-deposited sample is due to a slight (<1 at%) variation in the Ta
content, most likely caused by variations in the working pressure during deposition.
Unpublished data.
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Conclusions and future work

The aim of this thesis was to explore multicomponent alloys (MCAs) through
magnetron sputtering and to find principles for designing new corrosion re-
sistant coatings based on this materials class. The main conclusions are sum-
marized below.

There are fundamental differences between synthesizing the CoCrFeMnNi
MCA through magnetron sputtering compared to casting. While a single phase
is easily formed from the melt, magnetron sputtering occurs at low tempera-
tures where the single phase is not thermodynamically stable. Combined with
the relatively rapid diffusion on the surface of the growing coating and in the
closely spaced grain boundaries, this means that the equilibrium phases are
more easily formed through magnetron sputtering. This was the main conclu-
sion in Paper .

The principles found for CoCrFeMnNi could explain trends seen in the lit-
erature for phase formation in other MCAs. MCAs that form a single phase
through casting were sometimes multi-phase in the magnetron sputtered coat-
ings. On the other hand, alloys that had no thermodynamically stable single-
phase region could sometimes form metastable single-phase coatings.

It was also found that the phase formation could be controlled by epitaxial
stabilization with crystalline substrates. In Paper II, the deposition of
CoCrFeMnNi on polycrystalline stainless steel was studied. The growth mode
varied greatly between the differently oriented substrate grains, leading to dif-
ferences in texture, morphology, and coating thickness. The mechanisms were
not fully explained, but they appeared to be related to the surface structures of
different crystal grains. The substrate grain orientation also affected the for-
mation of stacking fault structures, which were found in this alloy due to its
low stacking fault energy.

The MCAs in Paper 111, CrFeNiTa and CrFeNiW, had higher glass-forming
abilities than CoCrFeMnNi. Most of them formed amorphous coatings. Ta or
W was added to extend the passive region to higher electrochemical potentials,
where the Cr-rich oxides are not stable. The ability of Ta or W to passivate the
alloys was predicted using percolation theory. The experiments confirmed the
prediction for the CrFeNiTa system, but not for the CrFeNiW system. It was
found that the incorporation of Ta or W into the initially formed oxide was a
key factor for the successful extension of the passive region. Less W than Ta
was found in the initial oxide due to the higher nobility of W, which led to
irreversible damage of the surface when Cr was dissolved. This was why
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percolation theory could not predict the behavior of W. A new criterion for
designing corrosion resistant MCAs was proposed: all passivating elements
should have similar nobilities.

The addition of carbon to the MCAs in this study was expected to result in
decomposition to multiple phases with different compositions. This is because
the elements have widely varying carbide forming abilities. However, through
magnetron sputtering, carbon could be added without leading to a segregation
of the metals. This was discovered in Paper V.

The properties of the MCAs with carbon were different depending on the
carbon concentration, as shown in Papers V, VI, and VII. At lower carbon
contents, the alloys formed a single amorphous phase. At higher carbon con-
tents, a separate phase with free carbon was formed. The carbon-containing
single-phase materials were more corrosion resistant, harder, and more crack
resistant than the pure alloy. When free carbon was formed, the coatings be-
came softer, but the corrosion resistance was not affected.

Here follows a short list of related studies that would be interesting for the
future.

e The methodology used in Paper II has great potential for future
studies. The effect of crystal orientation on the properties of MCA
(or other fcc alloys) coatings on polycrystalline steel substrates is
interesting for several potential applications. One way to study this
would be to modify the texture of the steel by adapting the synthe-
sis and annealing procedures. The overall corrosion resistance of
coatings deposited on different textures could then be measured.
Tensile tests could be used to measure the crack densities. This
could be used to find substrate-coating combinations with lower
overall corrosion rates and less severe cracking.

e There are also more fundamental questions that could be answered
using the method from Paper II. For example, the effect of nano-
crystallinity on corrosion is not yet understood, as mentioned in
Section 7.2. In a recent review, it was stated that it has been diffi-
cult to study the effect since the synthesis of samples with different
grain sizes requires different synthesis conditions or even different
synthesis methods. This means that there are other critical differ-
ences between the materials, other than the grain size, that affect
their corrosion performance [148]. In Paper I1, regions with colum-
nar morphology and single crystals were deposited side by side un-
der the same conditions and with the same composition. These
could be used to better isolate the effect of grain boundary density
by studying them with localized electrochemical techniques [149].

e The effect of stacking faults on the mechanical properties of coat-
ings has not yet been systematically explored. By mapping the
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surfaces of the samples from Paper II, the mechanical response
could be correlated to the density and type of stacking faults found
on different substrate grains.

The principles found in Paper I1I can be used to predict new prom-
ising alloy compositions. A second, less, or equally noble passive
element is expected to extend the passivity of stainless steel-like
MCAs. 3d-metal alloys with added Nb or Ti could therefore yield
good results.

The phase formation of CrFeNi coatings with an added refractory
metal could be tuned with the sputter deposition parameters. If the
diffusion rate is high enough to prevent amorphization but low
enough to avoid forming multiple phases, a meta-stable fcc phase
could be achieved. This was already observed for the CrFeNiW
coatings with 13 at% W. Alloys with a simple fcc structure are ex-
pected to be more ductile than the amorphous alloys presented in
this work, and more ductile than bcc alloys in general. This would
unlock the full potential of this design approach, by combining the
benefits of the 3d-transition metal and refractory metal groups.
The addition of carbon to MCAs should be further explored. The
first step would be to study the deposition parameters. In a study
by Suszko et al [113], carbon was added to a sputtered 316L stain-
less steel coating (similar to the Cantor alloy). The carbon source
was ethylene gas instead of graphite and the substrate was heated
to 300°C instead of unheated as in this work. The resulting material
was an alloy/amorphous carbon nanocomposite with a self-orga-
nized nanotubular structure, which possessed a unique combina-
tion of hardness and toughness. It would therefore be interesting to
attempt to recreate these deposition conditions for the addition of
carbon to MCAs.
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Popularvetenskaplig sammanfattning

Malet med detta projekt dr att utveckla designprinciper for metalliska ytbe-
laggningar som kan skydda komponenter fran korrosion, det vill séga den de-
struktiva oxidationen av metallen. Fokuset har legat pa beldggningar pa stal-
komponenter i elektrokemiska anordningar dir vétgas anvinds for energilag-
ring. Eexempel ér elektrolysorer som anvinds for att tillverka vétgas fran vat-
ten genom att tillféra elektrisk energi, eller brinslecellersom bygger pa
motsatt process: vatgasen och syrgas fran luften far bilda vatten igen och elekt-
risk energi utvinns i processen. I bdda fallen utsétts materialen inuti cellerna
for en korrosiv miljo och det behovs ytbeldggningar som kan gora cellerna
mer hallbara. For att kunna appliceras industriellt behdver beldggningarna,
forutom att ha ett hogt korrosionsmotstédnd, dven vara bade harda och form-
bara for att inte notas eller spricka under tillverkningsprocessen. De ska dven
vara billiga och ha god elektrisk ledningsformaga.
Multikomponentlegeringar (MCA efter multicomponent alloy) eller ho-
gentropilegeringar (HEA, efter engelskans high entropy alloy) som de ibland
kallas, dr en ny typ av material som upptécktes ar 2004. Legeringarna tillver-
kas genom att blanda lika delar av ménga (minst fyra) metalliska element. I
legeringar med manga olika metaller kan det ltt bildas flera faser, det vill
sdga en uppdelning i omraden med olika kristallstrukturer och koncentrat-
1oner. Detta sker eftersom vissa av metallerna binder starkare till varandra, sa
entalpin (den inre energin) hos systemet kan sénkas pé detta vis. Den klassiska
definitionen av en HEA &r ett material som i stéllet bildar en enda kristallin
fas dér alla element ar blandade, eftersom den 6kade entropin (oordningen) i
den blandade fasen blir viktigare &n entalpin. Eftersom materialklassen &r ny
och det finns ett ndstan obegransat antal sammanséttningar att uppticka, be-
hovs det goras systematiska studier for att finna principer och tumregler for
hur egenskaperna hos dessa material kan &ndras och optimeras.
Egenskaperna hos ett material beror dels av koncentrationerna av olika ele-
ment, men lika mycket av kristallstrukturen, det regelbundna mdonster av ato-
mer som stracker sig genom varje korn, och mikrostrukturen, kristallkornens
storlek och form. Andra faktorer p4 mikrometer- och nanometer-skala kan
ocksa vara viktiga. Det kan exempelvis vara om materialet &r homogent eller
har fluktuationer i den kemiaska sammansittningen, och olika typer av defek-
ter. I en MCA finns det stora mojligheter att styra alla dessa faktorer. Det finns
exempelvis fordelar med att bilda en kristallin fas i stillet for flera. Bland-
ningar av faser kan visserligen gora materialet hardare, men det bidrar ocksa
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till lattare sprickbildning, och kan &@ven leda till att korrosionsmotstdndet
minskar.

Tre olika legeringar i klassen MCA valdes ut i detta projekt. Beldggning-
arna tillverkades med magnetronsputtring (dven kallad katodforstoffning). Jo-
ner accelereras framfor metallplattor av de dnskade elementen, och dessa jo-
ner slar da ut atomer fran plattan. Atomerna landar sedan pa komponenten
som ska beldggas och en tunn film, ofta mindre &n en mikrometer, byggs upp
atom for atom. Med denna metod har man hog kontroll 6ver vissa processer
som &r svarare att styra med traditionella bulkmetoder, som sméltning och
gjutning. Bland annat kan atomernas rorlighet (diffusionen) battre kontrolleras
under tillverkningsprocessen. Om diffusionen begrénsas tillriackligt kan syste-
met inte g& mot termodynamisk jdmvikt, alltsa det tillstdind som minimerar
den totala energin. I stillet kan det ”stelna” i ett tillstdind som kraver mindre
diffusion.

Nar MCA studerades med magnetronsputtring i detta projekt, visade det
sig att termodynamiken dr av mindre vikt &n ndr man tillverkar MCA som
bulkmaterial. Okningen av entropin har ingen mirkbar effekt nir diffusionen
ar mycket begrinsad. Men enfasiga material kunde &nda tillverkas med hjélp
av magnetronsputtring. Anledningen var att den begridnsade diffusionen dven
stoppade bildandet av flera faser, eftersom uppdelningen skulle kréva att ato-
merna diffunderar ldngre strickor. Vissa av legeringarna blev amorfa. Det in-
nebér att atomerna inte dr ordnade pa ett regelbundet vis, det vill sdga att de
inte har en definierad kristallstruktur. Amorfa material dr vanliga i andra
materialklasser, bland annat &r alla typer av glas amorfa. Det dr dock &r ovan-
ligt for metallegeringar, eftersom de har en hog drivkraft att kristallisera.

Flera sitt att forbéttra korrosionsegenskaperna undersoktes. Elementen Cr,
Fe och Ni anvindes som utgangspunkt och tillsatser av Mn, Co, Ta och/eller
W anvéndes for att skapa olika MCAs. Eftersom legeringarna innehéller de
huvudsakliga elementen i ett rostfritt stal dr de intressanta som ytbeldggningar
pa just stal, eftersom likheterna kan ge en dverforing av materialegenskaper
som kristallstruktur och kornorientering. Detta undersoktes systematiskt for
en av legeringarna. Det visade sig att relationen mellan stalet och beldgg-
ningen hade en enorm inverkan pa beldggningens egenskaper, vilket forvintas
paverka bade dess korrosionresistens och mekaniska egenskaper.

Ett av de mest lovande materialen i detta projekt var en tunnfilm av CrFe-
NiTa. I ett vanligt stéal &r det kromet som skyddar mot korrosion genom att
bilda ett svarlosligt skikt av kromrika oxider. Men nér stal utsétts for en hog
elektrisk potential, forlorar kromet elektroner och kan dé bara bilda lttlosliga
foreningar. Detta l[dmnar stalet oskyddat. Sa ar fallet i till exempel en elektro-
lysor, dir en hog spanningsskillnad behdvs for att oxidera vattnet. I CrFeNiTa
kan Ta da ta 6ver” skyddet genom att bilda en Ta-rik oxid, och materialet kan
anvéindas i mycket mer aggressiva miljoer. Detta material var dven béttre dn
rent Ta, eftersom Ta vid hdga potentialer bildar en elektriskt isolerande oxid
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som Okar kontaktresistensen. CrFeNiTa dr alltsd som ett ”superstal” som kom-
binerar de basta egenskaperna av bdda materialen.

En annan metod for att forbattra hardheten och korrosionsmotstandet, och
minska sprickbildningen, var att tillsétta kol till MCA-beldggningarna. [ dessa
experiment blev diffusionskontrollen aterigen viktig for resultatet. Nar syste-
met tillats att g& mot jimvikt, leder kolet till en separation av kristallina faser.
Bland annat bildas mycket harda och sproda metallkarbider. Kromet, som &r
det element som skyddar materialet mot korrosion, ansamlas till vissa korn,
vilket ldmnar andra korn helt oskyddade. Genom att begrénsa atomernas ror-
lighet kunde detta undvikas. I stéllet bildades ett material som var helt homo-
gent och amorft. Amorfa legeringar har egenskaper som skiljer sig starkt fran
de vanliga kristallina motsvarigheterna, och det finns i allménhet mindre teo-
retisk kunskap om dessa. I detta fall blev det amorfa materialet med kol hér-
dare och mer taligt mot sprickbildning #in det kristallina. Aven korrosionsmot-
standet forbattrades, en effekt som 6kade med méngden kol i beldggningen.
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Appendix. Literature review

This is a list of the studies included in the literature review summarized in
Section 6.1.3. of the thesis. The review aimed to compile all available stud-
ies on magnetron sputtered coating in the two largest families of multicom-
ponent alloys (MCAs): the refractory metal MCAs and the 3d transition
metal MCAs. It was last updated in March 2021.

The tables display different alloy compositions, any heating during depo-
sition, the as-deposited phases, and any annealing and its resulting phases.
Some studies included multiple compositions, which are then recorded as
different alloys in the tables. When a combinatorial approach was used, there
was no clear separation between different compositions. In these studies, the
compositions that yielded different phase compositions were registered as
separate cases. For instance, in ref [3], the compositional gradient yielded
fce, bec, or feet+bee depending on the Al-content. This study thus counts as
three cases. When several substrate temperatures were evaluated, these are
separated by commas in the ‘Substrate heating’ column, and the resulting
phases are separated in the same way under ‘As-deposited phases’. A limita-
tion of the review is that very few studies reported the resulting temperature
of the substrate when no heating was applied. In ref [7] there was no active
heating, but the temperature was 170-280 °C. This is higher than in some of
the cases with active heating.

Appendix Table 1. Compilation of magnetron sputtered multicomponent alloys
of the 3d transition metal group.

Materials system  Substrate heat- As-deposited Annealing Ref
ing phases
AlCoCrCuFe No heating fce [1]
AlCoCrCuFeMn No heating fcc [2]
AlCoCrCuFeNi -100 °C - RT fce [3]
AlCoCrCuFeNi -100 °C - RT fce + bee 3]
AlCoCrCuFeNi -100 °C - RT bee [3]
AlCoCrCuFeNi No heating fce [4]
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Appendix Table 1. Continued.

Materials system  Substrate heat- As-deposited  Annealing Ref
ing phases
AlCoCrCuFeNi No heating fcetbee 100-800 °C, time not [5]
specified. Decomposi-
tion to AlCr-rich inter-
metallics
AlCoCrCuFeNi No heating fcc 100-800 °C, time not [5]
specified. Decomposi-
tion from 700 °C + re-
action with substrate
AlICoCrCuFeNi 250 °C fce + bee [6]
AlCoCrCuFeNiV ~ No heating (170  fcc + bee [7]
°C —280°C)
AlCoCrCuNi No heating fcc [1]
AlCoCrFeNi No heating fcc [8]
AlCoCrFeNi No heating fcc + B2 [9,10]
AlCoCuFeNi No heating bee [1]
AlCoFeNiTiZr No heating fce [11]
AlCrFeNiTi No heating, 175  amorphous, Amorphous films an- [12]
°C, 240 °C, 500  bcc, bee, bec +  nealed 500-1000 °C, 15
°C B2 °C /min Decomposition
to bee, B2, 1.2
CoCrCuFeGeNi No heating amorphous [13]
CoCrCuFelnNi No heating amorphous [13]
CoCrCuFeMn No heating bce [1]
CoCrCuFeNbNi No heating fcc [14,15]
CoCrCuFeNi No heating fce [16]
CoCrCuFeNi No heating fce [14,17]
CoCrCuFeNi No heating fce 800 °C for 1 h [18]
Decomposition to fcc +
bee
CoCrCuMnNi No heating fce [1]
CoCrFeMnNi No heating fce [19]
CoCrFeMnNi No heating fcc + hep [20]
CoCrFeMnNi No heating fce 350°C for1h [21]

Decomposition to fcc +
bee + L10 + 6 phase
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Appendix Table 1. Continued.

Materials system  Substrate heat- As-deposited  Annealing Ref
ing phases
CoCrFeMnNi No heating fcc [22]
CoCrFeMnNi No heating fcc + bee [23]
CoCrFeMnNi No heating fce [24]
CoCrFeMnNi No heating amorphous 300 °C and 450 °C  [25]
for 1 h
Formation of fcc
grains
CoCrFeNi No heating fcc [26,27]
CoCuFeMnNi No heating 2 fcc phases + [28]
unidentified
phase(s)
CoFeNbNi No heating fcc + C15 [29]
Laves
CrCuFeMoNi No heating fce [30]
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Appendix Table 2. Compilation of magnetron sputtered multicomponent alloys
of the refractory metal group.

Materials sy- Substrate As-deposited phases Annealing Ref
stem heating
AICrMoTiV No heating, 250 bece, bee, bee [31]
°C, 350 °C
CrHfNbTaTiZr  No heating (170 bee + C14 Laves 1000-1000 °C for  [7]
°C -280°C) 2h
No phase change
CrNbTaTiW 300 °C bee [32]
CrTaVW No heating bee 900 °C in situ [33]
TEM, time not
specified
No phase change
HfNbTaTiZr No heating amorphous [34]
HINbTiVZr No heating, 275 amorphous, bcc, [35]
°C, 450 °C bcet+C14/C15
Laves
HfNbTaZr 25°C, 500 °C, amorphous, amor- [36]
700 °C phous, bee + 3
phase
MoNbTaW No heating bee 800 °C for 2 h [37]
No phase change
MoNbTaW No heating bce 1000 °C for 3 [38]
days
No phase change
MoNbTaVW 100 °C bce Annealing in air [39]
bce remains to
500 °C
Thereafter oxida-
tion
MoNbTaVW 100 °C bee Annealing in air [40]
bce remains to
400 °C
Thereafter oxida-
tion
NbTaTiW 20 °C bee 700 °C for 90 min  [41]
No phase change
NbTaTiVZr No heating (170  bcce [7]

°C-280°C)
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