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A B S T R A C T   

Magnetron sputter deposition of metal/carbon nanocomposites has been explored for many metals and a few 
alloys. In this paper, the formation of nanocomposites based on complex high entropy alloys (HEAs) was 
explored, focusing on the effect of the average carbon affinity on the phase formation. Two HEA systems were 
compared: CoCrFeMnNi and Cr26Fe27Ni27Ta20. For each alloy, around 20–50 at% carbon was added through 
combinatorial co-sputtering. Thermodynamic calculations predicted decomposition of these materials into 
multiple alloy phases, metal carbides, and, at higher concentrations, free graphitic carbon. Free carbon was 
found in the coatings at carbon concentrations above 28 and 33 at% for the CoCrFeMnNi and Cr26Fe27Ni27Ta20 
systems, respectively, which agreed with the theoretical predictions. However, the segregation of metallic ele-
ments and the formation of crystalline carbides were suppressed by the rapid quenching during deposition. All 
coatings were, instead, amorphous and consisted of either a single metallic phase or a mixture of a metallic phase 
and sp2- and sp3-hybridized carbon. Mechanical and electrochemical tests were performed, including in-situ 
fragmentation tests to quantify the crack resistance. The presence of free carbon made the coatings softer 
than the corresponding single-phase materials. Under tensile strain, the nanocomposite coatings formed a larger 
number of narrower cracks and exhibited less delamination at high strains.   

1. Introduction 

Magnetron sputtered transition metal (TM)/carbon nanocomposites 
with metallic grains in a free carbon matrix have been widely studied in 
the literature [1–3]. The phase formation of such coatings is strongly 
dependent on the carbide-forming ability of the metals. All metals can 
dissolve a small amount of carbon interstitially. When the carbon solu-
bility is surpassed, the phase evolution follows different paths depending 
on the carbon affinity. Elements with high carbon affinities typically 
form a single metal carbide phase. This is the case for the transition 
metals (TMs) in Group 4 and Group 5 of the periodic system. Their 
carbides have a simple NaCl structure and are thus easily formed during 
sputter deposition [4]. When no more carbon can be added to the car-
bide phase, an amorphous carbon phase (a-C) appears [5,6]. Weak 
carbide-forming metals, such as Fe and Ni, have a different phase evo-
lution. After the initial interstitial solubility, they first form amorphous 

carbon-containing alloys, followed by a mixture of an amorphous 
metal-containing phase and a-C [7,8]. The presence of a-C is found at 
lower carbon contents compared to the stronger carbide formers. Cr is an 
intermediate case; it can form stable carbides (Cr23C6, Cr7C3, and Cr3C2) 
but with more complex structures and lower carbon contents than the 
TMs of Groups 4 and 5. Their complexities make them more difficult to 
achieve during sputter deposition at low temperatures, i.e. when the 
diffusion rate is limited. They are, therefore, more likely to show a phase 
evolution similar to that seen for weak carbide formers [9]. These 
principles have also been applied to binary alloys (i.e. ternary Me-Me-C 
systems). Both the glass-forming ability [10] and the carbon required for 
a-C formation [11] can be tuned by varying the ratio between stronger 
and weaker carbide-forming metals. 

The change from a single phase to a TM/a-C nanocomposite typically 
leads to significant changes in the properties. Crystalline carbides are 
hard but brittle. Some nanocomposites have, on the other hand, been 
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shown to possess a rare combination of high hardness and toughness [5]. 
The high conductivity of the metal carbide combined with the softness of 
the a-C phase can also result in a very low contact resistance [6]. 
Composites with higher a-C content have excellent tribological proper-
ties, as carbon can act as a solid lubricant [12]. Furthermore, since 
carbon is highly inert, the corrosion resistance of TM/a-C coatings can 
also be high [13,14]. This makes these materials ideal for coating 
electrical contacts in corrosive environments, for example, the bipolar 
plates in PEM fuel cells [15]. 

Recently, there has been an interest in adding carbon to high entropy 
alloy (HEA) coatings, which are alloys that contain near-equimolar 
concentrations of many metals [16]. The principles are similar to 
those for binary alloys. However, since HEAs are mixtures of metals that 
can have very different carbon affinities, the risk of metal segregation in 
the material is high. Most studies on HEAs with added carbon have been 
on HEAs with only strong carbide formers, which can form single-phase 
high entropy carbides through sputter deposition. Only very few studies 
exist of HEA/a-C nanocomposites where strong and weak 
carbide-forming elements were mixed [17,18] and no studies exist yet 
on nanocomposites based on HEAs with mostly weak carbide formers. 
The risk in such a system is that the difference in carbon affinity will lead 
to a separation of the metallic elements and the formation of carbide 
particles that cause embrittlement and enhance pitting corrosion. These 
problems were reported when adding carbon to the well-known HEA 
CoCrFeMnNi through bulk techniques [19,20]. However, magnetron 
sputter deposition of the same composition should yield very different 
results. The rapid quenching of atoms from the gas phase to the solid 
phase has been known to suppress the formation of carbides [21] and 
create homogenous materials [22]. A related effect was observed when 
316 L stainless steel (which has a similar ratio of strong and weak car-
bide formers as the CoCrFeMnNi HEA) was deposited by sputtering in an 
acetylene atmosphere [23]. No metal carbides where formed and the 
metallic elements where found homogenously distributed in a metallic 
phase surrounded by a carbon matrix. These composite coatings were 
reported to exhibit superior mechanical, tribological, and corrosion 
resistant properties. Similar microstructures may be possible in HEAs. 

The aim of this paper is to study the deposition of HEA/a-C nano-
composites based on alloys with different average carbon affinities, and 
determine the correlation between carbon content, structure, and 
selected properties. As one model system, we have selected the Cantor 
alloy, CoCrFeMnNi, which consists of weak carbide-forming metals (Co, 
Ni, Fe) and metals with a modest carbide-forming ability (Cr, Mn). In 
addition, we have selected a quaternary alloy CrFeNiTa which contains 
one very strong carbide-forming metal, Ta. The coatings are magnetron 
sputtered using graphite as a carbon source to avoid the influence of 
hydrogen in the carbon phase. They are then analysed with diffraction, 
electron microscopy, and electron spectroscopy. Thermodynamic 
modeling using the CALPHAD method is used to interpret the results. 
Mechanical testing of coatings continues to be a challenging problem in 
the field of materials science. In this work, several methods will be 
combined to obtain a clearer picture of the hardness and deformation 
mechanisms of the coatings, as well as their resistance to cracking at up 
to 16 % strain. For this purpose, two modes of nanoindentation will be 
used. Additionally, fragmentation analysis through tensile testing inside 
a scanning electron microscope will be employed to obtain quantitative 
information regarding the cracking. Finally, the corrosion resistance will 
be evaluated with electrochemical tests. 

2. Experimental 

2.1. Thermodynamic calculations 

The phase equilibria in multicomponent materials systems can be 
predicted using CALPHAD, a method used extensively to describe the 
thermodynamic properties of alloys [24]. The Gibbs free energy of each 
phase is first computed. This thermodynamic information can then be 

used as input for further calculations, such as equilibrium phase dia-
grams. In this work, phase fractions and phase compositions for the 
CoCrFeMnNi(C) and CrFeNiTa(C) systems at equilibrium were deter-
mined by CALPHAD calculations using the Thermo-Calc software 
packages [25] and the CALPHAD thermodynamic database for HEAs, 
version 3, from Thermo-Calc [26] (TCHEA3). The results were used as 
guidance when interpreting the experimental data. 

2.2. Combinatorial magnetron sputtering 

To obtain coatings with different carbon contents, a combinatorial 
magnetron sputter deposition system with four magnetrons was used. 
The magnetrons were placed around the substrate holder at a distance of 
13 cm and an angle of 16◦ from the substrate normal. Two or three 
targets were then used to create coatings with a range of carbon con-
centrations during the same deposition, thus making it easier to study 
the trends in phase formation relating to the carbon content. The 
gradient coatings of the CoCrFeMnNi(C) system were deposited using a 
graphite target from Kurt J Lesker (99.999 % pure, 76 mm diameter) and 
an equimolar, spark plasma sintered CoCrFeMnNi target (76 mm 
diameter) from Plansee Composite Materials, Germany. The gradient 
samples of the CrFeNiTa(C) system were deposited with the same 
graphite target, a Ta target from Kurt J Lesker (99.95 % pure, 51 mm 
diameter), and a spark plasma sintered CrFeNi target (76 mm diameter) 
from Plansee Composite Materials, Germany. The working gas, Ar, was 
supplied with a flow of 30 sccm and the working pressure was 0.4 Pa. 
The target power of the graphite was set to 185 W for both composite 
alloys, while the powers of the CoCrFeMnNi, CrFeNi, and Ta targets 
were set to 35 W, 50 W, and 8 W, respectively. 

The goal of the deposition was to achieve a large range in carbon 
content over the gradients and a relatively similar thickness. The large 
difference in C content was achieved by focusing the CoCrFeMnNi, Ta, 
and CrFeNi targets on the middle of the substrate holder while tilting the 
graphite target down and away from the focused position by 26◦ de-
grees. The substrate holder was not rotated. This setup resulted in a 
relatively small variation in the deposition rates for the metals and a 
large difference in the deposition rate for C over the different positions 
on the substrate holder. The total deposition rate varied by up to 15 %. 
This resulted in a thickness difference that was deemed acceptable for 
the current study. The average deposition rate was found to be around 8 
nm/min for the CoCrFeMnNi(C) coatings and around 5 nm/min for the 
CrFeNiTa(C) coatings. The deposition times were then chosen to achieve 
approximately 900 nm thick coatings, i.e., 110–180 min. The coatings 
were deposited on oxidized Si wafers, as well as on strips of polyimide 
for the mechanical tests. Prior to deposition, all the substrates were 
cleaned in an ultrasonic bath in acetone for five minutes, followed by the 
same procedure with ethanol, and then dried with N2 gas. Before the 
deposition started, the substrates were cleaned with a − 150 V substrate 
RF bias. A substrate bias of − 100 V was also applied during the depo-
sition to achieve smoother coatings. No heating was applied, which 
resulted in a varying substrate temperature during the depositions due 
to heating from the plasma. The temperatures reached at least 80 ◦C, 
which was approximated with a thermocouple attached to the substrate 
holder (most likely a slight underestimation of the temperature on the 
substrate surfaces). 

2.3. Characterization 

The coating morphology was studied with scanning electron micro-
scopy (SEM). Cross-section electron images were recorded in a Zeiss 
Merlin instrument using the in-lens detector and a field emission gun 
(FEG) operating at 3–5 kV acceleration voltage. Relative concentrations 
of constituent metals were recorded with energy-dispersive X-ray spec-
troscopy (EDS), using an 80 mm2 silicon drift detector in a Zeiss 1530 
instrument with a voltage of 15 kV. This data was analysed with AZtec 
(INCA energy) software. 
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Transmission electron microscope (TEM) analyses were performed at 
200 kV with a Titan Themis instrument from Thermofisher (previously 
FEI), and the EDS was acquired with a SuperX unit from Oxford in-
struments. The TEM lamellae were prepared in plan-view using a 
Crossbeam550 instrument from Zeiss. This non-standard preparation 
required a few modifications of the FIB polishing and was performed 
based on the procedure proposed by Zeiss. The sample was first coated 
with protective carbon and a large rectangle of 15 × 6 µm was lifted out 
at 0◦ tilt, deep enough to include the whole coating. The raw lamella was 
then soldered to the TEM grid lying horizontally (0 ◦) and this latter was 
tilted back to the standard vertical position (+90◦) before starting the 
ion milling. The polishing was finely monitored to obtain the center of 
the coating in the transparent region of the lamella and cleaned using a 
mild ion beam accelerated at 2 kV for each side. The EDS data was 
processed using the Hyperspy python package [27]. 

The time-of-flight elastic recoil detection analysis (ToF-ERDA) 
measurements were carried out at the Tandem Laboratory at Uppsala 
University [28,29]. 44 MeV 127I8+ ions probed the sample at a grazing 
angle of 22.5◦ relative to the sample surface. The ToF-ERDA detector 
was placed at 45◦ relative to the forward beam path. The data was 
analysed using the Potku software. This was used to quantify the lighter 
elements H, N, C, and Ar. 

The chemical environment of carbon was studied using X-ray 
photoelectron spectroscopy (XPS) in a PHI Quantera II 2000 scanning 
XPS microscope with monochromatic Al Kα radiation. The analysis area 
was 100 µm2, and the samples were etched using 200 eV Ar+ ions for 15 
min before measuring, to remove the surface oxides and contamination. 
The C1s peak was deconvoluted through peak fitting in the Igor Pro 
software. The C-Me component was fitted using a single asymmetric 
Doniach-Sunjic peak profile. The remaining components had symmetric 
Voigt peak profiles. A Shirley function was used to fit the background. 

The crystalline phase content of the coatings was assessed by X-ray 
diffraction. θ-2θ scans were performed with Bragg-Brentano geometry in 
a Bruker D8 Advance diffractometer with Cu Kα radiation and a Lynxeye 
XE-T detector. The scans (2θ = 20–100◦) were performed with a step size 
of 0.02◦ and 0.2 s/step. Additionally, GI-XRD measurements were per-
formed in a D8 Discover instrument using a grazing angle of 1◦. The 
primary optics were a Göbel mirror, and a 0.1 mm slit, while the sec-
ondary optics were a parallel plate collimator with 0.4◦ divergence and a 
Lynx-Eye XE detector used in 0D mode. 

2.4. Nanomechanical testing 

The hardness and elastic modulus of the coatings were evaluated by 
nanoindentations with a CSM instrument using a Berkovich diamond 
tip. Indents were made at a loading rate of 2.5 mN/min down to a depth 
of 50 nm, which was < 7 % of the coating thickness for all the tested 
samples (see Table 1). The indentation hardness (H) and reduced 
Young’s modulus (Er) were calculated using the Oliver-Pharr method 
[30]. The deformation was also studied qualitatively by nano-
indentation using a cube corner diamond tip. Indents were made using 

the maximum load of the instrument, which was 50 µN. The cube-corner 
tip was used, instead of the Berkovich tip, to achieve a higher strain for 
the same load, thus increasing the probability of crack formation. These 
indents were studied with SEM imaging in the Zeiss Merlin and Zeiss 
1530 instruments described above, using secondary electron detectors 
and different sample tilts. Both types of indents were made with load 
control and an acquisition rate of 10 Hz. The Berkovich tip was cali-
brated with Al2O3. 

The crack resistance of the samples was studied with in situ frag-
mentation tests [31], using a Hitachi scanning electron microscope 
operating at 15 kV acceleration voltage on a Deben tensile stage. The 
samples were coatings deposited on 4 × 10 mm2 polyimide strips. The 
crack accumulation was studied in situ while the samples were stretched 
using a displacement rate of 0.1 mm/min. Fragmentation diagrams were 
obtained by plotting the crack density, CD, as a function of tensile strain. 

The cracking behavior was then modeled. In the crack accumulation 
process, the density of cracks, CD, as a function of applied tensile strain 
is represented by the cumulative distribution function 

F(σ) ≈ CD(σ)
/

CD∞ = 1 − exp
(

−

(
σ

σ∞

))ρ

(1)  

where CD∞ is the crack density at saturation, σ is the stress in the 
coating, and σ∞ and ρ are the Weibull shape and scale parameters. This 
method has been applied primarily to brittle coatings, for which the 
stress in the coating can be determined by Hooke’s law σ = Eε, where 
E = E/(1 + ν2). However, in a previous work by our group, it was found 
that the C content in these coatings could change the mechanical 
behavior to either ductile or brittle [22]. This change strongly affects the 
cracking process, and, in more ductile coatings, the model based on 
Hooke’s law is not suitable. To account for this brittle-to-ductile tran-
sition, the material model was changed by adding a second term to 
describe the plastic behavior of the coating. The stress is then 

σ =

⎧
⎨

⎩

Eε, ε ≤ εY

σY +
EH

E + H
(ε − εY), ε > εY

(2)  

where σY is the yield stress, H is the hardening modulus and the strain at 
onset yielding is εY = σY/E. The fracture strain in the coating can be 
estimated by inserting the Weibull fracture strength σ∞ in Eq. (2) 
which yields 

εf =
σ∞ − σY

EH
E+H

+ εY (3) 

The model is phenomenological and describes the plasticity behavior 
of the coatings as linear. Here, the main objective is to include the 
ductile behavior in the fragmentation diagrams and estimate material 
properties by curve fitting. The two models, with and without ac-
counting for plasticity, are compared in SI Fig. 1 and their goodness of fit 
is presented in SI Table 1. It is clear that the additional term is required 
to fit the behavior of the more ductile coatings. Assessing material 

Table 1 
Approximate atomic concentrations at the positions selected for analysis. C, O, and Ar were quantified using ToF-ERDA while the relative concentrations of Cr, Mn, Fe, 
Co, Ni, and Ta were measured with EDS in SEM. The sample IDs denote the elements additional to Cr, Fe, and Ni, while LC, MC, and HC are used for low, middle, and 
high concentrations of carbon. The ordinary thickness values are valid for the samples used for mechanical tests. Some characterization and corrosion tests were 
performed on samples deposited to a lower thickness on oxidized Si substrates. This value is noted within brackets.  

Sample ID Relative metal content (at%) Conc. (at%) Thickness 

Cr Mn Fe Co Ni Ta C O Ar (nm) 

Mn/Co LC 20 19 21 20 20 – 25 1 < 1 950 
Mn/Co MC 19 22 21 19 19 – 33 1 1 960 
Mn/Co HC 19 22 21 19 19 – 49 1 2 900 
Ta LC 28 – 28 – 25 19 22 < 1 < 1 900 (640) 
Ta MC 25 – 27 – 25 23 33 < 1 < 1 810 (580) 
Ta HC 25 – 28 – 27 20 44 1 1 770 (550)  
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properties in the plastic region of thin coatings is not a trivial task. Here 
it is shown that these properties can be studied via fragmentation tests 
using this simple model. 

2.5. Electrochemical analysis 

The electrochemical experiments were performed using a three- 
electrode electrochemical cell connected to an Autolab potentiostat. A 
0.05 M H2SO4 aqueous solution served as the electrolyte and the sam-
ples were used as working electrodes. The reference electrode was an 
Ag/AgCl (3 M NaCl) reference electrode (RE), while a Pt wire functioned 
as the counter electrode (CE). All measurements were performed at 
room temperature. First, the samples were kept in the electrolyte solu-
tion for 45 min under open circuit potential (OCP) conditions, Next, 
three consecutive polarization curves were recorded. The first time, the 
potential was swept from − 0.7 to + 0.7 V vs. Ag/AgCl, while the second 
and third scans started at 0 V and ended at + 0.7 V vs Ag/AgCl. Between 
the scans and at the end of the experiment, the OCP was recorded for five 
minutes. 

3. Results and discussion 

3.1. Phase formation predictions through thermodynamic calculations 

Thermodynamic calculations with the CALPHAD method were used 
to predict the phase constitution of the synthesized samples. The metal 
compositions used for the calculations were Co20Cr20Fe20Mn20Ni20 and 
Cr26Fe27Ni27Ta20, which are close to the concentrations obtained with 
EDS (see Table 1). The results are shown in Fig. 1(a) and (b), which 
display the phase fractions at equilibrium at 500 ◦C and for carbon 
concentrations from 0 to 50 at%. Since the synthesis with magnetron 
sputtering takes place close to room temperature, a low temperature was 
chosen for the calculations. However, at low temperatures, there are less 
thermodynamic data available. 500 ◦C was therefore considered to be 
the lowest temperature for which reliable predictions could be obtained. 
To make the graphs clearer, all the alloy phases (solid solutions and 
intermetallics) and all the Cr-rich carbides were grouped together and 
only the sums of their fractions are displayed. The alloy phases included 
fcc, bcc, and a σ phase in both materials systems, and C14 Laves and 
Ni3Ta phases in the CrFeNiTa(C) system. The Cr-rich carbides included 
M23C6, M7C3, and M3C2, which contained a smaller amount of the 
remaining elements. The fraction of the Ta-rich carbide, TaC, is dis-
played separately. 

Both systems were predicted to segregate into multiple phases at all 
temperatures and all carbon concentrations within the chosen range. At 
500 ◦C, there was no solubility of carbon in the alloy phases, so any 
addition of carbon is expected to result in the formation of metal carbide 
phases. The graphite phase, which is of particular interest for this study, 
was formed above a certain carbon content which was different in the 
two materials systems. The minimum concentration of C for graphite 
formation was 25 at% in the CoCrFeMnNi system and 33 at% in the 
CrFeNiTa system. This difference is expected since the CrFeNiTa alloy 
has a higher average carbon affinity. 

To assess the validity of the thermodynamic calculations, the amount 
and quality of available data are key factors. The TCHEA3 database 
[26], which was used for these calculations, includes a full assessment of 
all the possible binary subsystems in the two material systems. For the 
CoCrFeMnNiC system, eleven out of the twenty ternary subsystems have 
been fully assessed, including six metal-carbon ternaries. The remaining 
systems have only been tentatively assessed. For the CrFeNiTa system, 
the fraction of fully assessed ternaries is slightly lower, four out of the 
ten possible systems have been fully assessed, while the remaining have 
been tentatively assessed. Furthermore, the CALPHAD calculations of 
the CoCrFeMnNi have been validated through experiments with good 
agreement; multiple times for the alloy [32], and at least once with 
added carbon [22]. The CrFeNiTa system has, to our knowledge, not 
been systematically studied as a bulk material, with or without carbon. 

Based on these results, some predictions can be made regarding the 
synthesis of these materials. It is clear that, if synthesized through 
traditional bulk methods at high temperatures, they would not possess 
the desired properties. Several embrittling carbide phases would be 
formed. The fcc and bcc alloy phases would be depleted of Cr and Ta, 
which are the two elements that can form a passive layer to slow down 
corrosion [33]. This means that parts of the material would be left un-
protected and selective etching would occur. Even if full segregation 
could be avoided, the formation of precipitates would increase the risk 
of pitting corrosion, as in stainless steel [34]. This was observed for 
CoCrFeMnNi when carbon was added beyond the solubility limit [19]. 

However, in this work, the aim is to design a metastable coating 
material by intentionally suppressing the formation of the equilibrium 
phases. To successfully form a nanocomposite material like the one re-
ported in Ref. [23], the separation of metals into multiple alloy and 
carbide phases must be suppressed, while the carbon must be allowed to 
segregate. 

Based on the CALPHAD results, the suppression of the separation of 
metals could be easier in CoCrFeMnNi, since Ta forms binary 

Fig. 1. Phases at equilibrium calculated using the CALPHAD method of the alloys (a) Co20Cr20Fe20Mn20Ni20 and (b) Cr26Fe27Ni27Ta20 with a varying C content, 
displayed for carbon contents between 0 and 50 at% and at 500 ◦C. 
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intermetallic phases with Fe and Ni that have very large negative for-
mation enthalpies [35], including the Ni3Ta phase. This increases the 
driving force to segregate. The highly stable Ta carbide with its simple 
unit cell should also be easier to form than the more complex Cr-rich 
carbides in the CoCrFeMnNi(C) system. The CALPHAD results also 
indicate that a free carbon phase forms at lower carbon contents in 
CoCrFeMnNi. Based on these results, the desired composite materials 
should be easier to achieve in the CoCrFeMnNi(C) system. 

3.2. Composition, structure, and morphology 

The first characterization to be performed was measurements of the 
C1s core levels with XPS. The analysis was performed along a line on the 
wafer where the carbon content varied while the ratio between the 
metallic elements was nearly unchanged. The results are displayed in  
Fig. 2. The target powers for each gradient were chosen so that C1s had 
only one contributing peak on one side of the wafer, but multiple con-
tributions on the other side. As explained below, the first peak is 
attributed to carbidic carbon (C in a metal-rich environment), whereas 
the additional peaks are attributed to free carbon (C in a C-rich envi-
ronment). The samples are thus compositional gradients that represent 
the range in carbon content where the free carbon first appears. All the 
coatings were found to be amorphous in XRD (SI Fig. 2), which will be 
confirmed later using diffraction in TEM. This indicates that the crys-
tallization was suppressed for all the equilibrium phases. It also shows 
that the free carbon component observed with XPS is amorphous carbon. 

The gradient based on the CoCrFeMnNi alloys will henceforth be 
named the Mn/Co series, while the gradient based on the CrFeNiTa alloy 

will be named the Ta series. Three positions on each of the gradients 
were selected for in-depth analysis, named low carbon (LC), high carbon 
(HC), and medium carbon (MC). HC was the position closest and furthest 
away from the graphite target, respectively. MC was chosen from the 
middle of the gradient, close to where the free carbon signal was first 
emerging in the XPS spectra. A full quantification of the composition 
was only performed on these spots (six in total). Two techniques were 
combined: EDS to calculate the relative metal concentrations and ToF- 
ERDA to measure the contents of the lighter elements H, C, O, and Ar. 
ToF-ERDA could not be used to quantify the metals due to the peak 
overlaps of heavier elements. The full quantification is found in Table 1. 
Despite the use of equimolar targets of CrFeNi and CoCrFeMnNi, the 
composition of these metals varied slightly over the surface of the 
gradient. The carbon content was found to be between 25 and 49 at% for 
the Mn/Co series and between 22 and 44 at% for the Ta series. The 
oxygen contamination was 1 at% or lower for all the samples. A signal 
from Ar was also detected, and this was higher for the HC samples. The 
Ar was most likely incorporated during the deposition process, and this 
was enhanced by the use of a substrate bias which increases the energy 
of the Ar+ ions in the plasma, thus allowing them to penetrate deeper 
into the material. No H was detected in the coatings. 

The C1s peaks in Fig. 2 were deconvoluted to quantify the contri-
butions from metallic and free carbon, respectively. An example of the 
fitted peaks of the HC samples is displayed in Fig. 2(a) and (b). The C-C 
component was found to consist of two contributing peaks, which had 
binding energies in the range for carbon in sp2 (284.1 eV) and sp3 

(285.0 eV), respectively [36]. A weak contribution was also found at 
higher binding energies (286.4 eV), which was attributed to carbon in a 

Fig. 2. C1s core level spectra measured at different points on the combinatorial samples of (a) the Mn/Co system and (b) the Ta system including an example of the 
peak fitting of this region. (c) shows the experimentally determined fraction of carbon in a C-C environment while (d) displays the fraction of carbon found in the 
graphite phase calculated with the CALPHAD model at 500 ◦C for different carbon contents. 
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C-O environment due to the small O contamination [37]. The sp3 

component was around 20 % of the total C-C contribution, similar to 
values reported for amorphous magnetron sputtered a-C coatings [38, 
39]. A supplementary Raman analysis was performed on the two HC 
samples, which confirmed that there was amorphous carbon with pre-
dominantly sp2 bonding (SI Fig. 3). 

From the fitted peak areas, the total fraction of carbon in a C-C 
environment (sp2 and sp3) was calculated. The area of the C-O peak was 
excluded from this calculation. The results, presented in Fig. 2(c), show 
that the amount of free carbon increased linearly with the carbon con-
tent. The slope was close to unity in the linear part of the curves. This 
indicates that, once graphite started to form, all the additional carbon 
was incorporated into the free carbon phase. For the same carbon con-
centration, there was more free carbon in the Mn/Co series than in the 
Ta series. This coincides with the prediction from CALPHAD, which 
showed that the formation of a graphite phase required a higher carbon 
content in the CrFeNiTa system. At the lowest carbon contents, the 
calculated fraction of carbon was 0.1 for both sample series. In Ref. [23] 
the fraction of C-C in 316 L stainless steel with added carbon was 
calculated from XPS data and it was found that the value plateaued 
below 30 at% carbon at a value of around 0.1. It was also found that, 
below this concentration, the materials did not display the typical 
properties of the carbon composite. This indicates that the small fraction 
of C-C found at low carbon concentrations was not due to the formation 
of a free carbon phase. It could rather be related to contamination from 
the ambient atmosphere that cannot be fully removed by the Ar+

etching. 
To further explore the connection between the deposited samples 

and the predicted equilibrium phases, the fraction of carbon found in 
graphite at 500 ◦C was extracted from the calculated equilibria in Sec-
tion 3.1 and presented in Fig. 2(d). The curves look similar to the 
experimentally determined fractions in Fig. 2(c). The fraction increases 
linearly with added carbon and is consistently higher for the Mn/Co 
alloy system. If the assumption is made that some of the C-C signal 
comes from contamination and the experimental curves are shifted 
down by 0.1, they overlap with the calculated curves. This shows how 
thermodynamic calculation can be useful for understanding and pre-
dicting the phase formation in amorphous coatings, even though they 
are non-equilibrium materials. 

The peak fitting also revealed chemical shifts in the C-Me peak. For 
the CoCrFeMnNi series, the C-Me peak was found at the same binding 
energy, 283.23 eV, regardless of the carbon content. In the Ta series, the 
binding energy was around 282.9 eV for all the samples. C1s in TaC is 
reported to have a slightly lower binding energy than Cr7C3 and carbides 
with Fe and Mn [40,41], although the literature values feature a broad 
range, as explained in ref [40]. The shift could therefore be explained by 
the added Ta in the C-Me environment. 

The SEM micrographs in Fig. 3 show the tilted cross-sections of the 
samples. For both series, the surface of the LC composition was 
completely smooth and featureless. The fracture surface, however, dis-
played a vein pattern. This is typically formed from the movement of 
shear bands, which is a deformation mechanism in amorphous materials 
[42] and is not a sign of pre-existing structures in the material. For the 
MC and HC samples, the surfaces of the coatings were not smooth but 
displayed some granular features. In their fracture surfaces, no vein 
patterns were seen. The Ta MC sample displayed, instead, a faint gran-
ular pattern. The remaining samples had a clearly granular micro-
structure which also appeared to be columnar for the Ta HC sample. The 
more granular morphology can be explained by the formation of a 
two-phase material when free carbon begins to form. 

All the coatings had small nodular defects, which were most likely 
created due to flakes from the targets contaminating the surface in the 
sputter-down geometry of the deposition chamber. There were around 
100 defects/mm2 and they varied in size from 10 nm to several micro-
meters in diameter. They were not more prevalent in any of the com-
positions. These defects will be revisited in Section 3.3.2., where the 

crack resistance of the coatings is analysed. 
TEM studies were performed on plane-view lamella of three selected 

samples, Mn/Co HC, Ta HC, and Ta MC. The purpose was to observe the 
distribution of free carbon in the HC samples. Ta MC was included to 
study the materials with very low fractions of free carbon. With SAED, it 
was confirmed that the samples were amorphous since no spots or sharp 
rings could be seen, only diffuse halos. The STEM image of the Ta MC 
coating in Fig. 4(a) showed no fine structure, it had the appearance of a 
single-phase material. The EDS analysis showed a random distribution 
of the elements without any indication of segregation. In contrast, the Ta 
HC coating exhibited a two-phase microstructure with darker grains 
surrounded by a thin and web-like matrix phase (Fig. 4b). This picture 
agrees with the XPS analysis in Fig. 2(b). The EDS analysis confirmed 
that the light region is the carbon-rich amorphous phase detected with 
XPS. The a-C phase was clearly depleted in Fe, Cr, and Ni, while the Ta 
was more evenly distributed. The STEM image for the Mn/Co HC coating 
in Fig. 4(c) shows a significant amount of the lighter carbon-rich phase 
surrounding the darker metal-rich grains. The thickness of the a-C phase 
was larger than in the Ta HC sample and the size of the metal-rich grains 
was smaller. The EDS confirms a high carbon content in the matrix phase 
and an enrichment of Cr, Co, Fe, and Ni in the grains. The Mn was more 
evenly distributed between both phases (Fig. 4f). 

Comparing the present results to those for the 316 L/a-C coatings 
studied in Ref. [23], there are some clear differences. In both cases, the 
phase composition changed from single-phase amorphous coatings to 
amorphous nanocomposite coatings with increased carbon content. 
However, the microstructure in the 316 L/a-C coating in Ref. [23] was 
organized into long, cylindrical grains of the metallic phase with uni-
form size and an even layer of a-C between them. The TEM studies in the 
present study showed a much more randomly organized material, with a 
larger distribution of grain sizes and varying thickness of the a-C phase. 
The lack of such a structure in the present study could be due to the 
lower deposition temperature limiting the diffusion rate or the fact that 
a graphite target was used as the carbon source instead of acetylene. 

Fig. 3. Tilted SEM cross-section micrographs of the coatings used in the study, 
recorded with the in-lens detector by tilting the fracture surfaces 10◦ relative to 
the electron beam. 
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3.3. Mechanical properties 

3.3.1. Hardness, elastic modulus, and local deformation 
The mechanical properties of the samples were assessed using mul-

tiple methods. First, nanoindentation was performed with a Berkovich 
tip. The Oliver-Pharr method was used to calculate the indentation 
hardness and the elastic modulus of the coatings, presented in Table 2. 
For both sample series, the hardness and the elastic modulus were higher 
for the LC samples. The hardness of Ta LC (13.3 GPa) was also signifi-
cantly higher than for Mn/Co LC (11.5 GPa), while the elastic modulus 
was not significantly different. The lower hardness for increasing carbon 
content can be attributed to the presence of the a-C phase, which is 
softer. For the Ta series, the LC and MC samples had the same hardness 
and elastic modulus, while the Mn/Co had a significantly lower hardness 

at MC. This is most easily explained by the fact that the free carbon 
contribution was lower at the Ta MC position, only 5 % higher than the 
baseline C-C fraction (0.1), compared to 18 % higher for the Mn/Co MC. 

The mechanical properties of nanocomposites depend, among other 
factors, on the volume fractions and shapes of different phases. The 
elastic modulus of a composite can be modeled using the Halpin-Tsai 
equation [43]: 

Ec = Em(1+ 2sqVp)
/
(1 − qVp) (4)  

where q = (Ep/Em − 1)/(Ep/Em + 2s), Ep and Em are the elastic moduli of 
the particles and the matrix, respectively, Vp is the volume fraction of the 
particles and s is the aspect ratio of the particles. This entails that, if the 
moduli of each phase are known, the volume fractions can be estimated. 
Here, we will estimate the volume fraction of carbon in the two HC 

Fig. 4. TEM studies of three selected compositions: Ta MC, Ta HC, and Mn/Co HC including STEM and HRTEM micrographs, SAED patterns displaying the diffuse 
rings, and EDS maps showing the elemental distribution. 

Table 2 
Summary of properties of the samples calculated using data from different techniques. The fraction of carbon in the a-C phase was calculated from XPS results, the 
indentation hardness (HIT) and reduced Young’s modulus (Er) from nanoindentation, and the yield stress (σy), hardness modulus (H), fracture strain (εf), Weibull scale 
parameter (σ∞), and Weibull shape parameter (ρ) were calculated from fragmentation test data.  

Sample ID XPS Nanoindentation Fragmentation tests 

Free carbon fraction HIT (GPa) Er (GPa) σY (GPa) H (GPa) εf (%) σ∞ (GPa) ρ (dimensionless) 

Mn/Co LC 0.11 11.5 ± 0.2 171 ± 2 2.4 38 5.5 3.0 2.0 
Mn/Co MC 0.29 10.4 ± 0.2 168 ± 4 1.5 30 4.3 2.8 1.7 
Mn/Co HC 0.65 8.7 ± 0.2 136 ± 2 1.3 20 4.2 2.1 2.4 
Ta LC 0.12 13.3 ± 0.2 170 ± 2 4.3 53 4.3 4.0 1.8 
Ta MC 0.17 13.2 ± 0.2 171 ± 2 2.5 53 3.7 3.3 1.5 
Ta HC 0.39 11.5 ± 0.2 139 ± 2 1.6 53 3.8 3.2 1.5  
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samples using some key assumptions and compare the results to the 
fractions extracted from STEM images (Fig. 4). The purpose is to 
investigate the deviation between the two methods, which will most 
likely be due to a faulty assumption about the grain shape (i.e. aspect 
ratio). 

The elastic modulus Ep was assumed to be the modulus for the LC 
sample. The mechanical properties of magnetron sputtered amorphous 
carbon depends strongly on the fraction between sp2 and sp3 bonds [44]. 
Therefore, the elastic modulus of the surrounding a-C matrix, Em, was 
taken as the literature value (80 GPa) for a magnetron sputtered coating 
with a similar sp2/sp3 ratio [39]. The aspect ratio was assumed to be 
unity since the shape of the grains was unknown. The carbon volume 
fractions for Mn/Co HC and Ta HC were thus calculated to 31 % and 28 
%, respectively. 

The volume fractions were then estimated from STEM (Fig. 4) using 
the area fractions of each phase. The estimated values were around 
around 30 % for Mn/Co and 16 % for Ta HC. The value for Mn/Co was 
more difficult to extract, and, therefore, less certain. This was because 
the contrast difference between the metallic phase and the a-C phase was 
not as clear. This indicates that multiple grains of the metallic and a-C 
phase were superimposed in the lamella, which points to a less columnar 
morphology with more rounded grains. This is supported by the cross- 
section SEM images in Fig. 3; the morphology is more clearly 
columnar for the Ta HC coating and less so for Mn/Co HC. 

From this analysis, we can conclude that the two methods for esti-
mating the volume fraction yielded more similar results for the Mn/Co 
HC sample, and that the value appears to be overestimated using the 
Halpin-Tsai equation for the Ta HC sample. Considering the more 
columnar morphology of this sample, the larger discrepancy is easiest 
explained by the aspect ratio. Another source of error for both samples is 
faulty assumptions on the elastic moduli. This includes size effects, since 
there may be a difference between the moduli of micron scale coatings 
and the nanoscale particles in the samples. 

Fig. 5 shows SEM images of the indents obtained with a cube-corner 
tip pressed to the maximum load of the instrument, 50 µN, reaching 
depths close to the thickness of the coatings. The indents of both LC 
samples display the typical morphology of amorphous alloys. They 

cannot deform through slip planes since they lack long-range order, so 
they deform in a discontinuous manner through the activation of shear 
bands [42]. No cracks were visible, but the indents were surrounded by 
pileups with jagged edges, typically associated with the formation of 
shear bands. In a previous publication, indents were made on samples 
with only 6 at% carbon and they displayed the same morphology as seen 
for the Co/Mn LC sample [22], indicating that the amorphous coating 
with much less carbon deformed through the same mechanism. The 
bands were slightly different in the two materials. On the Ta LC sample, 
the pileup consisted of a few shallow and rounded bands. On the Co/Mn 
LC sample, there was a larger number of bands, and they were jagged 
and appeared to be more raised from the surface of the coating. The MC 
sample had a fine-grained two-phase structure, as seen in SEM and TEM. 
However, the morphologies of the indents showed evidence of the same 
uneven deformation that is associated with shear bands. This indicates 
that it is still deformed similar to a single-phase amorphous alloy. 
Co/Mn MC was the only sample where radial cracks were observed 
around the indents, which is evidence of a lower crack resistance. 
Finally, the indents on the two HC samples were similar to each other 
and had very different morphologies for the MC and LC samples. They 
were crack-free and almost completely free from pileups. The smaller 
pileups indicate a decreased resistance to plastic deformation. 

3.3.2. Fragmentation analysis: fractography, fragmentation diagrams, and 
mechanical properties 

The cube corner nanoindentation provided qualitative information 
on the deformation mechanisms of the different coatings. However, 
since the strains were not enough to induce cracking in these relatively 
ductile materials, a comparison of the crack resistance could not be 
made. To obtain more quantitative information, fragmentation tests 
were performed. Fig. 6(a) to (f) show representative micrographs of the 
coatings at two strains during the tensile testing; 1 % and 16 % (shortly 
before substrate failure). The LC samples formed fewer but broader 
cracks, while the HC samples formed many thin cracks. For the Ta LC 
coatings, buckling was also observed at high strains. The cracks were, in 
most cases, associated with a defect in the coatings. Some cracks were 
formed at nodular defects, which are a type of imperfection caused by 

Fig. 5. Micrographs recorded with a secondary electron detector on indents performed with a cube corner tip to a load of 50 µN. Recorded by tilting the sample 
surface normal 59◦ relative to the electron beam. 
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particles contaminating the surface during the deposition. An example 
of such a defect is seen in Fig. 6(h) and (i). Other defects were formed at 
small imperfections in the substrate. Many of the cracks emerged from 
the edges of the polyimide substrate, which was rough and slightly 
uneven, leading to the formation of an uneven coating as shown in Fig. 6 
(g). At higher strains, the MC and HC coatings also formed cracks that 
were not associated with defects. These were instead branching out from 
pre-existing cracks. Cracks are expected to initiate at the weakest point 
in a material, and this observation does not mean that the crack density 
is necessarily determined by the defect density. As mentioned in Section 
3.2, no differences were found regarding the density of nodular defects 
on the surfaces of the different samples. It appears that the inherent 

mechanical properties of the coatings are more important and that even 
the weakest points are stronger in the LC coatings than in the HC 
coatings. 

Fig. 7 shows the crack density as a function of the tensile strain for 
the six sample compositions. The crack density increased with the car-
bon content. In the Ta series, the MC and HC positions had very different 
crack densities, while Mn/Co MC and Mn/Co HC behaved more simi-
larly. The shapes of the curves were different for the samples with and 
without free carbon. The LC samples, which had no free carbon, reached 
crack saturation at around 5 % strain. After this point, no more cracks 
were formed, but the existing cracks opened wider to accommodate the 
strain. The remaining coatings did not reach crack saturation during the 

Fig. 6. SEM micrographs of the samples (a) – (f) display the top view images of the samples on polyimide substrates, during the tensile tests at two different strains. 
(g) and (h) display the first crack formed on two of the samples, to exemplify how the cracks emanate from defects, either from the deposition (nodular defects) or 
from imperfections in the substrate, which were most prominent on the cut edge of the polyimide strip. (i) is a tilted cross-section image of one coating where a 
nodular defect could be seen in cross-section. 

Fig. 7. Fragmentation diagrams displaying the crack density as a function of the tensile strain. The three colours represent the three C-contents. The markers are the 
experimental data from three fragmentations tests, averaged over three spots on the surface of each sample. The solid lines are the fitted elastic/plastic models. 
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experiment. 
Fitting of the fragmentation data was performed using the equations 

described in the method section. In a previous publication, where only 
the amorphous regime was considered, the data could be fitted satis-
factorily using only a linear elastic model based on Hooke’s law. How-
ever, in the present case, this model did not fit the fragmentation data of 
the MC and HC samples. It was hypothesized that these softer and more 
ductile coatings go through plastic deformation during the tensile tests. 
When the plastic deformation was considered in the model, the data 
could be fitted satisfactorily. A comparison between the two models, 
with respective R2, values can be found in the supporting information (SI 
Fig. 1 and SI Table 1). It showed that the linear elastic model was a 
satisfactory fit only for the hardest coating Ta LC, while the elastic/ 
plastic model fitted the data of all samples with an R2 of at least 0.87. 

Through the fitting of Eq. (1), the strength of the coating, σy could be 
extracted. Similarly to the indentation hardness, the highest strength 
was found for Ta LC. However, the Ta MC samples, which were found to 
have almost the same hardness as the Ta LC samples, had a lower 
strength in the tensile tests. This indicates that the resistance to defor-
mation depends strongly on the mode of stress. Both the strength and the 
estimated Weibull fracture strain, εf, decreased with carbon addition for 
both sample series. 

It can be concluded from the analysis above that the increase in both 
hardness and toughness that was reported for the CrFeNi/a-C:H coatings 
in ref [23] could not be seen for the present samples. This could be 
because the unique mechanical properties of the CrFeNi/a-C:H coatings 
were due to the organized nanotubular structure. In the present study, 
the nanocomposite was not organized in the same manner. The lack of 
order may be due to the lower deposition temperature, which leads to a 
limited diffusion rate. It could therefore be possible to achieve similar 
results as for the CrFeNi/a-C:H coatings by tuning the deposition pa-
rameters. However, there are applications where a softer material is 
preferable, for example, to decrease the contact resistance under load. 

It is clear that the single-phase materials had a higher resistance to 
the formation of cracks than the composite coatings. Again, this does not 
mean that they would be preferable in an application with large tensile 
strains. The resistance to cracks led to an early crack saturation, and at 
high strains, this resulted in an increased widening of the cracks and 
buckling, which led to delamination. The stronger single-phase coatings 
may be more beneficial at low strains, where the number of cracks can 
be limited, while the softer materials may be more beneficial at higher 
strains where they can continue to form microcracks that dissipate the 
stress on the coating. To answer this question, tests would be required 
that are more similar to the intended application. 

3.4. Corrosion testing 

The corrosion tests were performed in 0.05 M H2SO4. After 45 min 
under open circuit potential (OCP) conditions, the samples were polar-
ized with linear sweep voltammetry (LSV) from − 0.7 to 0.7 V vs. Ag/ 

AgCl (3 M NaCl). The polarisation was then performed another two 
times in a shorter potential range: from 0 to 0.7 V. The upper and lower 
limits of the LSV experiments were chosen to approximate the condi-
tions at the cathode and anode of the bipolar plate in a PEM fuel cell 
[45]. Between each scan and at the end of the experiment, the cell was 
kept at the OCP for five minutes to move closer to the steady state of the 
system. The corrosion tests were performed on the LC and HC samples of 
both sample series. 

The curves from the three repeated scans on the Mn/Co series and 
the Ta series are displayed in Fig. 8(a) and (b), respectively. For all the 
samples, the curves for the second and third scans were overlapping and 
had a higher Ecorr, lower jcorr, and lower currents in the passive region 
compared to the first scan. This can be explained by the formation of a 
stable passive layer during the first scan. In the first scan, the LC samples 
had a lower Ecorr than the HC samples. In the second and third scans, the 
curves for Mn/Co LC and HC overlapped. The curves for Ta LC and HC 
did not overlap, but they moved closer to each other. 

To understand the effect of carbon addition, it is necessary to un-
derstand its role during corrosion. In a previous study by our group, 
amorphous CoCrFeMnNi samples with 0, 6 and 11 at% carbon were 
studied, and the carbon was found to improve the corrosion resistance. 
Through surface characterization, it was concluded that the carbon was 
not present at the surface of the samples when they were passivated. The 
presence of carbon, however, appeared to give rise to a change in the 
bulk material that suppressed the oxidation reactions [46]. This should 
also be true for the Mn/Co LC sample in the present study. However, the 
presence of segregated carbon, as in the HC samples, means that there 
must be carbon in direct contact with the electrolyte. The corrosion of 
graphite has been studied previously in acidic environments. The 
oxidation of carbon to form CO2 is thermodynamically favorable above 
0 V (vs. Ag/AgCl) [33], but this reaction occurs only at high over-
potentials. During the corrosion of graphite, oxidized surface groups can 
form on carbon above 0.3 V [47]. This can be regarded as a kind of 
passivation since it suppresses further oxidation of the carbon at the 
surface. In a study by Högström et al. [14], Cr-C coatings with different 
contents were studied using LSV measurements. The samples with 
higher carbon contents had free carbon and they displayed increasing 
Ecorr values for higher carbon contents. However, they also had higher 
currents in the passive region. The authors proposed that the currents 
were not a sign of breakdown, since the carbon surface was being 
passivated with oxygen-containing groups. In the present study, this 
effect was not observed. The currents in the HC samples were found to be 
similar to or lower than those for the LC samples already after the first 
scan. 

4. Conclusions 

Combinatorial sputtering was used to prepare coatings in the CoCr-
FeMnNiC and CrFeNiTaC systems with a gradient in the carbon content 
over the surface. Selected positions on the gradient were characterized 

Fig. 8. Polarization curves from three repeated potentiodynamic polarization scans of the samples in 0.05 H2SO4 using a scan rate of 1 mV/s.  
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and assessed with regard to the mechanical properties and corrosion 
resistance. The main conclusions are:  

• CALPHAD calculations predicted the formation of a phase mixture 
with alloys and carbide phases. Graphite was predicted to form from 
around 25 at% C in CoCrFeMnNi and around 33 at% C in CrFeNiTa.  

• Through magnetron sputtering, amorphous materials were formed, 
and free carbon (sp2 and sp3-bonded) was observed for carbon con-
tents close to the predicted minimum concentrations for graphite 
formation. The crystallization and formation of multiple metallic and 
carbidic phases were suppressed for both material systems.  

• The mechanical properties of the materials were highly dependent 
on the amount of free carbon. The hardest coating in the study was 
the CrFeNiTa alloy with 22 at% C. The samples with high amounts of 
free carbon were both considerably softer and were similar regarding 
both hardness and elastic modulus for the two alloy systems.  

• Coating fragmentation in tensile tests was used to quantify the crack 
resistance. The coatings with no free carbon were stronger and 
formed a lower number of cracks during the tests. After around 5 % 
strain, the crack density reached a plateau, and the existing cracks 
became wider. The samples with high amounts of free carbon did not 
reach crack saturation but continued to form cracks throughout the 
whole experiment, up to a strain of 16 %. The cracks in these samples 
were thinner and more closely spaced, and the delamination was less 
severe.  

• The corrosion resistance was generally higher for the samples with 
free carbon than for the samples with a single amorphous phase. The 
sample with the highest corrosion resistance was CrFeNiTa with 
44 at% C. 
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